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1. Introduction

Adoption of new materials and materials processing methods has been a

major driving force in the development of civilization. This is illustrated

by the fact that our history is divided into periods named after the mate-

rials that are technologically available: stone age, bronze age, iron age,

et cetera. Each successive material made it possible to build more robust

tools and structures that enabled other technological advances. The in-

dustrial revolution was made possible by new ways to manufacture steel

at large scale. Advances in metallurgy allowed optimizing steel for spe-

cific uses by adjusting the compromise between hardness and toughness.

More recently, plastics emerged as a group of easily moldable, insulating

multipurpose materials for uses that do not require a large load carrying

capacity, stiffness or temperature tolerance.

For a while it seemed like metals would be the ultimate materials for

structural frames: automobiles, ships, airplanes, bicycles, high-rise build-

ings, tools. . . Metals, in particular steel and aluminum alloys, have a

number of advantages. They can be molten or softened by heating to

work into desired form, they are dense and therefore stiff, they can be both

strong and tough, and their properties can be tuned with their composition.

However, despite their success, metals are not ideal in every respect. One

of their weaknesses is their suboptimal specific stiffness, elastic modulus

divided by density. This is crucial because a primary purpose of structural

materials is to provide rigidity. Although metals are very stiff compared

to e.g. plastics, they are not as stiff as their high density might lead to

expect. Steel has a high elastic modulus of approximately 200 GPa, but the

modulus of aluminum oxide, a popular engineering ceramic, is 300 GPa

at a density of less than a half of that of steel. Diamond has a modulus in

excess of 1000 GPa, and has a slightly lower density than aluminum oxide.

The bonds between metal atoms are relatively weak compared the covalent
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bonds in ceramics—for this reason, metals cannot be stiffer than they

are, although at the same time, the relative weakness of the bonds makes

metals tough by allowing their crystal dislocations to move easily. Another,

and perhaps decisive, disadvantage of metals is that they are resource

intensive, as their production involves mining and high temperatures,

leaving a large environmental footprint. For these reasons, the quest for

new materials for structural support is still ongoing.

Each material has its strengths and weaknesses. Therefore, it is often

beneficial to combine different materials in a composite in an attempt to

exploit the best properties of each component material. Often, composites

of two materials have a clear division of labor between a stiff reinforcing

phase that can carry large loads, and a matrix that acts as glue that trans-

mits loads between the reinforcements by shear stresses. A particularly

successful type of engineering composite is fiber reinforced polymer, where

strong and stiff fibers are laid in parallel and glued together with poly-

mer [1]. The best available fibers, such as carbon fiber, have stiffness and

strength much beyond steel, at a low density. The fibers themselves, as

one-dimensional materials, could not be of much use, but laying them into

mats and filling the spaces with polymer resin leads to a high-performing

material. Due to the high specific stiffness of fiber composites, they have

started to displace metals (aluminum in particular) in many uses like air-

planes, racing cars and bicycle frames. Composites are typically anisotropic

materials, because of their asymmetric and aligned reinforcement particles,

and perform best when loaded in directions where their reinforcements are

aligned. Metals are generally nearly isotropic and their strength cannot

be optimized in main loading directions like composites, which contributes

to their lower specific properties. On the other hand, the anisotropy of

composites has made them more difficult to understand than metals and

makes their behavior more unpredictable.

Even though composites have been studied for many decades, engineering

composites are still mostly based on the simple approach of laying fibers in

layers of alternating orientation (Fig. 1.1), or weaving them into fabrics,

and then filling with resin [1]. High-performance fiber composites rely

heavily on extremely long fibers, such that load transfer between fibers

by the resin is minimized. The flip side of this approach is that if the

fibers are damaged e.g. by impact, the local tensile strength of the material

is significantly diminished. Also, different layering approaches create

mismatches in the Poisson’s ratio across differently laid layers, leading

2
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to delamination or cracking in the resin matrix. For this reason, fiber

composites subjected to repeated load cycles suffer from fatigue and loss of

strength [2]. Because of the anisotropy of fiber composites, subjecting them

to loads in directions other than what they are designed for can contribute

to early failure.

a) b) c)

Figure 1.1. Fiber arrangement in synthetic and biological fiber composites. a) Synthetic
fiber laminate. b) Mineralized collagen fibers around an osteon in compact
bone. c) Cellulose fibers in secondary cell wall in wood.

To progress composites beyond simple fiber laminates, researchers have

turned their attention to nature, where composites are ubiquitous and have

much richer variety than in engineering [3, 4]. Fiber composites can be

found at least in wood, bamboo and bone [5,6]. Like all natural materials,

the structure of these composites is hierarchical, such that nanosized

cellulose or collagen fibers are bundled together to form larger fibers, which

then form cell walls or osteons by winding cylindrically in helical patterns,

shown in Fig. 1.1b,c. The motif of alternating the fiber angles, like seen

in engineering composites, can be found in these natural materials as

well, but in a finer structural scale and as a part of a hierarchical design.

In wood cell walls, the helix angle of the fiber (microfiber angle), varies

in concentric layers [6, 7]. Similarly, the mineralized collagen fibers in

the cylindrical osteons in bone are arranged in concentric layers called

lamella, such that the fiber helix angle varies across the layers [5, 6, 8].

These assemblies form larger cylindrical units, wood fibers and osteons,

that are the structural units of the macroscopic material. This multiscale

control of structure allows nature to avoid the issues that are present in

engineering composites and optimize for its biological function (not limited

to structural support, of course) at several length scales [9–11].

Nature does not limit itself to fiber composites, however. One of the

most studied biological composites is nacre that is found in the shells of

mollusks like abalones or oysters (Fig. 1.2) [12–21]. As the function of

the shell is to protect from impacts caused by predators, it seems logical
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that the reinforcements are not necessarily fibers. Indeed, nacre employs

platelets, which is a significant departure from one-dimensional fiber re-

inforcements. Platelet composites were studied by engineers in the early

days of composite science, but later dismissed in favor of fiber compos-

ites [1]. However, nacre shows a number of fundamental advantages in

using platelets. First, being built from almost perfectly packed aragonite

microplatelets, it contains very little soft matrix, only 5%. This would be

impossible for fiber composites, as even the densest packing of cylindrical

fibers leads to volume fractions of less than 70% in fiber composites. A

low fraction of matrix is essential for stiffness, as the matrix contributes

almost nothing to the elastic modulus. Due to the high reinforcement

fraction, nacre is very stiff, comparable to aluminum and glass (roughly 70

GPa), even though its main constituent, calcium carbonate, is not known

for exceptional mechanical properties. One might expect that with such

a large fraction of reinforcing mineral, nacre would be brittle the same

way calcium carbonate is. That is not the case, however, as nacre has a

rather remarkable fracture toughness that makes it not quite as tough

as metals, but still not brittle either. Conventionally, the toughness of

composites is thought to arise from the soft matrix component, and the

toughness of nacre has raised great interest, as it seems to reach a high

fracture toughness with a very small amount of matrix [12,13,18].

The key to the toughness of nacre is the frictional sliding of the roughly

500 nm thick aragonite platelets against each other as the material is

loaded above its yield stress. Although the dominant friction causing

mechanism is still disputed, many research groups have made attempts

at replicating the so-called brick-and-mortar microstructure of nacre to

realize the same dissipation mechanism [22]. In some instances, this has

been successful, as some nacre-inspired materials have performed much

better than natural nacre—thanks to a more robust platelet material,

aluminum oxide, that is not accessible to the sea mollusks themselves.

The best performing nacre-mimetic materials have used either the direc-

tional growth of ice crystals or magnetic fields to align alumina microplate-

lets into a structure similar to nacre [23–26]. However, there are also other

approaches that do not use microplatelets, but instead nanometer-thick

sheets of clay or in some cases graphene oxide. Although clay nanoplatelets

do not have much resemblance to the aragonite platelets in nacre in terms

of dimensions and size, they have certain benefits. First, they are extremely

stiff and strong, by virtue of being two-dimensional single crystals. Second,
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Figure 1.2. The microstructure of nacre. a) A nacreous red abalone shell. b) A schematic
illustration of the layered arrangement of the platelets. c) A scanning electron
micrograph of abalone nacre. d) An atomic force micrograph of the granular
substructure of the mineral platelets in nacre, with permission from Nature
Publishing Group [20].

they are abundant and easily available, and would potentially make for

affordable and resource sparing materials when combined with a polymer

matrix. Furthermore, they can self-assemble into a well-aligned structure,

providing a bottom-up way of assembling the material. Several groups

have produced self-assembled nacre-inspired films by combining nanoclay

with polymer and shown that the nanoplatelets slide against each other

like the mineral platelets in nacre [27–34]. However, the nanoclay-based

materials have not progressed as far as the microplatelet composites. To

bring them one step further is the major aim in this thesis.

This dissertation focuses on the potential of nacre-inspired materials as

structural materials with outstanding mechanical properties. However, the

reader should be aware that nacre-inspired materials can have additional

functionalities that have a range of applications. Thanks to the large

fraction of inorganic phase, they have shown fire resistant properties

[31, 35, 36], and due to the long molecular diffusion path caused by the

layered alignment of the clay nanoplatelets, clay/polymer nanocomposites

are excellent gas barriers [37, 38]. Nacre-inspired nanocomposites with

graphene-based reinforcements or conjugated polymer matrices can have

a high electrical or ionic conductivity [39–41], which suggests potential as
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strong and flexible electrodes.

The discussion is divided into two chapters. The first of them describes

the composition and microstructure of nacre and the clay/polymer nanocom-

posite that is inspired by nacre. The mechanical properties are discussed in

the light of the model described in Publication III. The implications of the

findings in Publication I on the moisture sensitivity of the composite are

also discussed. In addition to presenting the publications, some findings

in the literature are reviewed for better understanding of the challenges

and opportunities in clay/polymer nanocomposites. In the subsequent

chapter, an overview of fracture mechanics is presented. In the context

of bioinspired composites, fracture mechanics is a vitally important but

often poorly understood subject. Presently, there is a gap between the

traditional engineering community where fracture mechanics is a part

of the curriculum, and the materials science community. Here, fracture

mechanics is presented from a physicist’s point of view, with a significant

emphasis on the concept of flaw tolerance, for which some relationships are

derived. Thereafter, the findings related to fracture mechanics and flaw tol-

erance in Publication II, Publication III and Publication IV are discussed.

In Publication II, some general aspects of flaw tolerance in biomimetic

composites are clarified, and in Publication III and Publication IV, the

fracture toughness and the toughening mechanisms in the clay/polymer

nanocomposite are investigated. Finally, the last chapter sums the main

conclusions and future prospects.
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2. Nacre-mimetics with Clay

Nacre is a material that is probably most well known from pearls, iri-

descent objects found inside nacre-forming mollusk shells. The primary

purpose of nacre is however to build a strong shell against predators. On a

microscopic level, nacre is built of layers of roughly hexagonal aragonite

platelets, as shown in Fig. 1.2 [12–21]. Perhaps the most well studied

nacreous shells are those of abalones and pearl oysters. The two differ in

the alignment of the platelets in successive layers, such that in abalones

the platelets are vertically lined up in columns, with some overlap between

platelets in different columns, whereas pearl oyster nacre has a more

random arrangement.

The growth of the layered microstructure of nacre is templated by mem-

branes of chitin fibers self-assembled into mat-like liquid crystals, and

reinforced with proteins [17, 42]. The approximately 5 nm thick mem-

branes are grown in parallel and assume a separation distance of roughly

500 nm, which determines the thickness of the aragonite platelets that

will grow in between. The platelets grow from nucleation sites that initiate

from the layer below through pores in the membrane, and grow to fill the

space, with thin biopolymer layers separating neighboring platelets. The

platelets are not monolithic crystals even though they maintain consistent

crystal orientation (both globally and within the platelet), but they in fact

consist of nanogranules that are separated with organic matter but con-

nected by mineral bridges (Fig. 1.2d). This kind of nanoscale granularity

with interconnecting mineral bridges is typical of biominerals [43,44].

The exceptional mechanical properties of nacre, considering that it is

mostly calcium carbonate, were recognized in the eighties [12, 13], and

subsequently studied in detail. Due to its high mineral content of at least

95%, it is very stiff, with an elastic modulus of 60-70 MPa depending on

the state of hydration. Given the relatively low density of aragonite, 2.35
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g/cm3, this corresponds to a specific stiffness that is better than metals.

The flexural strength of nacre varies between 165 and 235 MPa, which is

comparable to structural steel when normalized with density. Finally, what

puts nacre apart from pure aragonite, is its surprising fracture toughness

that ranges between 4 and 10 MPa m1/2, an order of magnitude higher than

aragonite [18,45]. This is not quite on par with metals, as aluminum alloys

(with only slightly higher density of 2.8 g/cm3) can reach 24 MPa m1/2.

However, nacre-mimetic composites of alumina microplatelets—that are

much tougher than aragonite—have reached 30 MPa m1/2 [24].

The remarkable fracture toughness mainly arises from the aragonite

platelets sliding apart from each other in tension [46]. Several friction-

causing mechanisms are in effect, including dissipation in the thin chitin-

protein membrane between the platelets [47,48], rupture of the mineral

bridges connecting the layers [49] and direct mechanical friction between

the platelets as they get pressed against each other during sliding due to

their uneven thickness [16,50]. It has been a subject of debate what is the

most important contributing mechanism, but it seems direct mechanical

friction due to rough surfaces of the platelets and interlocking due to

variying platelet thickness might the main source of resistance. It is even

possible that the role of the hydrated organic membrane could be mainly

to lubricate the surfaces to lower the yield stress, rather than resist sliding.

From the viewpoint of learning from nature, the exact source of sliding-

resisting force may not be important in a nacre-mimetic material, as long

as there is something to cause it. The point to take note of is that sustained

sliding has to be possible at a threshold stress level that is high but still

lower than required to break the platelets themselves.

2.1 Nacre-Inspired Clay Nanocomposites

Clays are a group of phyllosilicate minerals that are characterized by a

sheet-like crystalline structure. The characteristic property of phyllosil-

icates is that they contain sheets of tetrahedral SiO4 where three of the

corner oxygens are shared with neighboring tetrahedra [51]. The remain-

ing oxygens bond with cations such as Al3 to form another layer on top

of the tetrahedral layer, this time in a octahedral formation (the cations

are in the center of an octahedron formed by surrounding oxygens or OH

groups). Here, we are mostly concerned with smectite clays, which are 2:1

phyllosilicates (as opposited to 1:1), where the octahedral layer is sand-
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wiched between two tetrahedral layers as shown in Fig. 2.1. The thickness

of this 2:1 sheet is approximately 1 nm. The lateral dimension of the 2D

crystal is not limited, and can reach several micrometers in synthetic clays,

although natural smectite crystals tend to be smaller.
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Figure 2.1. The the 2D crystal structure of montmorillonite clay (Wikimedia Commons).

In dry smectite clays, the crystalline clay sheets are stacked in parallel

to form aggregates called tactoids. Smectite sheets are not charge neutral,

and they are accompanied by counterions residing between the sheets. The

polarized interlayer spaces attract water that can swell the stacks to such

a degree than they exfoliate, i.e. disperse in water as individual platelets.

The swellability of clays depends on the composition of the sheets (type of

cations and possible substitutes in the tetrahedral layer) and the type of

counterions (monovalent ions allow more swelling) [52]. Montmorillonite,

they clay used in this work, is a natural smectite that can exfoliate if the

interlayer cations are monovalent, typically Na. It is worth noting that the

cations can be exchanged to achieve the desired amount of swelling.

The mechanical properties of individual smectite platelets are not easily

determined, because performing a tensile test on an individual nanoplate-

let is not feasible. It is however generally agreed that they are stiff and

strong. Estimates on the elastic modulus of montmorillonite range be-

tween 178 and 265 GPa [53]. The tensile strength is even less clear, but is

thought to be in the gigapascal range. The shape of the platelet is likely

to affect its strength, as an irregularly shaped edge can give rise to stress

concentrations that can initiate rupture. In any case, for its low density of

2.35 g/cm3, montmorillonite has attractive properties in exfoliated form.
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In bulk, however, it is soft because the attractions between the sheets are

not strong. Therefore, the nanoplatelets should be used in a composite that

does not rely on the weak attractions between the charged platelets.

In polymer industry, montmorillonite and other clays have been used

extensively as an additive (“filler”) [54–56]. In the process of mixing

clay and polymer, water is usually not involved, which makes it hard

to swell and exfoliate the clay sheets. As a solution, the clay surface is

functionalized to make it hydrophobic and compatible with the polymer.

When the clay is then added to the polymer, the polymer chains will

enter the interlayer spaces and possibly cause the clays to exfoliate. The

addition of clay can improve the stiffness, strength and other properties of

the polymer, but due to the high aspect ratio of the clays, not a very high

amount of clay can be dispersed in polymer. Adding more than 5% of clay

soon leads to aggregation of clays and a loss of the benefits.

To make a nacre-mimetic material from clay, a completely new approach

to combining clay and polymer was needed. The high-aspect-ratio platelets

will naturally align with each other when forced close to each other, in order

to reach efficient packing [57]. To get something akin the brick-and-mortar

structure of nacre, the platelets should be aligned across macroscopic dis-

tance (instead of forming randomly-oriented domains) and have something

between them to form strong adhesion. Fortunately, this turns out to be

straightforward: the clay nanoplatelets can be coated with polymer in

dispersion, and then made into an aligned clay/polymer composite film by

evaporation-induced self-assembly, where the platelets align themselves

with the substrate [30]. The polymer shells of the platelets will then form

a matrix that binds the platelets together. Because the platelets have an

extremely high aspect ratio, they are not rigid but can bend and adapt

their shape to irregularities—for this reason, a careful end-to-end place-

ment of the platelets like seen in nacre is not necessary. However, the

self-assembly of clays does not usually lead to perfect alignment, which

can be seen as “waviness” in electron micrographs. The distribution of

local platelet orientation is expected to affect mechanical properties, as

discussed below.

Evaporation-induced self-assembly is an easy way to make films of nacre-

mimetic clay/polymer nanocomposites with high strength (200 MPa or

more) stiffness (25 GPa) and low density (1.8 g cm−3). However, a material

that only exists as a film is not ready for structural applications. Moreover,

it is not possible to characterize the all-important fracture properties in
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a film, which is a serious shortcoming for a nacre-mimetic material. In

Publication III, we tackle this issue by devising a lamination method to

build a thick plate out of a large number of films simply by gluing the

films together with water that has a small amount of polymer dissolved.

The gluing was strong enough to not introduce weak interfaces to the

material and resulted in samples that were essentially thicker versions

of the original films, demonstrating a successful way of scaling up the

thickness of the material. The overall scheme of preparing the clay/polymer

nanocomposites is presented in Fig. 2.2.

Figure 2.2. The steps to prepare thick clay/polymer nanocomposites. Reproduced with
permission from Wiley-VCH Verlag GmbH & Co.

2.2 Mechanics of Platelet Composites

Modeling of a composite material encompasses three main aspects: elastic

properties, yield and plastic properties, and fracture. Elastic properties

concern small loads where the material response is completely linear

and reversible. This is the regime where the material should be used

in practice—repeatedly subjecting the material to stresses that cause

irreversible changes would not be advisable in long-term use. Elasticity

mainly deals with the stiffness of the material, i.e. the elastic moduli, or

in a three-dimensional case, the elastic tensor of the material. When the

elastic stresses in some component of the composite exceed a limit, plastic

and irreversible deformation will start to occur. This is when the material

yields and starts to accumulate permanent damage. How much plastic
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deformation a material can sustain before failing is a much more difficult

question to tackle than elasticity. Finally, microscopic or macroscopic

defects in the composite typically cause stress concentrations that lead to

local failure, which turns the defect into a crack that may lead to premature

failure. Often, plasticity mechanisms and fracture-inducing mechanisms

compete in materials, and whichever occurs in lower stress will dominate.

Here, we attempt quantitative modeling of the elastic response of aligned

platelet composites. In particular, we wish to estimate the in-plane tensile

modulus, which also determines the bending stiffness of the composite

plate. A starting point is the rule of mixtures that provides theoretical

upper and lower bounds for a composite given the volume fractions of

the components. The ideal best case is that both the reinforcing phase

and the matrix are at equal strain (Voigt model), such as when a uniaxial

fiber composite is loaded in the direction of the fibers, which span through

the whole specimen. No load transfer between the reinforcements is

then required and the components are essentially loaded in parallel. The

modulus of the composite is then a simple linear combination of the tensile

moduli of the components:

Emax = VpEp + VmEm (2.1)

where Vp is the volume fraction of the reinforcements, Vm = 1− Vp, and

Ep and Em are the tensile moduli of the reinforcements and the matrix,

respectively. The other extreme is when load is perpendicular to the

reinforcements, in which case the matrix has to sustain a tensile stress

equal to the stress exerted to the composite (Reuss model). This is highly

nonideal as the matrix normally has low tensile modulus and strength.

With equal stresses in both phases (loading in series), the strain ε over the

composite at an applied stress σ is given by

ε = Vpσ/Ep + Vmσ/Em (2.2)

and therefore the modulus is the linear combination of the inverses

1/Emin = Vp/Ep + Vm/Em (2.3)

From the equations, the analogy to electric circuits is obvious. If the

contrast of tensile moduli between the components is sufficiently large, the

bounds given by the rule of mixtures can be simplified:

Emax = VpEp (2.4)

Emin =
Em

Vm
(2.5)
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In other words, the modulus cannot be closer to the modulus of the re-

inforcement phase than its volume fraction. Nacre has a reinforcement

fraction of 95%, and with its efficient design it reaches the upper limit of

rule of mixtures with a modulus roughly equal to that of pure aragonite.

Clay/polymer nanocomposites often have clay volume fractions somewhere

between 0.3 and 0.5, which implies they should theoretically reach one half

or one third of the modulus of a clay nanoplatelet. Given the uncertainty

in the stiffness of clays, this translates to a range 60–130 GPa. However,

no clay/polymer nanocomposite with uncrosslinked polymer matrix has

achieved a stiffness close to that range.

To approach a more refined analysis, let us write a general expression

for the tensile stress over a cross section in a composite:

σ = Vpσ̄p + Vmσ̄m (2.6)

where σ̄p and σ̄m are the average axial stresses in the platelets and the

matrix, correspondingly. Importantly, we do not assume the stresses in

the platelets to be uniform. Assuming the matrix to be much softer and

predominantly loaded in shear only, we can discard the second term and

simplify:

σ = Vpσ̄p (2.7)

Now, we can write the average stress in the platelets in terms of the tensile

modulus and average strain σ̄p = Ep/εp and obtain an expression for the

composite modulus E = σ/ε

E = VpEp
ε̄p
ε

(2.8)

The factor ε̄p/ε is the ratio between the average strain in the platelets

and the (average) strain in the whole cross section. In Publication III we

introduce this strain ratio as measure of the efficiency of reinforcement in

a platelet composite (in terms of stiffness). A ratio of 1 corresponds to the

rule of mixtures upper limit, representing ideal reinforcement.

A widely applied model to calculate stress distributions in platelet com-

posites is the shear lag model [58–61]. In Publication III, we use the

formulation by Sakhavand and Shahsavari [61] to calculate the strain ra-

tio ε̄p/ε. Figure 2.3 shows the simplified two-dimensional case considered

in the model. The main parameters that affect elastic properties of the

platelet composite are the stiffness contrast between the platelets and the

matrix, the thickness of the matrix, and the length of the platelets. In

the model, all these quantities are captured in a single parameter, λL [61].
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λ is the square root of the ratio between the tensile compliance of the

platelets and the shear compliance of the matrix layer (low values mean

stiff platelets compared to the matrix); L is the length of the platelets. A

secondary quantity that affects the result is the overlap offset ξ, which is

the offset between the platelet layers (the case ξ = 0.5 is shown in Fig. 2.3).

Figure 2.3. The tensile and shear stresses acting on the platelets in the unit cell in the
shear lag model.

In Publication III, we note that the strain ratio is an increasing function

of λL. At λL = 10, ε̄p/ε equals 0.78 and starts to saturate towards unity

with larger values of λL. In the case of typical clay/polymer composites with

roughly equal amounts of clay and polymer, λL = 10 or more due to the very

large aspect ratio of clays nanoplatelets. Near ideal reinforcements should

therefore be achievable. Yet, in Publication III we find an experimental

strain ratio of 0.32, corresponding to an elastic modulus of 25 GPa, which

is much lower that predicted by the shear lag model.

Considering that according to the shear lag model, an elastic modulus

approaching 100 GPa should be within reach, it is desirable to find a reason

for the low values obtained experimentally. One unaccounted parameter

is the nonuniformity of the platelet sizes and their overlap lengths in

self-assembled nanocomposites. However, the work of Sakhavand and

Shahsavari suggests this might not be a source of large error. Another,

probably more important nonideality is the lack of perfect alignment of

the clays. In the model, all platelets are assumed to be completely ver-

tically aligned. In clay/polymer nanocomposites, significant waviness is

typically found, as seen in Fig. 2.4. When a wavy domain in the material

is straightened during deformation, the platelets do not experience much

tension as shear in the polymer layer is sufficient to allow the waves to

straighten. As a result, some part of the material do not fully contribute
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to the stiffness, causing a significant reduction in the elastic modulus.

Walther et al. [33] used a matrix with dynamic hydrogen bonding groups to

create a clay/polymer composite with an orientation distribution that has

a half width at half maximum of only 7◦. At a clay volume fraction of 32%,

the highest obtained modulus was 43 GPa, which corresponds to a strain

ratio of ε̄p/ε = 0.67 assuming a clay stiffness of Ep = 200 GPa. This value

is much closer to the one predicted by the shear lag model, suggesting that

better orientation might lead to more ideal values of tensile modulus.

Figure 2.4. A transmission electron micrograph of a cross section of clay/polymer nano-
composite showing waviness. The dark layers are clay, and light layers are
polymer. The mean period of the structure is 2.6 nm

In Publication I we study the plasticizing effect of water in clay/polymer

nanocomposites. When the polymer matrix in the composite is hydrated,

its glass transition temperature is lowered closer to room temperature and

below, leading to a lower shear modulus Gm. Predictably, this leads to a

reduction in the stiffness of the composite, as shown by the results in Fig.

2.5. However, this reduction that was found to be by factor of 2 or more

is more than the shear lag model would lead to expect, as the following

quantitative analysis shows.

First, we need to estimate the reduction in λL caused by hydration.

Dynamic mechanical analysis showed a tenfold reduction in the tensile

modulus of pure polymer after glass transition, which indicates a similar

reduction in the shear modulus. Although the polymer in the clay/polymer

composite is nanoconfined between the clay platelets (to a 1.6 nm space)

and might behave differently than pure polymer, we can obtain a rough

estimate of the effect of matrix plasticization on the stiffness of the compos-

ite. A tenfold reduction in Gm will lead to a reduction by
√
10 in λL. Due to

some uncertainty in parameters such as the stiffnesses of the platelets and

the matrix, and the size of the platelets, λL for the dehydrated composites
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Figure 2.5. Glass transition temperature and elastic modulus in clay/polyvinyl(alcohol)
nanocomposite at different hydrations. a) The glass transition temperature
as a function of hydration (relative humidity where samples have been equi-
librated), determined by dynamic mechanical analysis. The glass transition
occurs at room temperature at relative humidities of roughly 50%. b) Tensile
stress strain plots. When crossing a relative humidity of 50%, the composite
becomes significantly softer and more ductile. c) The reduction in the tensile
modulus when crossing the glass transition, by dynamic mechanical analysis.
Reproduced with permission from Wiley-VCH Verlag GmbH & Co.

can vary somewhere between 15 and 30. If λL = 30 in the dry state, a

reduction by
√
10 should have little effect on the stiffness of the composite.

If it is lower, a more pronounced effect by hydration can be observed as λL

can fall below 10. However, to reduce the strain ratio ε̄p/ε to even below 0.5,

λL should fall below 3.5, which in not conceivable in the present scenario.

Therefore, in the light of the shear lag model, plasticization should only

cause a modest reduction in the stiffness of the composite.

The discrepancy between the model and experimental results indicates

that the elastic modulus of the composite is more sensitive to the shear

modulus of the matrix than in the ideal case. This could be explained by

the waviness discussed above. Because the straightening of the waviness

mostly involves shear deformation, it would be strongly affected by the

shear modulus.

2.3 Plasticity and Failure in Clay/Polymer Nanocomposites

When the stresses in the composite grow large enough, either the matrix

or the platelets cannot deform purely elastically any longer. Because the

strength of the platelets is very high, it is more likely that the matrix fails

first (or perhaps in some cases the interface between the matrix and the

platelet). The shear stress distribution in the overlap region between two

platelets is not uniform, but instead the stress is concentrated to the edges

of the overlap for λL > 1. Figure Fig. 2.6a shows a typical shape for the

shear stress distribution for λ > 10 in the elastic regime. When the applied

stress is increased, the edges of the overlap region can no longer be sheared
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elastically but yield (assuming the matrix is plastic). If the matrix yields

at constant stress, the shear stress distribution after the onset of yield will

look like what shown in Fig. 2.6b. Eventually, the edges of the onset can

no longer deform plastically, and will fail. The stress concentration effect

at the edges of the platelets can be also understood within the framework

of fracture mechanics, discussed in chapter 3.

Figure 2.6. A shear stress distribution in the shear lag model. a) Elastic case. b) After
the onset of yield in the edges of the overlap.

The nonuniformity of the shear stress distribution has some important

consequences. Foremost, it means that the plasticity of the matrix dramat-

ically affects the strength of the composite. Looking at Fig. 2.6, it becomes

evident that maximum load transfer between the platelets, which is an

integral of the shear stresses over the overlap length, is much higher if

plastic shear is allowed. Therefore, the ultimate applied stress before ma-

trix failure is greatly enhanced with matrix plasticity. Figure 2.7a,b shows

predicted stress-strain curves with various amounts of matrix plasticity.

With large values of λL, the slope of the stress-strain curve remains high

even after initiation of yield. This is due to the fact that most of the matrix

is still in elastic regime even after the edges of the overlap regions have

started to deform plastically. This characteristic strain hardening behavior

has been found experimentally—it is typical for clay/polymer composites

to not have a well defined yield point (see Publication I and Publication

III). With a small value of λL, a yield point can appear, however. This was

found by Das et al., as shown in Fig. 2.6c [34].

In the model by Sakhavand and Shahsavari, failure of the material

occurs when the plastic strain at the ends of the overlap region exceeds a

limit. However, in many clay/polymer composites, the matrix is expected

to be able to undergo very large plastic strains. Due to the ever increasing

stresses even after the onset of yield, there is a large amount of elastic

energy available to cause crack initiation at material defects. For this

reason, high values of λL may lead to lower deformability, even though
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Figure 2.7. The stress-strain curves of clay/polymer nanocomposites. a) Curves predicted
by the shear lag model for a small amount of matrix plasticity (C=γp/γe = 1,
where γp and γe are the elastic shear strains, respectively). b) With more
matrix plasticity. Whether a yield point can be seen depends on the value of
λL. c) Experimental curves with clays of different sizes. The composites are
made of synthetic clays and poly(vinyl alcohol). Reproduced with permission
from Nature Publishing Group [34,61].

the theoretical prediction in Fig. 2.6b suggest almost equal deformability

with different values of λL. As fracture follows from imperfections in

the material, it cannot be predicted with simplified model like the one

discussed above. In the next chapter, we delve into fracture mechanics and

material sensitivity to defects.
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3. Fracture Mechanics and Flaw
Tolerance

Two competing failure mechanisms exist in materials: yield and fracture.

Yielding means exceeding the material’s intrinsic load carrying capacity,

leading to irreversible plastic deformation that resembles flow in liquids.

Fracture, in turn, is cascade of failure that can make local, even micro-

scopic loss of integrity turn into complete failure of the structure. The

crucial difference between yield and fracture is the sensitivity to defects or

flaws. Fracture depends entirely on the presence and nature of defects: in-

homogeneities, cavities, poorly adhered interfaces, sharp corners, grooves

and scratches. The defects can originate from manufacture or the chemical

environment or wear during use. Fracture represent a process where

the local stress concentrations around these defects leads to a complete

loss of structural function at relatively low applied loads. Yielding as a

failure mechanism is much less sensitive to the presence of defects or flaws.

The stress concentration around the flaws will cause early initiation of

yield, but the large deformations accommodated by yield, without a sharp

increase or decrease in stress, will redistribute loads, neutralizing the flaw.

Therefore, yielding is much easier to deal with in design than fracture,

because small scale details will not have such a great effect on a structure’s

capability to carry loads.

If a material has no yield process that initiates at a sufficiently low

stress, it will eventually accumulate enough elastic strain energy to cause

a fracture process initiate at some defect large or small. Materials to which

this always seems to happen are called brittle: these kind of materials

have a high resistance to yield and a relatively low fracture resistance.

On the other hand, materials with a low yield stress and high fracture

resistance are called ductile and undergo very large plastic deformations

before fracture (if they fracture at all). However, a very low yield stress

is not desirable as it implies low strength, so most structural materials
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represent some kind of a compromise, where yield will take place first, but

fracture may eventually happen after some plastic deformation. However,

this kind of behavior cannot be completely prescribed, as the amount of

yield observed in the large scale response of the structure can be reduced

by a large stress concentrator that greatly localizes stresses, especially

in large structures. Therefore, fracture resistance remains an important

concern in ensuring reliability.

Toughness is a word that describes the capability of a material to dissi-

pate energy as it is fails. It depends on the work done by external forces

during the breaking of the sample. However, as it is meant to be a material

quantity, it should be related to the size of the test specimen in some way

to make it a constant that depends only on the material in question. What

makes it complicated is that the correct scaling depends on the dominant

failure mechanism, yield or fracture. If the failure occurs by yield, it is

appropriate to divide the work by the volume of the deforming body, as

the dissipation takes place throughout the sample. If the sample fractures

before any homogeneous yielding, all dissipation is related to the fracture

process and local inelastic deformation that happens around the advancing

crack front. In this case, the dissipated energy scales with the crack area.

For these two cases, two corresponding toughness quantities exist: the

modulus of toughness, or just toughness, given by energy per unit volume;

and fracture toughness, expressed in energy per unit area (when given in

energy terms, i.e. the J integral). What makes the matter more compli-

cated, the dominant failure mechanism is not a material property but a

structure property: it depends on the size and nature of defects that are

present. While it is desirable to know both of these toughness quantities,

fracture toughness is particularly important as it is vital for the reliability

of the material as explained above. In this chapter, we discuss the theory

behind fracture and fracture toughness, and discuss the conditions where

fracture no longer is the dominant failure mechanism, to guide the design

of flaw insensitive materials. Unless otherwise noted, the discussion is

based on Anderson [62].

Linear elastic fracture mechanics (LEFM) provides a fundamental frame-

work for understanding fracture. By making simplifying assumptions, it

sets up a powerful model that yields general relationships for fracture

phenomena, allowing to describe crack states (intensity of forces acting to

open the crack) with a single parameter such as the stress intensity factor

K. The assumptions as such are quite strong: the material is expected to
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be in the linear deformation regime everywhere except within a negligible

volume within the stress concentration at the crack tip. Such is in fact the

case in brittle materials like glass, and LEFM accurate in describing them.

However, materials used for carrying loads are obviously not brittle, and

LEFM seems somewhat inadequate for them. Yet, the validity of the linear

elasticity assumption is not a matter of material alone, but also a one of

scale. The nonlinear zone at the crack tip, called the plastic zone (or process

zone in inhomogeneous materials), has a characteristic material-dependent

size. If the dimensions of the specimen and the fracture-inducing defect are

far bigger than that characteristic size, LEFM holds. In this sense, LEFM

is not restricted to a certain group of materials. In the end, practicality

dictates that for example tough steels cannot be studied with LEFM, as

the required test specimen size would be prohibitively large.

Advanced elastic-plastic theories have been developed for the case where

the plastic zone size is macroscopic and yielding is significant (see Fig. 3.1).

In an experiment, a load-displacement curve of a notched sample can serve

as an indication of whether something beyond LEFM is required: when the

plasticity is restricted to a negligibly small region, the load-displacement

curve is linear in typical scenarios. If the curve exhibits appreciable non-

linearity, crack tip yielding may not be negligible. Following the example

of LEFM, elastic-plastic theories aim to use a single parameter to depict

the intensity of the forces acting on the crack. A commonly used parameter

is the J integral, which is an energy release rate for a nonlinear mate-

rial. By exploiting the fact that all materials behave in a brittle way at

large enough scales, critical J values for crack instability can be related to

quantities in LEFM.

Elastic crack tip zone
(LEFM, stress intensity factor)

Plastic region
(J integral)

Large deformation
region

Far- eld
una ected
by the crack

Figure 3.1. The different regions inside the stress concentration at a crack tip. LEFM
can describe stresses in the crack tip zone outside the plastic region, whereas
elastic-plastic theory can predict stresses within the plastic region outside the
large deformation region.

Even the J integral fails to predict failure conditions when the plastic

zone size becomes large enough compared to the size of the defect or spec-

imen dimensions. Eventually, one starts to approach a situation where
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the stress concentration at the crack tip is no longer well defined, and

the structure starts to fail in a way that appears homogeneous. This is

apparent in a load-displacement curve as a large amount of yielding, the

load saturating to a maximum value before turning to decline. From an

engineering standpoint, this is an ideal situation, as the structure will be-

have predictably and exhibit its intrinsic maximum strength. No material

can behave this way in all configurations, but one can define a maximum

size for a structural flaw up to which the material will behave almost as if

no flaw were present. This size, which we call the flaw tolerant size, turns

out to be proportional to the size of the plastic zone. It depends on the

fracture toughness (the critical J integral value for fracture propagation),

but is also reduced with increasing yield strength, which illustrates the

challenge in using hard materials for structural applications.

In the following sections, the fundamentals of quasistatic fracture me-

chanics are described. The field of modern fracture mechanics is quite

diverse and no attempt is made to cover anything else than the essential

concepts that allow using fracture mechanics as a tool for understanding

failure. For the sake of simplicity and brevity, fracture resistance is treated

as a constant and the case of a rising R-curve (which nacre does have) is

not considered. Therefore, stable crack propagation and fracture dynamics

are outside the scope of this introduction.

3.1 Linear Elastic Fracture Mechanics

A material’s response to loads depends on its constitutive behavior (rela-

tionship between stress and strain) and it is therefore difficult to formulate

a general theory for fracture without making assumptions. Most materials

exhibit linear behavior at small deformations, so LEFM simply assumes

that the material always follows a linear Hooke’s law with a given modulus

of elasticity E and Poisson’s ratio ν. It turns out, though, that this cannot

be rigorously true everywhere, as there must be a finite region at the crack

tip where yielding occurs. However, in standard LEFM, the size of this

region can be thought to approach zero.

The basic property of cracks, something that has given rise to the entire

field of fracture mechanics, is their tendency to become unstable in typical

loading conditions. To understand this, let us consider the edge crack

of length a in a rectangular plate in Fig. 3.2. The shaded area shows

the approximate region where stresses have relaxed as a result of the
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relaxed area

relaxed by crack propagation

crack
advance

Strain energy
drives the crack

Dissipation resists
the crack

a

ka

W

Figure 3.2. An edge crack in a rectangular plate

formation of the crack. The exact stress distribution in the plate cannot be

obtained in a straightforward way, but for the purpose of understanding

it is sufficient to consider the relaxed region to be represented by two

triangles with side lengths a and ka. In two dimensions, the reduction in

strain energy due to the presence of the crack is then

ΔU = −1

2
σεka2 (3.1)

Where σ is the applied stress and the strain ε = σ/E. If the crack propa-

gates, the strain energy will be reduced further, at a rate given by

G = −dU

da
=

kσ2a

E
(3.2)

This is called the energy release rate G. The released strain energy has

to go somewhere, and in this case it will be dissipated in the process of

forming the crack. The material has a certain fracture resistance wf in

terms of work per crack area. wf does not (ideally) depend on the crack

size, but looking at eq. (3.2), we note that the energy release rate does have

a linear dependence on a for a constant applied stress σ. Therefore, as soon

as the crack starts to grow, it immediately becomes unstable as the energy

release rate G will become larger than the material resistance (the extra

strain energy will start to turn into kinetic energy as the crack grows). This

illustrates the inherent instability that makes cracks so perilous. There

are cases where G does not grow with increasing a, but in real structures,

unstable configurations are far more common.

Although the above discussion considered the situation when a crack

starts to propagate, the energy release rate is actually a parameter that

can be defined at any applied stress σ and crack length a. In that case, da

is a hypothetical crack advance that does not need to actually take place.

The general definition for the energy release rate in three dimensions is

G = −dU

dA
(3.3)
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where A is the crack area. In some configurations, G may depend on σ and

a in a different way than in eq. (3.2).

To write an expression for the failure stress at which the crack starts to

propagate, we will assume that the propagation happens in thermodynamic

equilibrium, in such a way that G = wf . This means that there are no

kinetic barriers for the propagation—this is strictly true only for infinitely

sharp cracks. From the equilibrium condition, we obtain the stress at

fracture propagation:

σf =

√
wfE

ka
(3.4)

From the equation, we can see that the strength of the cracked body

is inversely proportional to the square root of the crack length a. This

dependence holds in many typical loading geometries in addition to the

one shown in Fig. 3.2. The factor k depends on the relative crack length

a/W , but for a small edge crack, k ≈ 1.122π.

The above represents the energy release rate approach to LEFM, as it

uses G to characterize the crack state. The material resistance is typically

given by the critical energy release rate Gc = wf , which can be called the

fracture toughness of the material.

However, LEFM also offers another way to characterize the crack state

that stems from the elastic solution to the stresses at the crack tip. It turns

out that the solution in polar coordinates, expressed as a power series,

contains a leading term in all the stress components that depends on r−1/2.

This term diverges at the crack tip where r goes to zero. Two conclusions

can be drawn from this singularity: First, LEFM is somewhat unphysical

in its assumption that stress indefinitely increases linearly with strain—in

reality, the material has to yield at some stress level (fortunately, outside

the plastic zone where yielding happens, the solution is valid, see Fig. 3.1).

Second, the leading term will dominate all other terms close enough to the

crack tip, provided that we do not go too close as to reach the plastic zone

where the solution does not apply.

Within the linear elastic singularity zone close to the crack tip, we can

determine all the stress components simply from the leading term that

exhibits dependence on r−1/2. Conveniently, all the stress components

have a prefactor that is proportional to σ
√
a, where σ is the applied stress.

This prefactor is called the stress intensity factor K, and it is the only

parameter in the elastic solution at the crack tip. It characterizes the

amplitude of the crack tip singularity and completely determines the crack
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tip conditions: because crack propagation initiates within the singularity

zone (more precisely, inside the plastic zone within the singularity zone),

the critical K value is all that is needed to predict crack initiation. It is

therefore an alternative parameter to G to describe the crack state. Figure

3.3 shows an example distribution of stresses near the crack tip. The

singularity zone is between the plastic zone and the far-field region where

the stress approaches the applied remote stress.
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Large deformation zone
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Figure 3.3. The plastic zone and the stresses near the crack tip.

In general, though, more than one K value is needed. Figure 3.4 shows

three different crack loading modes. Linear combinations of theses three

modes can express any local state at the crack front. Using the super-

position principle for linear systems, the K values for each mode can be

calculated separately. We are mostly concerned with mode I cracks, for

which the stress intensity factor is given in the case of an edge crack by

KI = σ
√
ka (3.5)

where k is the same as in eq. (3.1). When the stress intensity factor is

used, the material resistance can be given by the critical KI value for the

initiation of crack growth, KIc. This is the most often used measure for

fracture toughness, and it has a unit of Pa
√
m. KI and G can be related (in

the quasistatic propagation regime) by combining equations (3.2) and (3.5):

K2
I = GE′ (3.6)

The prime in E′ is used to include the case of plane strain conditions,

where E′ = E/(1 − ν2). Plane strain is a typical condition at the crack

tip, where contraction in the z direction is suppressed. When a specimen

is in homogeneous stress, the unloaded directions can relax according to
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the Poisson’s effect. However, when a crack tip is in the state of a high

local stress, a complete relaxation in the z direction would cause z stresses

away from the crack tip. Therefore, tensile stresses in the z direction

arise to counteract the tendency to contract, causing a triaxial stress state

where the crack tip is in hydrostatic tension, i.e. there are large positive

stress components in all axial directions. This idealization does not hold

at the very surface of the specimen, where the material can relax in the

z direction. Where this relaxation is complete, a state of plane stress

prevails, and E′ = E.

Mode I Mode II Mode III

Figure 3.4. Crack loading modes.

Neither the stress release rate G or the stress intensity factor KI are

something that can be experimentally determined directly from their defi-

nitions in any simple way. In the case of KI for example, the stress field

around the crack should be somehow measured and a region should be

identified where the stress components follow a r−1/2 relationship (see Fig.

3.3). The stress intensity factor could then be obtained from the prefactor.

In practice, such a procedure is only feasible in numerical simulations.

To experimentally determine KI or G in a given configuration, a theo-

retical calculation (analytical or numerical) is performed to determine a

relationship between the parameter and the applied stress and crack size.

Equations (3.2) and (3.5) are examples of such relationships. This ap-

proach relies on the validity of the theoretical solution for the experimental

arrangement—the main concern is the size of the plastic zone relative to

the sample dimensions and the singularity zone at the crack tip. Tough

materials have a large plastic zone, and in many cases it can engulf the

singularity zone (i.e. a singularity no longer exists), which invalidates the

stress intensity approach and also the linear elastic stress release rate.

Therefore, a more general theory is needed.
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3.2 Elastic-Plastic Fracture Mechanics

In tough structural materials such as steel, the fracture process zone at

the crack tip where plastic deformation occurs is macroscopic. Therefore,

a theory is needed to adequately take this into account. The treatment

is made significantly easier by the observation that plastic and nonlinear

elastic deformations are indistinguishable as long as only loading is con-

sidered. In unloading, they are obviously different as elastic deformation

recovers but yielding does not. However, up to the point of the initiation of

crack growth, unloading behavior can be ignored.

Two equivalent approaches to elastic-plastic fracture mechanics have

been developed in parallel: one based on a nonlinear energy release rate

called J integral and the other based on crack tip opening displacement

(CTOD). The latter is less often used and outside the scope of this intro-

duction. The J integral is defined as a path-independent line integral that

is evaluated along a path around the crack tip. The integrand depends

on the stresses and strains along the path, but the definition will not be

discussed here further: what concerns us more is that it has been shown

that in the fully elastic case, the value of the integral is equal to the energy

release rate

J = G (3.7)

Therefore, J is in fact a nonlinear elastic energy release rate. It can be used

as a crack parameter for elastic-plastic materials, because during loading,

it is not possible to distinguish the response of an elastic-plastic and a

nonlinear elastic material. In other words, the J integral is the derivative

of the total mechanical work done on the specimen as a function of crack

length. In practice, the J integral is not determined from its definition

as an integral (except in simulations) but using the energy release rate

interpretation.

Experimentally, J is usually calculated as a sum of an elastic part Jel and

a plastic part Jpl. Jel is determined by essentially ignoring plastic deforma-

tion and using an expression for the LEFM energy release rate such as eq.

(3.2). For Jpl, there exist test configurations where a simple relationship

between Jpl and the plastic area under the load-displacement curve Apl

(Fig. 3.5a) can be given. For instance, three point bending with an edge

crack is a common setup for fracture toughness tests. In this so-called

single edge notch bending (SEB) experiment, Jpl = 2Apl/B(W − a), where

W and B are given in Fig. 3.5b. In Publication III, we perform this experi-
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ment to determine the J integral of the clay/polymer nanocomposite. Thus,

despite its name, the J integral is for practical purposes a crack parameter

that can be experimentally determined from a load-displacement curve.

As in the case of G and KI in LEFM, the toughness of a material can be

given by critical J integral value Jc.
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Figure 3.5. Measuring the J integral. (a) A load-displacement curve with plasticity. The
dashed line shows the unloading path as the elastic deformation is recovered.
The area under the curve Apl is used for the calculation of the plastic part of
the J integral. (b) A SEB test for fracture toughness.

As noted above, the applicability of LEFM depends not only on the

toughness of the material but also on the specimen dimensions, including

the crack size. As the test specimen is scaled up, the relative size of the

process zone will diminish and Jpl will approach zero. Eventually, equation

(3.7) will be accurate and KI will describe the stresses near the plastic

zone. Therefore, even for tough materials, KIc can be used as a measure

for fracture toughness, often denoted by KIc,eff . It is given by

KIc,eff =
√
JcE′ (3.8)

Just like G and K, the J integral characterizes the crack tip conditions.

It has been shown that the stresses in the plastic zone follow a relationship

that depends on J and the material’s strain hardening rate as its only

parameters. However, even this relationship has its limitations as it is

based on the assumption of small deformations. At the crack tip, there is a

large deformation regime where no simple description of stresses exists

(Fig. 3.1 and 3.3). J is a reliable parameter only as long as the sample

dimensions are large compared to the size of the large deformation regime,

in a similar way as how LEFM applies only if the sample dimensions are

large compared to the plastic zone size.
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3.3 Flaw Tolerance

A large fracture toughness makes fracture mechanical treatment tricky as

LEFM and even elastic-plastic fracture mechanics fail eventually. On the

other hand, such a scenario is a fortunate one as it indicates a departure

from fracture controlled failure towards global yielding. Global yielding

is desirable as it maximizes energy dissipation and predictability. Small

flaws in the structure are no longer a reason for concern, as the failure will

not happen before yield stress is reached. The drawback is that to ensure

large-scale yielding, the yield stress needs to be made low enough to avoid

reaching a large energy release rates that could cause fracture.

Flaw tolerance can never be perfect. A structure of any material with a

crack-like flaw of sufficient size will fail by fracture. This is dictated by

the fact that LEFM will apply at large enough scales. On the other hand,

an ideally flawless specimen with no crack-like imperfections will never

fracture, but fail by homogeneous yielding instead (for brittle materials,

see the discussion below). If a small defect is present, it will depend on the

material properties whether it will fail primarily by yielding or fracture.

For a given material, it is possible to define a critical flaw size above

which fracture will dominate. This size characterizes the flaw tolerance

of the material, and can be termed the flaw tolerant size. Below this size,

flaws will not significantly affect the strength of the structure—it will be

determined by the yield strength instead.

A simple way to look at the scaling of the flaw tolerance is to compare

the failure stress predicted by LEFM to the yield strength of the material.

LEFM does not take the yield strength into account, so based on eq. (3.5),

it predicts a failure stress that approaches infinity when the crack or flaw

size a approaches zero:

σf =
KIc√
ka

(3.9)

By setting σf equal to the yield stress σY, we get a critical crack size where

the transition from yielding to fracture would be expected to take place:

a∗ =
1

k

K2
Ic

σ2
Y

(3.10)

Although this is not a rigorous result (LEFM is inaccurate at small

crack sizes) and the prefactor 1/k is configuration dependent, this is a

useful definition for the flaw tolerant size. From the equation, we can see

that a∗ not only depends on the fracture toughness KIc but also decreases

with increasing yield strength. This explains the observation that hard
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materials (having a high yield strength) tend to be brittle. By invoking

(3.8) and defining the maximum elastic strain energy density wel = σ2
Y/2E,

we can express a∗ in a different way:

a∗ =
1

2k

J

wel
(3.11)

It becomes apparent that the flaw tolerance results from a balance of how

much the fracture process can dissipate energy compared to the amount of

elastic deformation energy the material can store.

A somewhat more quantitative analysis can be performed by taking

into account the way the plastic zone modifies the effective length of the

crack. Because yielding truncates the stresses at the crack tip (see Fig.

3.3), the plastic zone has lower stresses than predicted by LEFM (where

the stresses diverge to infinity). To maintain a force balance across the

cross section ahead of the crack, this must be compensated with a larger

plastic zone than one would obtain by simply truncating the stresses at

σY. The modification to the plastic zone size can be estimated by requiring

the total force caused by the stresses in the plastic zone across the cross

section to match the LEFM solution. Outside this larger plastic zone, the

stresses will follow the r−1/2 dependence, but with a different origin due to

the larger plastic zone (see Fig. 3.3). From the point of view of LEFM, the

crack is therefore effectively longer than its physical size. The increment

to the crack length is approximately equal to the plastic zone radius

rp = c
K2

I

σ2
Y

(3.12)

The prefactor c cannot be given accurately in the general case but it is

smaller than unity (for the simple analysis above, c = 1/6π). By substitut-

ing the crack length a with aeff = a+ rp in eq. (3.9), we obtain a modified

expression for the critical stress for crack instability

σf = k−1/2 KI√
a+ rp

(3.13)

It is worth noting that the failure stress no longer diverges when the

flaw size a goes to zero. When the physical flaw becomes small, most of the

effective crack size comes from the plastic zone, which is assumed to be

independent of the crack size. If we set the value of the prefactor c in eq.

(3.12) equal to 1/k, we notice that for a vanishing flaw size, σf in eq. (3.13)

approaches the yield strength

σf(a = 0) = σY (3.14)
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This result would be expected, as the failure stress should approach the

strength of an unflawed specimen when a → 0. The equality c = 1/k is

not rigorous, but the factors are of the same order. Because the exact

relationship between the effective crack length increment and the plastic

zone size is not known, we can take eq. (3.14) as a boundary condition and

define c = 1/k.

Bazant [63] has studied a range of quasibrittle materials (materials that

contain brittle components but are not completely brittle) and found that

eq. (3.13) accurately predicts the failure stress at crack lengths where

neither LEFM or homogeneous yielding are good models. Figure 3.6 shows

a logarithmic plot of the strength as a function of flaw size. The flaw

tolerant size a∗ given by equation (3.10) marks a transition point between

yield dominated and fracture dominated failure. Comparing equations

(3.10) and (3.12), one can conclude that a∗ = rp. Therefore, the flaw tolerant

size is equal (or at least proportional) to the plastic zone radius.
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Figure 3.6. Strength as a function of flaw (or crack) size. Although neither σf = constant

or σ ∼ a−1/2 is accurate near a∗, the value of a∗ can be determined by the
intersection of the two lines, as shown in the figure.

Brittle materials do not exhibit yielding even if the test specimen is

carefully manufactured to be defect free. This is because their plastic

zone (and a∗) has nanometer dimensions; it is hardly possible to produce a

macroscopic specimen with no nanometer-scale inhomogeneities. However,

by scaling down the specimen to microscopic dimensions, it is possible to

increase the likelihood that no critical flaw is present that would cause

fracture. This gives rise to a different interpretation of the flaw tolerant

size: if the specimen dimensions are comparable to a∗, it must be in

the yield-dominated regime. This has been demonstrated with silicon

nanostructures [64]. At small enough sizes, the silicon structures exhibit

yielding, something never seen for silicon at macroscopic scales.
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3.4 Toughness with Brittle Building Blocks

Several biological materials like nacre and bone are built primarily of

brittle minerals. How these materials are still relatively tough and flaw

tolerant is one of the most important lessons nature can offer in mate-

rials design. The yield stress of brittle materials is so high that there

barely exists a plastic zone at the crack tip—consequently, the fracture

toughness of brittle materials tends to be low. Furthermore, the high yield

stress directly reduces the flaw tolerance as shown by eq. 3.10. Therefore,

introducing yield mechanisms is key in making tough materials from brit-

tle components, and doubly so in making them flaw tolerant. However,

the yield mechanisms need to be controlled, activated at a high enough

stress to not lose load carrying capacity and should allow as large plastic

deformations as possible.

The solution offered by nature is breaking down the brittle reinforce-

ments into microscopic building blocks that are held together with organic

matrix that allows plastic sliding of the building blocks against each other.

Moreover, nature favors hierarchical architectures where larger blocks

are themselves composed of smaller nanoscale units. In nacre, the most

important building block is the 500 mm thick platelet shown in Fig. 1.2,

which however is not the basic building block, as it consist of ∼50 nm

aragonite particles separated with protein. These particles are so small

that the normally brittle aragonite starts to exhibit plasticity [21]. Still,

the primary plasticity mechanism in nacre is the sliding of the platelets

against each other, which helps it to reach a fracture toughness as high

as 4–8 MPa m1/2, corresponding to a J integral that is roughly 1000 times

larger than that of pure aragonite.

It is instructive to compare the plasticity mechanisms in metals and com-

posites. In metals, large shear stresses cause dislocation (one dimensional

crystal defect) nucleation and movement, causing flow in the material. The

alloy composition and crystal phases control the mobility of the disloca-

tions and therefore the yield stress and strain hardening. In composites,

there are no large scale flow mechanisms, but plasticity is caused by con-

strained failure of the matrix or interfaces. Apart from simple yielding

in the matrix, this can mean irreversible deformation by microcrack or

void formation ahead of the crack tip (e.g. by sliding of the platelets in

nacre). As another difference to metals, composites can have toughening

mechanisms other than plasticity, such as crack deflection at interfaces, or
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bridging by uncracked filaments or by fibers behind the crack [65]. Where

plasticity extends the stress concentration to a wider area ahead of the

crack tip, bridging causes the section behind the tip to take some of the

load. Deflection diverts the crack and makes it harder for it to propagate

in the direction of highest crack driving force.

In Publication II, we examine the concept of building blocks from a simple

but general viewpoint. By constructing a coarse-grained simulation model

with particles connected with bonds (“matrix”) that can deform plastically,

we draw a link between the dissipation capability in the matrix and the

flaw tolerance of the material. In the study, we measure the strength of

the sample with different flaw sizes and different amounts of plasticity,

essentially constructing a plot like Fig. 3.6. An example is shown in Fig.

3.7. As expected, more plasticity leads to better toughness. Interestingly,

the crack size and amount of plasticity seems to have a superposition

property, such that data with different crack sizes and plasticities fall on a

master curve.

Figure 3.7. Scaling of strength in a coarse grained model of building blocks connected
with plastic bonds. a) The model geometry. b) The force-extension curve of
the plastic bond. c) Normalized strength as a function of normalized flaw
tolerance. All data with different crack sizes and amounts of plasticity fall on
a master curve. Reproduced with permission from Taylor & Francis.

To optimize plasticity, it is desirable to have a matrix that has a high

stiffness up to its yield point and a capability to undergo as large a plastic

deformation as possible. In this way, dissipated energy during a given

deformation is maximized. Not only that, a high stiffness reduces stored

strain energy, increasing KIc (see eq. 3.8), and of course keeps the elastic

modulus of the composite high. Nature has a way to achieve this ideal

response with sacrificial bonds [66–68]. Synthetic polymer materials that

allow high deformations typically have a low elastic modulus because the

low number of crosslinks in ductile polymers contributes to low resistance

to strain. Sacrificial bonds are physical crosslinks that provide stiffness at
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small deformations while allowing plasticity by rupturing one by one at

high stresses. Sacrificial bonds in biology are typically formed by groups

with several hydrogen bonding or metal coordination sites. Proteins with

sacrificial bonds have load-extension curves akin to the one shown in

Fig. 3.7b. Recently, molecular designs to create synthetic sacrificially

bonded systems have been reported—in particular, polymers with ureido-

pyrimidinone groups (that have four hydrogen-bonding sites) have proved

applicable in solid state materials [33,69–71].

3.5 Toughness of Nacre-Inspired Clay/Polymer Nanocomposites

By using evaporation-induced self-assembly to create a layered structure

of aligned clay platelets similar to the brick-and-mortar architecture in

nacre, the clay/polymer nanocomposites aim at exploiting the sliding of the

clay nanoplatelets against each other as a similar plasticity mechanism as

in the frictional sliding the aragonite platelets in nacre. However, the clay

nanoplatelets are quite different from the aragonite platelets, with their

10–100 times larger aspect ratio. It seems that complete or partial sliding

between the platelets does occur (see chapter 2), but the fracture of the

clay/polymer composite does look quite different than the fracture of nacre.

In Publication III, we show that the clay/polymer nanocomposite has

a strong tendency to crack deflection, not only at nano- and microscale

but also on a macroscopic scale. Nacre, in contrast, mostly features crack

deflection at the microscale when the crack is diverted by the platelets and

meanders around their edges. In the clay/polymer nanocomposite, the high

aspect ratio of the platelets makes this path change more dramatic, and

tends to completely change the direction of the crack, causing a straight

angle turn. A likely contributing factor is the relatively low cohesion

between the platelets that are kept together by a 1.6 nm thick layer of

poly(vinyl alcohol). A result of this is that in a SEB test, the fracture

predominantly propagates along the axis of the test beam instead of going

across it. This greatly increases the energy dissipated during a bending

experiment, to a value much higher than in nacre, but most of it cannot

be factored in the calculation of the fracture toughness. The amount of

crack growth in the deflected direction is not a material constant and

it depends on the test geometry (it happens to a much lesser degree in

tensile tests). Therefore, only the part of energy dissipation taking place

before significant deflected crack growth can be appropriately included in
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the fracture toughness, whose value was found to be 3.4–4.7 MPa m1/2 in

Publication III and Publication IV.

Figure 3.8. The laser speckle measurement during 3-point bending. The plastic processes
at the crack tip show as changes in the speckle pattern.

In Publication IV, we introduce an novel laser speckle imaging method to

study the development of the process zone in the clay/polymer nanocompo-

site and nacre. The laser speckle pattern is very sensitive to tiny changes

on the surface or below the surface of the sample, and is well suited to

reveal fast but subtle changes that are indicative of plastic deformation

processes in the process zone (the measurement setup is shown schemat-

ically in Fig. 3.8). The results show interesting differences between the

clay/polymer nanocomposite and nacre. In nacre, the process zone develops

gradually with increasing load and slowly propagates across the sample as

the crack advances in a stable manner. In the clay/polymer nanocomposite,

the process zone develops more quickly but soon starts to grow perpendic-

ular to the pre-crack, because of the deflection tendency discussed above.

The size of the process zone is similar in either material. A side-by-side

comparison is shown in Fig. 3.9.

In addition to studying the process zone on a macroscopic level by laser

speckle imaging, it is necessary to learn what are the microscopic processes

that cause toughening in the material. In Publication IV, we use in-

situ scanning electron microscopy to look at the crack tip during the

mechanical test. The microscopy showed the formation of a large number

of microcracks around the crack tip. The microcracks were preferentially

oriented along the direction of the clay nanoplatelets, i.e. perpendicular to

the main crack, which led to deflection when the main crack coalesced with

a perpendicular microcrack. As the deflected crack started to grow left and

right, it coalesced with microcracks, but often only partially, leaving an
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Figure 3.9. The process zone in nacre and clay/polymer nanocomposite. a) The process
zone in nacre during a SEB test by laser speckle imaging. b) The process zone
in clay/polymer nanocomposite by laser speckle imaging. c) An in-situ scanning
electron micrograph of a deflecting crack in clay/polymer nanocomposite. d) A
micrograph of microcracking and uncracked filament bridging in clay/polymer
nanocomposite.

uncracked filament separation them. This bridging by uncracked filaments

dampens the stress intensity at the tip and slows down its propagation.

Because the clay nanoplatelets do not have surface roughness, thickness

variations or connecting mineral bridges like the aragonite platelets in

nacre, the platelet sliding behavior and adhesion strength heavily rely

on the properties of the polymer matrix. The poly(vinyl alcohol) polymer

used in this study is strong and tough thanks to its hydrogen bond forming

OH groups. However, a more sophisticated design of physical interactions

in the matrix could help increase platelet adhesion and shear properties

(shear modulus, yield strength, strain hardening and ultimate strain). The

fact that the deformation takes place in a highly nanoconfined state does

cause certain challenges, though, as it may be quite different from bulk

behavior of the matrix polymer. Zhu et al. fabricated a clay/polymer nano-

composite film where the matrix polymer features ureido-pyrimidinone

groups to create a hydrogen-bonded network [33]. There was some indica-

tion that with optimal density, the strong physical crosslinks could enhance

toughness in the composite; unfortunately, introducing large macromolec-

ular systems between the 1 nm thick clay platelets tends to reduce the

overall filler fraction of the system. Nevertheless, when focusing on the
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molecular interactions, one should not forget the lessons from chapter 2:

the dimensions of the platelets and the thickness of the matrix layer deter-

mine the distribution of stresses and greatly affect the overall mechanical

response of the composite.
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4. Conclusion

New structural materials inspired by biological materials could provide

more sophisticated, lightweight and less resource heavy alternatives to

traditional materials such as metals. Using mineral building blocks held

together with organic matrix, it could be possible to invent materials

that have a higher specific stiffness and strength than existing materials

while achieving sufficient toughness and flaw tolerance. The fabrication

processes for these materials could have a much smaller environmental

footprint than for instance metals manufacturing.

Nacre-mimetic platelet composites attempt to create materials with a

very high fraction of mineral reinforcement to achieve high stiffness and

strength, while still having a high fracture toughness made possible by

an ingenious brick-and-mortar structure. Many nacre-mimetic concepts

have partially succeeded in these aim, although no existing composites

simultaneously reach the very high reinforcement fraction (95%) and

a tenfold amplification of the fracture toughness KIc compared to pure

mineral. This work concentrated on one approach of nacre mimetics,

self-assembled clay/polymer nanocomposites. In the course of this this

thesis, new understanding was established on the effect of water in the

polymer matrix, the fracture toughness of the material and the details of

the fracture process such as the toughening mechanisms, most importantly

crack deflection.

In Publication I, we studied the dynamics in the polymer matrix in the

clay/polymer nanocomposite. We found a glass transition, showing that

dynamics still exists in the highly nanoconfined polymer layer. Hydration

lowered the glass transition, eventually changing the room temperature

mechanical properties of the material dramatically. With higher hydration,

strength and stiffness was lowered, but more plastic deformation became

possible, increasing toughness.
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Publication II took a more general look in biological and biomimetic

composites that are build from stiff building blocks kept together with

a soft matrix, and investigated the role of plasticity in the matrix by

the means of coarse-grained simulation. A transition from flaw sensitive

to flaw tolerant regime was found to follow a master curve when crack

length and amount of plasticity was varied. The results highlight the

link between the capability of the matrix to undergo plastic deformation

and the flaw tolerance of the matrix. It was also shown that the flaw

tolerant size is related to the size scale of the reinforcing building blocks,

which illuminates the benefits of introducing hierarchical structure in

materials to exploit both the inherent mechanical properties of nanoscale

building blocks and the ability of macroscale structures to diffuse stress

concentrations.

Before this work, the study of self-assembled clay/polymer nanocompos-

ites was severely limited by the lack of a fabrication method that can

produce samples in millimeter thicknesses. In Publication III, we came up

with a solution, introducing a lamination scheme to eliminate this limita-

tion. We went on to compare the flexural properties of the material to those

of nacre, and found that the strength is comparable, but stiffness is lower.

We used a theoretical model to show that reaching the stiffness of nacre

should be possible, but most likely the imperfect orientation in our self-

assembled nanocomposites caused a large reduction in the stiffness. We

performed the first fracture toughness measurements for nacre-mimetic

clay/polymer nanocomposites, and found that the complete characteriza-

tion of fracture toughness is problematic because of the material’s strong

tendency to crack deflection. On the bright side, this deflection tendency

greatly increases its resilience in bending. Up to the point of deflection,

the fracture toughness of the material reaches a value that is lower than

in nacre but larger than in ordinary polymers.

As the fracture properties are centrally important in nacre-mimetic ma-

terials, we went on to apply a novel laser speckle imaging method to trace

the development of the fracture process zone in the clay/polymer nano-

composite, described in Publication IV. By showing that the evolution of

the process zone can be imaged in both the clay/polymer nanocomposite

and nacre, we proposed the method as a generic way to study the fracture

process in biomimetic composites. To complement the macroscopic char-

acterization, we used in-situ scanning electron microscopy to study the

microscopic processes that take place around the crack tip. We showed that
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the most important toughening mechanisms, microcracking, crack bridg-

ing and deflection can be observed. The speckle imaging method helped

to pinpoint the moment when macroscopic crack deflection occurs, which

helps to judge the extent to which the J integral method can be applied to

the material (the J integral calculation typically assumes straight crack

propagation). This study lays foundation for future work to understand

what exactly happens at the crack tip and how the structure and interac-

tions in the composite might be optimized for better toughness and flaw

tolerance.

The clay/polymer nanocomposites have made impressive progress, and

are already superior to engineering plastics in stiffness, strength and

fracture toughness even though they have a low density of 1.8 g/cm3. How-

ever, to compete as high-performance materials, further improvements

are needed. Orientation of the clay platelets should be made as perfect as

possible, to reach the stiffness of nacre and improve the strength further.

Modification of the interactions in the polymer layer should improve the

fracture toughness. Using thicker platelets, for example clays with non-

swellable interlayers, would increase the volume fraction of the reinforce-

ments closer to nacre’s 95%. Thicker platelets would also allow thicker

matrix layers without excessively reducing the reinforcement fraction,

which would leave room for more complicated macromolecular systems

with physically bonded networks. Finally, the composite’s sensitivity to

water should be reduced, by reducing the fraction of matrix polymer or

modifying its hydrophilicity.

A major future challenge for bioinspired composites is to start mimicking

the hierarchical structures found in biological materials. As Publication II

showed, only working at the nanoscale might not bring optimal toughness

and flaw tolerance, even though nanoscale reinforcements such as clay or

graphene have outstanding intrinsic properties. So far, available methods

have not allowed to control the assembly of materials at several scales

with enough precision to design synergistic multiscale structures.

As the new bioinspired materials approach applications, a question ari-

ses, where their first uses might be. New technology is often introduced

to markets in high-value applications, where their better properties out-

weigh their higher initial manufacturing price. However, most high-value

applications for structural materials are in conservative fields such as aero-

space, where extremely stringent requirements and standard are set for

quality control. These standards and methods are not necessarily directly
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applicable to a completely new class of materials. For this reason, the entry

to general use has been very slow for fiber composites, that after decades of

research are now making their way to cars, airplanes and rockets. Perhaps

a mass market application could be more attractive for nacre-mimetic

materials. Or, some less obvious use that possibly exploits some secondary

property of the material apart from just mechanical properties.

Current research biomimetic composites concentrates on a small set of

mechanical properties, in particular strength and toughness. However, for

specific applications, other properties may be more important. Fatigue

properties are especially important in many uses, because fracture in

cyclic loads is perhaps the most common reason for premature failure in

structural materials. Both aluminum and fiber composites, the materials

of choice in airplanes, have relatively low fatigue strength at high number

of cycles. An investigation of the fatigue properties of a highly reinforced

biomimetic composite would be pertinent.
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