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Oxygen vacancies play a crucial role in modulating the physical properties of complex oxides.
In transition metal oxides, the physical properties are sensitive to chemical bonding and changes
in local bond lengths and angles due to the strongly correlated and highly localized valence
electrons. In perovskites, especially in manganites and cobaltites, oxygen vacancies form readily
and are mobile at moderate temperatures. This allows the spatial profile of vacancies to be
controlled by strain, temperature and electric fields. Local modulation of the oxygen vacancy
concentration can for example induce magnetism in initially nonmagnetic materials and change
the material between conducting and insulating states. Reversible modulation of physical
properties by vacancy migration provides new directions in the design of low power devices for
memory and logic devices. In situ transmission electron microscopy (TEM) offers a powerful
platform for studying the dynamics of vacancy transport at the atomic scale in real time.
Applying external stimuli inside a microscope allows the correlation of macroscopic physical
properties to vacancy-induced changes in the atomic structure and chemistry of functional
nanomaterials.

In this thesis, oxygen vacancy migration and ordering is studied in epitaxial thin films and
heterostructures grown by pulsed laser deposition. In tunnel junction devices, PbZr0.2Ti0.8O3,
BaTiO3 and SrTiO3 thin films are used as tunnel barrier between La2/3Sr1/3MnO3 electrodes.
The devices exhibit high resistance switching ratios up to four orders of magnitude. Trans-
port measurements, numerical modeling and TEM analysis reveal that electric-field-induced
reversible oxygen vacancy migration across the electrode/tunnel barrier interface is predom-
inantly responsible for the gian switching effect. Epitaxial La0.5Sr0.5CoO3 films on SrTiO3

substrates are studied using in situ heating TEM. Reversible changes between two vacancy-
ordered structures and the nucleation of an entirely new phase driven by thermal-strain-induced
vacancy reordering are observed during temperature cycling. In another in situ experiment,
resistance switching and structural phase transitions in epitaxial La2/3Sr1/3MnO3 thin films
on conductive Nb-doped SrTiO3 substrates are studied by electrical nanoprobing. Resistance
switching in this system correlates directly with uniform and reversible phase transition be-
tween perovskite and brownmillerite phases. The reversible transitions are caused by lateral
oxygen vacancy migration in the epitaxial films towards and away from the contact area driven
by the combined effects of electric field and Joule heating. Finally, external strain is added to
the nanoprobing experiment on La2/3Sr1/3MnO3. Under compressive strain from the probe,
the oxygen vacancies order in a three-dimensional pattern, rather than the brownmillerite
phase, during the voltage pulsing.
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Happivakanssit vaikuttavat merkittävästi kompleksioksidien fysikaalisiin ominaisuuksiin.
Siirtymämetallioksideissa vahvasti korreloituneiden ja paikallistuneiden valenssielektronien takia
materiaalin fysikaaliset ominaisuudet ovat herkkiä kemiallisille sidoksille ja paikallisille muu-
toksille sidosten kulmassa ja pituudessa. Perovskiitit, erityisesti mangaani- ja kobolttiok-
sidit, muodostavat helposti happivakansseja jotka liikkuvat herkästi jopa huoneenlämmössä.
Tämän ansiosta vakanssien jakautumista materiaalissa voi muokata jännityksen, lämpötilan
ja sähkökenttien avulla. Paikalliset muutokset vakanssikonsentraatiossa voivat esimerkiksi
muuttaa ei-magneettisen materiaalin magneettiseksi tai johteen eristeeksi. Fysikaalisten om-
inaisuuksien muokkaus ioneita liikuttamalla avaa uusia mahdolisuuksia energiatehokkaiden
muisti- ja logiikkalaitteiden suunnittelussa. In situ –läpäisyelektronimikroskopia on tehokas
työkalu atomitason prosessien tutkimiseen reaaliajassa. Ulkoisten ärsykkeiden käyttäminen
mikroskoopin sisällä mahdollistaa mitattujen ominaisuuksien yhdistämisen muutoksiin atomi-
rakenteessa sekä kemiallisessa ja sähköisessä tilassa spektroskooppisten menetelmien avulla.

Tässä väitöskirjassa tutkitaan happivakanssien migraatiota ja järjestäytymistä pulssilaser-
depositiolla kasvatetuissa epitaksiallisissa ohutkalvoissa ja kerrosrakenteissa. Tunneliliitoksissa
käytetään eristekerroksena PbZr0.2Ti0.8O3, BaTiO3 ja SrTiO3 -oksideja La2/3Sr1/3MnO3-
elektrodien välissä. Tunneliliitoksissa havaittiin jopa neljän kertaluokan vastusmuutos. Säh-
köisten mittausten, mallinnuksen ja elektronimikroskopian avulla ilmiö voitiin selittää sähkö-
kentän kiihdyttämällä happivakanssien siirtymisellä elektrodi/eriste-rajapinnan puolelta toiselle.
La0.5Sr0.5CoO3 ohutkalvoja SrTiO3-substraatilla tutkitaan in situ –lämmitetyssä elektroni-
mikroskoopissa. Lämpötilan muuttuessa havaitaan reversiibeleitä muutoksia kahdessa happi-
vakanssirakenteessa sekä uuden rakenteen muodostuminen lämpölaajenemisen aiheuttaman
jännityksen vaikutuksesta. Toisessa in situ –kokeessa tutkitaan vastusmuutosta ja atomi-
rakenteen muutoksia La2/3Sr1/3MnO3-ohutkalvossa sähkökentän vaikutuksesta. Vastusmuu-
tos tässä systeemissä voidaan yhdistää suoraan reversiibeleihin atomirakenteen muutoksiin
perovskiitti- ja brownmilleriittifaasien välillä. Muutoksen aiheuttaa happivakanssien siirtymi-
nen ohutkalvossa sähkökentän ja resistiivisen lämmityksen vaikutuksesta. Viimeiseksi ulkoinen
jännitys lisättiin vaikuttamaan La2/3Sr1/3MnO3-kalvoon lämpötilan ja sähkökentän lisäksi.
Puristusjännityksen vaikutuksesta jännitepulssit saavat happivakanssit järjestymään brown-
milleriittirakenteen sijaan uuteen kolmiulotteiseen rakenteeseen.
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1. Introduction

The looming end of Moore’s law requires academia and industry to over-
come the problems of conventional silicon-based memory and logic de-
vices and look for alternative solutions in new materials and technologies.
Transition metal oxides are a promising material candidate for this en-
deavor [1], offering a wide range of compounds, structures and physical
properties [2,3]. Transition metal oxides can be insulating, metallic and
order into different magnetic states, often as a function of composition,
temperature or external electric fields. Transition metal oxides exhibit
also other functional properties such as superconductivity, magnetoresis-
tance, piezoelectricity, resistance switching and multiple ferroic phenom-
ena where the order parameters of the material can be switched between
two states by external fields.

Generally, the metal–oxygen bonds determine the structure and stability
of the transition metal oxides, the determining factor being the config-
uration of oxygen ions surrounding each metal ion [3]. In addition, the
transition metal–oxygen bond is polarizable and thus sensitive to external
electric fields [4], and it can vary between ionic and metallic character [2].
The oxygen coordination is determined by the number, lengths and angles
of the metal–oxygen bonds. Typically the metal ions bond with four or six
surrounding oxygen ions, forming tetrahedral and octahedral coordination
which are building blocks of the common perovskite and brownmillerite
structures. The importance of the lattice geometry emerges from the na-
ture of the transition metal valence d electrons. The shapes of the d orbital
wave functions are anisotropic, which couples the electron interactions to
the geometry. Furthermore, the d shell valence electrons are correlated,
causing one electron to affect all others in the system [4,5]. Another typical
feature of transition metals is the expression of mixed valence. In many
transition metal oxides, the metal ions take on multiple different oxidation
states [2,3]. The physical properties of transition metal oxides derive from
electron transfer between ions of different oxidation state [2].

Due to the coupling between the atomic structure and the physical prop-
erties, transition metal oxides can be profoundly affected by ionic crystal
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defects [4]. Typical point defects include the removal of an ion from the
lattice or its replacement by an ion of a different valence. Due to their
multivalent nature, transition metal oxides can accommodate high concen-
trations of ionic point defects. At high concentrations, the defects can order
and form superstructures with distinct physical properties. Common de-
fects in oxide materials are oxygen vacancies. Oxygen vacancies modulate
the properties of transition metal oxides by changing the valence state of
the transition metal ions or by altering the bond lengths and angles of the
atomic structure. Compared to an oxygen ion in an oxide lattice, an oxygen
vacancy has the opposite charge and increased volume [6]. Crucially, the
formation and dynamics of oxygen vacancies can be affected and controlled
by external factors such as temperature and electric fields, enabling active
manipulation of material properties.

In this thesis, oxygen vacancy migration and ordering under varying
electric field, strain and temperature conditions are studied in epitaxial ox-
ide films and heterostructures by in situ transmission electron microscopy
(TEM). In TEM, atomic resolution imaging is achieved by transmitting an
electron beam through a thin sample. In addition to forming images of
the atomic structure, the interaction between the electron beam and the
sample provides information about the chemical and electronic state of the
sample through spectroscopic methods. In in situ TEM, these capabilities
are combined with special sample holders that enable the application of
external stimuli, e.g., bias voltage or temperature, inside the microscope
during imaging. This allows real-time observation of atomic structure
changes to the external stimuli. Ultimately, in situ methods enable the cor-
relation of macroscopic measurements to atomic scale processes occurring
in the sample.

In tunnel junctions with La2/3Sr1/3MnO3 electrodes and ferroelectric
PbZr0.2Ti0.8O3 or BaTiO3 and paraelectric SrTiO3 tunnel barriers, non-
volatile bipolar resistance switching with switching ratios up to four orders
of magnitude is observed. Transport measurements, numerical modeling
and transmission electron microscopy studies indicate reversible electric-
field-driven oxygen vacancy migration between the tunnel barrier layer and
the bottom electrode as the origin of the resistance switching effect. Oxygen
vacancy migration from the tunnel barrier into the bottom electrode forms
an additional highly insulating barrier in a region of a few unit cells at
the interface. The process is reversible and occurs at a low temperature of
5 K due to electric-field-enhanced ion migration in the thin tunnel barrier.
TEM analysis reveals a large structural difference between the two tunnel
barrier interfaces as the source of bipolar resistance switching in the
nominally symmetric structures. More specifically, interfacial roughness
and cation intermixing are more pronounced at the top interface than at
the bottom interface.

The effect of strain on oxygen vacancy ordering is studied in epitaxial
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La0.5Sr0.5CoO3 thin films on SrTiO3 substrate by in situ heating TEM. Dur-
ing heating, the differing thermal expansion coefficients of the substrate
and film alter the in-plane strain of the film. At room temperature, the
lattice strain is minimized through the formation of a domain pattern con-
sisting of alternating horizontal and vertical brownmillerite phases. Dur-
ing temperature cycling, the domain pattern evolves to accommodate the
increasing thermal strain favoring the horizontal brownmillerite structure
until the lattice transforms into a new oxygen-vacancy-ordered structure
that minimizes the strain at high temperature (360 ◦C–385 ◦C). In the new
phase, the oxygen vacancies order into every third CoOx plane. The change
from the 2a modulation period in the brownmillerite structure to the 3a
modulation period in the new phase is explained by local reordering of oxy-
gen vacancies between adjacent planes of unit cells. The phase transition
is reversible upon cooling. Due to the thermally activated nature of oxygen
vacancy migration, the reverse transition back to the brownmillerite phase
requires more time at room temperature.

Resistance switching and structural phase transitions in La2/3Sr1/3MnO3

thin films on Nb-doped SrTiO3 substrate are studied by in situ electric
nanoprobing. Combining high resolution TEM imaging and resistance
measurements during in situ voltage pulsing, it is demonstrated that
resistance switching closely correlates with non-volatile uniform struc-
tural phase transformations in the La2/3Sr1/3MnO3 film. Three distinct
resistance states and corresponding structural phases are identified. The
initial conductive state exhibits the perovskite structure. Applying positive
voltage to the substrate switches the film to an insulating brownmillerite
phase. An intermediate resistance state with disordered oxygen vacancies
is accessed upon a further increase of the voltage pulse. Both phases revert
back to the initial perovskite phase during the application of negative
voltages. Local electron energy loss spectroscopy indicates that the oxygen
vacancy concentration of the La2/3Sr1/3MnO3 film increases during the
application of positive voltage pulses while negative voltage pulses restore
the oxygen stoichiometry. The results are explained by reversible oxygen
vacancy migration within the La2/3Sr1/3MnO3 film driven by the combined
effects of the applied electric field and Joule heating. Electro-thermal
simulations corroborate that oxygen vacancies migrate mainly horizontally
in the La2/3Sr1/3MnO3 film, towards and away from the contact between
the La2/3Sr1/3MnO3 film and the nanoprobe.

In the final in situ TEM experiment the effect of externally applied strain
is added to the previous study, to visualize the dynamics of oxygen vacancy
migration and ordering under local strain. The nanoprobe is used to
apply compressive out-of-plane strain to the film while voltage pulses are
being applied. Under small contact force, reversible structural transitions
between the initial perovskite phase and the brownmillerite phase are
again measured. When the probe is pressed into the film surface with a
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larger force, the combination of bias voltage and Joule heating induces a
transition to a new structural phase wherein the oxygen vacancies order
into a three-dimensional pattern. The new phase comprises a 2

�
2a×2

�
2c

superstructure formed by a repeating pattern of two expanded perovskite
unit cells. The new phase is non-volatile and the transition is reversible
upon switching of the voltage polarity.

The thesis is organized as follows. Chapter 2 reviews oxygen deficient
oxide materials, ordering of oxygen vacancies into superstructures and
their physical properties. In addition, manipulation of mobile oxygen va-
cancies is discussed in the context of resistance switching and ionic control
of magnetism. Transmission electron microscopy and in situ methods are
reviewed in chapter 3. Techniques for the growth of epitaxial thin films
and the preparation of in situ TEM samples are presented in chapter 4.
Chapter 5 gives an overview of the numerical methods for multiphysics
simulations and transmission electron microscopy image analysis. The
results of the thesis are discussed in chapter 6, and a summary of the
results is presented in chapter 7.
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2. Ionotronics

Ionotronics refers to devices and technologies that utilize materials in
which ionic effects are coupled to other physical properties. These effects
are prevalent in oxygen deficient transition metal oxides in which the
highly localized and strongly correlated valence electrons make the elec-
tronic structure sensitive to chemical bonding and local changes in atomic
structure [4]. The interplay between ions and the physical properties of the
materials can often be controlled by external stimuli such as electric fields,
temperature and strain. These factors can affect the formation, movement
and ordering of oxygen vacancies in a way that offers new ways of control-
ling the functionalities of the materials. This chapter first discusses the
basics of oxygen deficient materials, i.e., the chemical and structural prop-
erties that allow ionic defects to modulate macroscopic physical properties
and enable the control of the ionic defects. Next, two fields of study in
which ionic effects are exploited, resistance switching and electric field con-
trol of magnetism, are reviewed. Finally, a comprehensive electro-thermal
model for oxygen ion migration in an electric field is described.

2.1 Oxygen deficient structural phases

Oxygen deficient transition metal oxides, especially ABO3−δ perovskites,
exhibit a wide range of functional physical properties [4] such as semi- and
superconductivity, piezo- and ferroelectricity, magnetism, and high oxygen
and cation conductivity [7,8]. The physical properties of transition metal
oxides are determined not only by the concentration but also by the config-
uration of oxygen vacancies. In perovskite oxides, depending on the degree
of oxygen deficiency, the vacancies can form various ordered structures
that form a homologous series with the general formula ABO(3n−1)/n. In
bulk, many of these structures are attainable through various oxidation
and reduction reactions [9–11]. For example, in SrCoO(3n−1)/n structures
corresponding to 2≤ n ≤ 8 have been observed [11,12]. Of these structures,
the case n = 2, known as the brownmillerite structure (ABO2.5), has been
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studied the most. In brownmillerites, oxygen vacancies are ordered in
layers repeating every two unit cells.

In epitaxial thin films, ABO3−δ perovskites typically exhibit either per-
ovskite (n =∞) or brownmillerite phases, although higher n ABO(3n−1)/n

structures have been observed in some cases. For example, LaCoO3−δ thin
films can exhibit structures with n = 3 and n = 4, where oxygen vacancies
order into every third or fourth CoOx layer [13–15].

In this section, a brief description of the oxygen stoichiometric perovskite
structure and the most prevalent oxygen vacancy ordered structure, the
brownmillerite structure, is given. In addition, the effect of epitaxial strain
on the dynamics of oxygen vacancy migration is discussed.

2.1.1 Perovskite structure

The perovskite oxide ABO3 structure, presented in figure 2.1, consists of
large metal ions A in the corners of a cubic unit cell, a smaller metal ion
B in the center of the cell and oxygen ions in the centers of the cube’s
faces. In the case of full stoichiometry, ion B thus exhibits octahedral
oxygen coordination. The ideal perovskite structure is cubic. However,
in most compounds the oxygen octahedra are rotated and tilted due to
different sizes of ions A and B [8]. The degree of octahedral tilting and
the overall stability of the structure is determined by the Goldschmidt
tolerance factor [16]

t = rA + rO�
2(rb + rO)

, (2.1)

where rA, rB and rO are the ionic radii of ions A, B and O, respectively. The
value of the tolerance factor equals 1 for ideal perovskites. For t > 1, ion A
is too large to form the structure and for t < 0.75 the structure is generally
unstable [17]. The flexibility of the perovskite lattice in adapting to ions
of different sizes enables compounds with a wide range of elements and
dopants. Because of this, perovskites also efficiently accommodate lattice
defects such as oxygen vacancies. Through the reduction of the B ion by
introduction of oxygen vacancies, oxygen deficient ABO3−δ perovskites
range from stoichiometric ABO3 to ABO2.5 [8].

Bulk perovskites can assume various intermediate vacancy ordered struc-
tures of the ABO(3n−1)/n homologous series through redox processes [9–11].
Epitaxial thin films, on the other hand, mainly exhibit direct phase transi-
tions between the perovskite and brownmillerite structures. For example,
annealing epitaxial SrCoO3−δ films in varying oxygen atmospheres re-
sults in abrupt transitions between n =∞ and n = 2 [18–20] without going
through intermediate values of n. Similar transitions or the coexistence
of perovskite and brownmillerite phases have been observed also in other
epitaxial systems, e.g. LaxSr1−xMnO3−δ [21, 22], SrFeO3−δ [23, 24] and
LaxSr1−xCoO3 [25,26].
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Figure 2.1. Model of the ideal perovskite structure.

2.1.2 Brownmillerite structure

In the ideal ABO2.5 brownmillerite structure [27, 28], one sixth of the
oxygen ions from the ABO3 perovskite phase are missing. The oxygen
vacancies in the brownmillerite structure are ordered into every second
BOx layer. As a result, the oxygen coordination of the B ions in these layers
changes from octahedral to tetrahedral. The octahedral and tetrahedral
layers are stacked alternately as shown in figure 2.2b. In comparison to
the perovskite structure, the distance between A-sites that are separated
by an oxygen deficient BO layer is chemically expanded and the lattice
parameter of the cell comprising the oxygen stoichiometric BO2 layer is
reduced.

Brownmillerite thin films have been grown, e.g., by pulsed laser deposi-
tion (described in section 4.1). While perovskite films are typically grown in
oxygen rich conditions for full stoichiometry, achieving the brownmillerite
phase requires careful control of the temperature and oxygen pressure dur-
ing deposition [18,20,29–32]. Other methods for preparing brownmillerite
thin films include capping by an oxygen deficient getter layer [21] or the
use of post-deposition annealing in vacuum [19]. The reverse transition
from the brownmillerite phase back to the perovskite structure is often
realized by oxygen rich atmosphere [18,20,33].

Electron beam irradiation in vacuum has been used also to transform
a perovskite thin film into a brownmillerite structure [22,25]. Here, the
electron beam generates oxygen vacancies and lowers the activation barrier
of diffusion. In Publication II, in situ STEM is used to demonstrate that a
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reversible transition between perovskite and brownmillerite phases can
be attained by the application of an electric field. Control of the physical
properties of a transition metal oxide film by voltage pulses offers new
functionalities in nanoelectronic logic and memory devices.

Figure 2.2. Models of a) perovskite and b) brownmillerite structures. The ABO3 per-
ovskite structure is formed by corner sharing BO6 octahedra. In the ABO2.5
brownmillerite structure, ordered oxygen vacancies in every second BOx layer
change the BO6 octahedra into BO4 tetrahedra.

Perovskite and brownmillerite phases of the same material often exhibit
distinctive physical properties. For example, SrCoO3−δ is a ferromag-
netic metal in the perovskite phase and an insulating antiferromagnet
in the brownmillerite phase [18]. In general, the layered structure of the
brownmillerite phase introduces anisotropic electronic, magnetic and ionic
transport properties. For example, oxygen migration parallel to the planes
tends to be more efficient than perpendicular to the planes [34]. Brownmil-
lerites with high ionic conductivity have raised interest for applications in
solid oxide fuel cells [35] and oxygen separation membranes [36].

2.1.3 Strain engineering

In addition to temperature and oxygen partial pressure, the formation,
dynamics and ordering of oxygen vacancies depends sensitively on lattice
strain. In epitaxial thin films, strain imposed by the substrate modifies the
energetics of oxygen vacancies and this, in turn, can drastically affect other
physical properties of the film. Tensile strain has been found to enhance
the formation of oxygen vacancies and lower the activation barrier of
their diffusion [32,37]. In epitaxial systems with a large film–substrate
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mismatch, the formation and ordering of oxygen vacancies can act as a
strain relaxation mechanism [38,39]. For instance, it has been shown that
the orientation of oxygen-vacancy-ordered structures can be altered by the
choice of single-crystal substrate [40].

Much research on oxygen vacancy ordered structures has been conducted
on LaxSr1−xCoO3−δ epitaxial thin films. Besides the influence of lattice
mismatch, the dynamics of oxygen vacancy ordering in this material also
strongly depends on the Sr doping concentration. Increasing the Sr concen-
tration of this material substitutes La3+ ions with Sr2+ ions. As a result of
the created charge imbalance, oxygen vacancies are generated [41]. Thus,
the properties of the cobaltite films can be effectively tuned by the choice
of substrate material [40,42] as well as by cation doping.

Epitaxial films of SrCoO3−δ can exhibit both perovskite and brownmil-
lerite phases [18–20,32,43]. The phase is in part determined by epitaxial
strain, which controls the oxygen vacancy formation energy and, thereby,
effectively the equilibrium oxygen vacancy concentration [32,43].

In epitaxial LaCoO3−δ, on the other hand, superstructures with 3a and 4a
modulation periods have been observed [13–15,40,44–46]. Often referred
to as "dark stripes", the oxygen deficient CoOx layer of these superstruc-
tures have low contrast in HAADF-STEM measurements because of the
elongated La–La lattice spacing. The orientation of the oxygen deficient
planes depends on epitaxial strain [13,15,40]. Under compressive strain,
the planes are parallel to the substrate interface, whereas tensile strain
aligns the planes perpendicular. The nature of the dark stripes is under
debate and has been attributed to either spin ordering [13, 44] or oxy-
gen vacancy ordering [14,15,40], which is a well known strain relaxation
mechanism in strained cobaltites [38].

Epitaxial strain relaxation through oxygen vacancy ordering has been
studied also in La0.5Sr0.5CoO3. Here, horizontally and vertically aligned
brownmillerite phases depend on strain too [38,39,42,47–49]. Coexistence
and mixing of both phases is also possible [38,50]. Strain-induced oxygen
vacancy modulated structures can have marked effects on the magnetic
properties of perovskite films, as discussed in section 2.3.

Apart from structural features, the dynamics of oxygen vacancy mi-
gration also depends on strain. For example, oxygen surface exchange
and diffusion depend on the bond lengths and angles, are affected by epi-
taxial strain. In LSCO, up to 10 times higher diffusivity was found in
films under tensile strain compared to films under compressive strain [51].
Similarly, the oxygen surface exchange kinetics can be increased by two
orders of magnitude through strain induced spin state transitions and a
reduction of the Co–O bond strengths [52]. Catalytic activity and oxygen
evolution reactions do also depend on the strain-controlled oxygen stoi-
chiometry via variation of the vacancy formation energy and a change of
bond lengths [41,53].
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2.2 Resistance switching

Resistance switching is an effect in which the resistivity of a material
changes in response to an electric current passing through the mate-
rial [54]. Resistance switching was first reported in the 60s for binary metal
oxides such as TiO2, Ta2O5, ZrO2 Al2O3 and SiOx [55]. In recent years,
research has also focused on transition metal oxides such as HfOx and
NiOx [56,57] and complex perovskite oxides like (Pr,Ca)MnO3, (Ba,Sr)TiO3

and (Pr,Ca)MnO3 [58,59]. Perovskites are interesting as they offer addi-
tional functionalities such as ferroelectricity, magnetism and multiferroic
properties [58].

The most prominent application of resistance switching is the develop-
ment of non-volatile resistance switching random access memory (RRAM)
which stores binary information in two distinctive resistance states of the
material [60,61]. RRAM devices are currently commercially available as
RAM chips and embedded in microcontroller units [62,63]. Advantages of
RRAM over conventional flash memories include higher sub-ns switching
speed [64], better endurance [65] and data retention, and lower power con-
sumption [57]. Typical resistance switching devices have a capacitor-like
structure wherein an insulating or semiconducting oxide layer is sand-
wiched between two metallic electrodes. In a memory device the electrodes
and resistance switching cells can be arranged in a stackable crossbar
structure [66], allowing high data storage densities and fast rewriting of
individual bits [56].

Another developing application is the use of resistance switching materi-
als as a programmable resistor or so called memristor [67]. In a memristor,
the resistance state is set by the pulse duration, amplitude and repetition
rate, a characteristic that can be used to mimic synaptic connections in
the brain [68,69]. Neuromorphic computing devices consist of a network
of artificial neurons and synapses [70–72]. The neurons generate current
pulses and the synapses, realized with memristive junctions, modulate
the connections depending on the number, strength and timing of the
pulses [73]. One difference between conventional computation architec-
tures and neuromorphic computing is related to memory. In conventional
devices computational operations and storage of information are sepa-
rated and information needs to be passed between two units, limiting the
throughput. In neuromorphic systems the network of synapses stores
the information and performs the computations at the same time [74].
Artificial synapses based on ion migration in metal oxides have been used,
for instance, to realize pattern recognition at hardware level [69,75,76].

10



Ionotronics

2.2.1 Unipolar and bipolar resistance switching

In resistance switching devices, voltage pulses alter the resistance from
high (OFF) to low (ON) and vice versa. The switching process that changes
the resistance from high to low is often referred to as SET, while the reverse
process is labeled RESET. When it comes to the effect of voltage polarity,
two types of resistance switching devices can be distinguished; unipolar
and bipolar [54,61].

In unipolar switching, schematically pictured on the left side in figure 2.3,
SET and RESET processes occur for both voltage polarities. Setting of an
unipolar device typically requires a higher voltage than resetting. Because
of this, a current compliance is often used during the application of a
SET pulse [61]. In contrast, RESET occurs at lower voltage but at higher
current. In bipolar switching (figure 2.3, right side), setting and resetting
of the device requires voltage pulses with opposite polarity. Unipolar
switching is common in symmetric systems with binary metal oxides,
while bipolar switching occurs in many semiconducting oxides including
complex oxide perovskites [54].

Figure 2.3. Left: Unipolar resistance switching. The device is set ON and OFF by voltage
pulses of both polarities. Right: Bipolar resistance switching. SET and RESET
require voltage pulses of opposite polarity. ON and OFF states and SET and
RESET processes are marked by different colors. The dashed line shows the
compliance current for the ON state.

2.2.2 Switching mechanisms

Several mechanisms have been proposed and demonstrated as the origin
of resistance switching. Often, resistance switching mechanisms involve
a combination of various thermal, electric and chemical effects and the
migration of oxygen vacancies or other ions [58,59,61,77]. A qualitative
classification based on the conduction path divides resistance switching
systems to filamentary switching, where a narrow conducting path is
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formed to connect the electrodes, and interfacial switching, where the
resistance switches uniformly at the electrode interface.

Filamentary switching
Resistance switching based on the formation and rupture of a conduct-
ing filament, depicted in figure 2.4, requires an initial forming step at a
higher voltage than subsequent operation. After the formation of a con-
ductive channel between the two electrodes, RESET pulses are used to
break the filament. The RESET process in filamentary switching is often
attributed to thermal dissolution of the conducting channel [61,77]. The
highly localized current in the filament increases the local temperature
through Joule heating. At high temperatures, Fick diffusion dominates
thermophoresis [78,79] and this causes the filament to rupture.

SET pulses, on the other hand, restore the conducting filament and
switch the device back to the low resistance state. The formation of a
conducting channel during forming and SET processes occurs through ion
migration, which is assisted by Joule heating. Joule heating enhances
the diffusion of ions in electric field and temperature gradients near the
filament [77]. The RESET pulse breaks the conducting filament locally but
it doesn’t restore the initial material state before forming.

Figure 2.4. Filamentary switching mechanism. A conductive channel forms in an insu-
lating or semiconducting layer between two electrodes. The channel can be
formed by e.g. metal ions from the electrodes or chains of oxygen vacancies.

Filamentary switching has been attributed to various atomic scale pro-
cesses. One type of filamentary switching involves redox processes of
migrating cations [59,80]. In these systems, electrochemical metallization
occurs when metal ions from a electrochemically active electrode diffuse
into the oxide material and form a conductive path connecting the elec-
trodes. The effect is observed, e.g., in sulfides and selenides with Ag or
Cu [58, 59, 80, 81] electrodes. The growth of metallic filaments has also
been studied in using situ TEM [81,82].

Conducting filaments can also be formed by oxygen vacancies. Filament-
like vacancy structures have been observed, e.g., by conductive atomic
force microscopy [83,84] and in situ TEM [82,85,86]. The physical nature
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of the low resistance state in oxygen vacancy based filaments depends
on the material. For instance, in TiO2 many oxygen deficient phases
can form and some of them are metallic [77]. A good example is the
formation of filaments comprising a Magnéli phase, as observed in TiO2

using in situ TEM [87,88]. Another mechanism is the formation of a local
conducting region where a high concentration of oxygen vacancies reduces
the oxide material to a metallic state. This mechanism has been observed
by in situ TEM in NiOx [89], SiOx [90] and HfOx [91]. In general, in situ
TEM has been a powerful tool in uncovering the atomic scale mechanisms
responsible for resistance switching [92].

Interfacial switching
In another kind of resistance switching element, the resistance changes
uniformly across the interface between the oxide layer and the electrode.
This process, which is referred to as interfacial switching, often involves
oxygen vacancy migration [54, 58, 59, 77, 92]. Interfacial switching has
been reported for perovskite oxides [54, 93] and it typically has bipolar
character. A schematic of the switching process is presented in figure 2.5.
In the as-grown state, oxygen vacancies are distributed randomly in the
oxide. In some cases, a forming step is required to generate and migrate
the oxygen vacancies near the electrode [94], while other materials switch
without such an initialization process [77,93].

During the application of sufficient voltage, the positively charged vacan-
cies accumulate at the interface of the negative electrode and the device
switches between low and high resistance states depending on the materi-
als and switching mechanism. Reversing the polarity drives the vacancies
away from the interface and reverts the resistance state. Resistance switch-
ing induced by oxygen vacancy migration and accumulation at the interface
has been demonstrated by in situ TEM [95,96]. In Publication II, in situ
electrical probing is used to study oxygen vacancy migration and resistance
switching in an epitaxial La2/3Sr1/3Mn3 film.

In case of oxygen vacancy migration, the origin of interfacial resis-
tance switching is either attributed to a valence change of the metal
ions [58, 59, 93] causing the formation of a virtual cathode [61, 77] that
grows and shrinks with the migration of the vacancies, or a modification
of the Schottky barrier height at the interface between the oxide and the
electrode [58, 77, 93, 97, 98]. In both cases, the accumulation of oxygen
vacancies near the negative electrode generally switches the system to
the low resistance state by reducing the width of the insulating layer or
lowering the Schottky barrier [93,99]. On the other hand, if the switching
material is initially conducting, depletion of the vacancies near the positive
electrode can form an insulating barrier at the interface [61,100,101]. If
the electrodes are also oxides or metals with suitable oxidation character-
istics [102], the oxygen vacancies may move between the electrode and the
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Figure 2.5. Mechanism of resistance switching based on migration of oxygen vacancies.
Negative voltage accumulates the positively charged oxygen vacancies near
the electrode, while positive voltage repels them.

switching material and modify the properties of both layers [103,104]. This
is also the case in Publication I where the barrier height at the interface is
increased when oxygen vacancies move from the oxide tunnel barrier layer
into the La2/3Sr1/3Mn3 electrode.

Models not involving mobile oxygen vacancies but electrostatic effects
have also been proposed to explain interfacial resistance switching. For
example, trapping and detrapping of electrons at defect states near the
interface has been suggested as an alternative mechanism for a modulation
of the Schottky barrier height [58,61,77,93,98,105]. Electron trapping can
also offer additional tunneling pathways [93,97,106]. For certain strongly
correlated materials, electron doping at the interface can induce Mott
transitions [107–109]. Additional mechanisms have been identified also for
ferroelectric materials [98]. Resistance switching induced by ferroelectric
polarization switching or the motion of ferroelectric domain walls has been
demonstrated by in situ TEM [110,111].

2.3 Ionic control of magnetism

The possibility of controlling magnetism and magnetic properties of ma-
terials by electric fields has raised interest in recent years [112–117]. In
general, voltage control of magnetism offers a new direction towards lower
power consumption in memory, logic and other spintronic devices. In oxide
materials, a natural way of modifying magnetism, along with other physi-
cal properties, is through the generation and migration of oxygen vacancies,
often driven by electric fields. Other mechanisms enabling voltage control
of magnetism include strain effects from piezoelectric or ferroelectric sub-
strates [118–120], charge modulation or orbital reconstruction [121–123]
induced by gating, and exchange coupling between an antiferromagnetic
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ferroelectric and a thin ferromagnetic layer [116, 124]. In some cases,
several mechanisms coexists at interfaces [113]. This section reviews
how oxygen vacancy migration can affect interfacial and bulk magnetic
properties.

2.3.1 Interfacial effects

Altering the oxygen vacancy concentration at oxide interfaces provides
a way of tailoring the chemical, electronic and magnetic properties that
emerge there [125–130], and a great deal of research has focused on control
of interfacial magnetism [128,131]. The mechanisms affecting the magnetic
properties of an interface are different depending on whether the system
consists of two oxides or an oxide and a magnetic metal. At an oxide/metal
interface, magnetism is affected by the migration of oxygen ions and the
oxidation of the magnetic metal interface, whereas at oxide interfaces
several processes may be at play [131,132].

Oxide/oxide interfaces
Generally in complex oxides, magnetism can emerge at the interface of two
intrinsically non-magnetic materials [131,133,134]. Effects that have been
attributed to the emergence of interfacial magnetism at oxide interfaces
include charge transfer, structural and strain effects, and oxygen or cation
defects [128,131,132]. Charge transfer across the interface is driven by a
difference in the chemical potential and it alters the valence state of B ions
in ABO3 perovskites. This effect can induce ferromagnetism in a 1–3 unit
cells thick layer at the interface [135]. The interface structure of oxides
is modified also by epitaxial strain. The resulting octahedral tilts and
distortions modify the chemical bonding and orbital occupations [128,132]
which gives rise to new magnetic states. Epitaxial strain can also stabilize
cations to valence states that are unfavorable in bulk perovskites [136].
Interfacial magnetism can also emerge from defects such as oxygen va-
cancies or cation intermixing. Both can alter the B ion valence states and
B–O bonds [128, 132]. Additionally, oxygen vacancies may form ordered
structures and induce structural phase transitions.

A widely studied example of emergent magnetism at the interface be-
tween non-magnetic oxides is the LaAlO3/SrTiO3. In this system, a two-
dimensional electron gas with extremely high mobility forms at the in-
terface [137], producing ferromagnetism and superconductivity at low
temperatures [138–141]. The effects emerge from a polar discontinuity
that reconstructs the electronic structure at the interface [142].

At LaAlO3/SrTiO3 interfaces the magnetic moment originates from Ti
ions, whereas at BiMnO3/SrTiO3 interfaces the magnetic moment is located
on the other side of the interface, comprised by Mn ions [143]. Other
magnetic properties, such as magnetoelectric coupling of ferroelectricity
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and ferromagnetism at titanate/manganite interfaces has been attributed
to modulation of the Mn valence state at the interface [144].

Oxygen vacancies have been shown also to affect the transport proper-
ties of 2D electron gases at oxide interfaces [134,145,146]. Furthermore,
reversible control over the formation of 2D electron gases has been demon-
strated through voltage control of oxygen vacancies [147]. In the reported
experiments, the interface could be switched between metallic and insu-
lating by controlling the oxygen vacancy content at the interface through
ionic liquid gating. A conducting 2D electron gas was found to form in the
presence of oxygen vacancies.

Direct voltage control of 2D electron gases at LaAlO3/SrTiO3 interfaces
through electrostatic effects has also been realized in transistor struc-
tures [148,149]. Another type of voltage control can be achieved in ferro-
electric materials. 2D electron gases can form also at interfaces between
SrTiO3 and ferroelectric perovskites [150–153]. In such systems, the 2D
electron gas and associated magnetism can be switched on and off by
ferroelectric polarization reversal.

Metal/oxide interfaces
Reversible oxygen ion migration at the interface between oxides and fer-
romagnetic metals enables electric field tuning of magnetic properties
by a change of the interface chemistry. In systems consisting of a thin
ferromagnetic metal film and an oxide layer, the main effects controlling
the magnetic properties are a modulation of the interfacial perpendicular
magnetic anisotropy and a reduction of the saturation magnetization, both
caused by the oxidation of the metal [154]. The formation of chemical
bonds between the ferromagnetic metal ions and the oxygen explain both
magnetic effects [155].

Magnetization, coercivity and magnetic anisotropy have been modulated,
for instance, in GdOx/Co [156–159] and MgOx/FeCo [160] by reversible
oxidation and reduction of the interface in an applied electric field. In [156]
reversible toggling of magnetism was demonstrated by applying small
bias voltages (<5 V). In the experiments, electric field-induced oxygen ion
migration, verified by in situ TEM and spectroscopy, reversibly changes
the oxidation state of the interface, which in turn reduces the interface
perpendicular magnetic anisotropy and triggers a rotation of the magneti-
zation from perpendicular to parallel to the film plane. Spatially resolved
electron energy loss spectra, collected using an electrical nanoprobing TEM
holder, showed that the application of negative voltages to the top electrode
drives oxygen ions from the GdOx layer into the thin Co film. The process
is completely reversed by the application of positive voltages.

In [159], a depth resolved polarized neutron scattering experiment on a
similar structure showed that oxygen vacancy migration can extend up
to 10 nm beyond the interface. The effect of Co oxidation is larger at the
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interface, where a >80% reduction of magnetization was detected, while in
bulk the reduction was 38%. In studies on electric field control of interface
magnetism, GdOx and MgOx are often used as solid electrolytes as they
exhibit high oxygen ion mobility at temperatures of 100–200 ◦C [156,159].

Figure 2.6. Ionic liquid gating. An applied gate voltage separates the ions in the liquid
and an electric double layer forms at the interface of the liquid and the film.
The short distance between the charged layers at the interface creates a strong
electric field that induces ion migration in the film.

Voltage control of magnetism can also be realized by ionic liquid gat-
ing [161]. In this method, an ionic liquid is applied to a magnetic film.
Under a bias voltage, the cations and anions of the ionic liquid are sepa-
rated. This results in the formation of an electric double layer, as depicted
in figure 2.6. The electric double layer, due to the short, subnanometer
distance between the charged layers at the interface, creates a strong elec-
tric field which enables oxygen ion migration through materials with low
oxygen mobility [113]. Due to the relatively limited motion of ions, most
experiments are performed in thin film devices with thicknesses smaller
than 20–30 nm. For example, in [162] and [163] the saturation magnetism
of Co/Ni was controlled by ionic liquid gating at the interface between an
ultrathin Co/Ni layer and a HfO2 oxygen buffer layer.

2.3.2 Bulk effects

Ionic control of magnetism beyond the interface can be attained in oxides
by the induction of purely magnetic or structural phase transitions. In per-
ovskites, oxygen vacancy migration can induce a magnetic phase transition
by changing the valence state of the transition metal ion. Concurrent struc-
tural and magnetic phase transitions are induced by the formation and
ordering of vacancies. A good example is the perovskite–brownmillerite
phase transition discussed in section 2.1. Both effects are discussed in
more detail below.
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Valency change
A good example of oxygen-vacancy-induced valence change is given by the
La1−xSrxMnO3−δ system. It exhibits a rich phase diagram as a function of
the Sr doping level as shown in figure 2.7. Magnetism in La1−xSrxMnO3−δ
originates from double exchange between Mn4+ and Mn3+ ions and the
electrical transport properties are determined by electron hopping along
Mn4+–O–Mn3+ chains [164,165]. Sr doping replaces La3+ ions with Sr2+

ions and this changes the Mn4+/Mn3+ ratio. Roughly equal numbers of
Mn4+ and Mn3+ ions are attained for 0.3 < x < 0.4 [166]. At this doping
concentration, La1−xSrxMnO3−δ exhibits robust ferromagnetism and metal-
lic conductivity with Curie and metal–insulator transition temperatures
above room temperature. At lower (x � 0.1) or higher (x � 0.5) Sr doping
levels, La1−xSrxMnO3−δ orders antiferromagnetically. Similarly, the elec-
trically conducting state changes into an insulating one for low (x� 0.17)
or high (x� 0.7) Sr doping concentrations.

Figure 2.7. Electronic phase diagram of La1−xSrxMnO3 as a function of the content
(adapted from [167,168]). The abbreviations indicate antiferromagnetic (AFM),
ferromagnetic (FM), paramagnetic (P), metallic (M) and insulating (I) phases.

Besides Sr doping the valence state of Mn ions is altered also by oxygen
off-stoichiometry. Generally for La1−xSrxMnO3−δ, the valence state of the
Mn ions depends on the Sr doping level and oxygen deficiency parame-
ter δ as Mn4+

y and Mn3+
1−y, where y = x−2δ [169]. Thus, the introduction

of oxygen vacancies effectively shifts the system towards lower x in the
La1−xSrxMnO3−δ phase diagram of figure 2.7. This enables reversible con-
trol over the electronic phase of La1−xSrxMnO3−δ by field-induced oxygen
ion migration, as demonstrated in ionic liquid-gated devices [167,169,170]

The similarity of Sr doping level and oxygen vacancy concentration effects
has also been demonstrated in La1−xSrxCoO3−δ [171]. Moreover, reversible

18



Ionotronics

electrochemical switching of ferromagnetism has been realized in ion gel
gated SrRuO3 [172], where the introduction of oxygen vacancies increases
the unit cell volume and decreases the overlap between Ru d orbitals and O
p orbitals. An increase of the oxygen vacancy concentration in these films
lowers the onset temperature of magnetoresistance, which is associated
with ferromagnetism. Similarly to La1−xSrxMnO3−δ, the effects caused
by variation of the oxygen vacancy concentration can be achieved also by
doping the Ru sites with suitable transition metals [173].

Reversible control of magnetism has been realized also through cation
migration. In ferrites, electric field induced lithium ion migration and inter-
calation through bulk γ-Fe2O3 reduces the magnetic moment by 30% [174].
In CuFe2O4 and ZnFe2O4, the same effect increases to 50% and 70%, corre-
spondingly [175]. In γ-Fe2O3, the insertion of Li ions leads to a reduction
of the Fe3+/Fe2+ ratio and a redistribution of the Fe3+ ions. In CuFe2O4,
lithiation reduces Cu2+ to Cu+. This destroys the magnetic coupling in
Cu2+–O–Fe3+ bonds and changes the Fe3+–O–Fe3+ bond angle. In ZnFe2O4,
in addition to Fe3+ ion reduction, magnetic effects are mostly attributed to
Li ion induced shifts of the Neél temperature.

Oxygen vacancy ordering and structural phase transitions
The role of oxygen vacancy ordering on magnetic and other physical prop-
erties can be seen for example in LaxSr1−xCoO3. In bulk, LaCoO3 is not
magnetic whereas tensile strained epitaxial thin films are ferromagnetic
with a Curie temperature of ∼80 K [14, 176]. The ferromagnetic phase
correlates strongly with the appearance of "dark stripes" in HAADF-STEM
images [14,44,46,177], demonstrating the formation of an oxygen vacancy
ordered superstructure. The magnitude of the magnetic moment was found
to scale with the proportion of the modulation structure [46,177], providing
evidence of its origin.

Ordering of oxygen vacancies has also been found to induce magnetic
phase transitions in other perovskite films. In [26], Gd capping layers were
used to remove oxygen from a 36 nm thick La0.67Sr0.33CoO3 film. At a criti-
cal oxygen deficiency, a transition between a metallic ferromagnetic state
and a non-magnetic insulating state measured. This transition correlates
with a perovskite–brownmillerite structural transition, as demonstrated
by ex situ TEM experiments. Similarly, a Gd2O3 layer on La0.67Sr0.33MnO3

was found to remove oxygen from a 40 nm thick film, suppressing the mag-
netization and increasing the coercive field [178]. The properties of the film
could be restored by annealing in oxygen. Annealing treatments were used
also in [33] to induce a transition in La0.7Sr0.3MnO3 from a ferromagnetic
metallic state to an antiferromagnetic insulating phase. The magnetic
transition again correlates with a perovskite–brownmillerite structural
transformation. In [179] La0.45Sr0.55MnO3 and SrCoO3 were combined in
a bilayer. Using ionic liquid gating in a TEM chip, both structural phase
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transitions in SrCoO3 and different oxidation levels of La0.45Sr0.55MnO3

were found to affect the magnetic state of the films.

2.4 Modeling of ion migration

A simple model for ion migration in solids was developed by Mott and
Gurney in 1940 [180]. With the inclusion of thermal effects, it has been
found in the past decade to be well suited for the modeling of oxygen
vacancy dynamics in resistance switching materials [181, 182]. In the
model, illustrated in figure 2.8, a mobile ion hops between potential minima
formed by rigid lattice ions. The distance between the sites is a and the
activation energy or diffusion barrier (the maximum potential difference
between the sites) is Ea. In zero field, the probability of ion hopping is
given by the Boltzmann factor e−

Ea
kBT , where kB is the Boltzmann constant

and T is the temperature. The drift velocity of the ions can be acquired by
multiplying the hopping probability with the attempt-to-escape frequency,
f ∼ 1012 Hz, and the hopping distance a:

v = af e−
Ea

kBT . (2.2)

Figure 2.8. Left: Potential energy between ion sites. Right: Potential energy under an
external electric field. The red spheres represent oxygen ions and the barriers
are formed by blue lattice cations.

In zero electric field, the drift velocity is equal in all directions and
the net drift is zero. In non-zero electric field E, the lattice potential for
charged ions becomes skewed (see figure 2.8). For an ion with charge q,
the activation energy is reduced by 1

2 aqE towards the lower potential and
the drift velocity becomes

v = af e−
Ea− 1

2 aqE
kBT . (2.3)
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The net drift velocity in non-zero field is given by the sum of the drifts
along (negative direction) and against the field (positive direction):

v = af e−
Ea− 1

2 aqE
kBT −af e−

Ea+ 1
2 aqE

kBT

v = af e−
Ea

kBT

(
e

aqE
2kBT − e−

aqE
2kBT

)

v = 2af e−
Ea

kBT sinh
(

aqE
2kBT

)
. (2.4)

For small fields, the drift velocity depends approximately linearly on the
external field but when the field is of the order 2kBT

aq , or 0.1 V
nm for typical

materials and experimental conditions, the dependence becomes exponen-
tial. The temperature dependence of the drift velocity is also exponential.

In addition to drift, more accurate models of ion migration dynamics
should also include ion diffusion driven by concentration and tempera-
ture gradients. Describing the Fickian diffusion of the ions involves two
additional parameters, diffusivity and mobility. An expression for the
diffusivity D can be found by first considering the drift velocity at small
fields (sinh E ∼ E):

v ∼ e
Ea

kBT
a2 f qE

kBT
. (2.5)

The definition of the mobility μ of a charged particle in an electric field is
v =μE, and comparing it to equation 2.5 allows one to see that

μ= a2 f q
kBT

e
−Ea
kBT . (2.6)

The diffusivity D can then be acquired through the Einstein relation
D = μkBT

q as

D = a2 f e
−Ea
kBT (2.7)

In a temperature gradient, ions in a hotter region have higher energy and
are thus more likely to move towards the colder region [78]. Conversely this
means that oxygen vacancies are attracted towards higher temperature.
The strength of the effect is given by the Soret coefficient

S = −Ea

kBT2 (2.8)

Now, considering the three effects governing the motion of ions, the time
dependent drift–diffusion equation can be written as

∂n
∂t

=∇· (D∇n−vn+DS∇Tn). (2.9)

Here, the signs of the terms are written such that they correspond to
positively charged oxygen vacancies with n being the concentration of the
vacancies. The first term on the right side describes the Fick diffusion in a
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concentration gradient, the second term is the vacancy drift in an electric
field and the last one is the thermal diffusion.

As noted earlier, the drift velocity and diffusivity depend exponentially
on temperature. In in situ TEM experiments on La2/3Sr1/3MnO3 presented
in this thesis (Publication II) the main source of heat is the Joule heating
produced by the current passing through the sample. In steady state the
temperature can be solved from the heat equation −k∇2T = q, where k
is the thermal conductivity and and q is heat source power density. The
power density of Joule heating is given by q = J ·E, where J is the current
density. The temperature increase due to Joule heating is thus given by

−k∇2T = J ·E (2.10)

The current density in turn is described by the current continuity equa-
tion

∇· J =σ∇·E =−σ∇2V = 0, (2.11)

where σ and V are the electrical conductivity and potential.
Methods for solving the drift–diffusion equation, the heat equation and

the current continuity equation in a self-consistent manner for our experi-
mental in situ TEM geometry are described in section 5.1
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3.1 Transmission electron microscopy

The main experimental method in this work is in situ transmission electron
microscopy (TEM). TEM is a powerful characterization tool for various
nanomaterials in which an electron beam is transmitted through a thin
sample [183]. The beam electrons interact with the atoms in the sample
and the modified beam is projected on a detector to form an image. The
main difference and advantage of TEM compared to optical imaging is thus
the use of electrons instead of light. For optical imaging the resolution
limit, or the smallest discernible feature d, is approximately given by

d = λ

2nsinα
, (3.1)

where λ is the wave length of the light, n is the index of refraction of the
medium and α is the half angle of the beam cone. Using visible light with
wavelengths of ∼400–700 nm, the resolution is thus fundamentally limited
to a few hundred nanometers. The way to improve the resolution is to
consider the main result of quantum mechanics: that matter and particles
have wave nature. The de Broglie wave length for particles is given by

λ= h
p

, (3.2)

where h is the Planck constant and p is the momentum. In TEM, the
electrons are accelerated in a high electric field which gives them a kinetic
energy eV where e is the electron charge and V is the acceleration voltage.
This energy is equal to the standard kinetic energy as

eV = 1
2

m0v2, (3.3)

where m0 is the mass of the electron and v is its velocity. Combining
equation 3.3 with the definition of momentum then gives

p = m0v =
√

2m0eV , (3.4)
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which can now be inserted into equation 3.2, giving the wavelength of an
electron

λ= h�
2m0eV

. (3.5)

In typical TEMs the acceleration voltage is 100-300 kV which accelerates
the electrons to more than half the speed of light. Thus, relativistic effects
are significant and equation 3.5 needs to be rewritten as

λ= h√
2m0eV

(
1+ eV

2m0c2

) , (3.6)

where c is the speed of light. Higher acceleration voltage gives smaller
wavelength and correspondingly higher resolution. For example, at 200 kV
the wavelength of the electrons is 0.00251 nm.

3.1.1 Beam–sample interaction and imaging

As charged particles, electrons scatter strongly from both the nuclei and
electron clouds of the sample atoms. Several processes, illustrated in
figure 3.1, occur when electrons interact with a thin, typically 10–100 nm
thick, TEM sample. These interactions can be divided in elastic and
inelastic depending on whether the electron energy is conserved or not.
Generally, images are formed from elastically scattered electrons whereas
inelastic scattering reveals information about the chemical and electronic
state of the sample.

Figure 3.1. Interactions between the electron beam and a TEM sample.
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Standard bright field images are formed by the detection of unscattered
electrons. Thicker or denser areas of the samples scatter and absorb
more electrons resulting in dark contrast on a bright background. In
crystalline samples, the contrast is altered significantly by Bragg scattering
from ordered atomic planes. Electron beams that scatter coherently from
different atomic planes become spatially separated in the diffraction plane
after the objective lens. An aperture can be used to select one or more of
these scattered beams while blocking the unscattered direct beam. This
produces a dark field image in which the bright contrast from the selected
crystal orientation appears on a dark background.

In high resolution TEM (HRTEM) imaging of atomic lattices is achieved
by utilizing phase contrast that arises when both direct and diffracted
beams are collected on the detector. The relative phase difference and
interference of the beams form a fringe pattern that depends on the sample
thickness and focus values. The resulting image is not a direct repre-
sentation of the atomic structure of the sample but corresponds to the
structural periodicity of the lattice. The atomic structure can be recon-
structed computationally from a series of images acquired at different
focus values.

Another contribution to high resolution imaging is the development of
aberration correctors. The electromagnetic lenses used in TEM deflect
the electron beam more strongly further away from the optical axis. This
spherical aberration, CS, is corrected by a set of additional electromagnets.
Tuning the CS to negative values enables direct imaging of atoms with
small atomic number, i.e., oxygen [184].

3.1.2 Scanning transmission electron microscopy

Scanning transmission electron microscopy (STEM) is a variation of stan-
dard TEM where, instead of even sample illumination, the electron beam
is focused to a small spot. This spot is scanned over the sample and the
intensity of detected electrons at each position is converted to the contrast
of a pixel in the image. In an aberration corrected STEM, the spot size is
smaller than 1 Å and, thus, the beam interacts with single atomic columns.

Most of the STEM imaging in this work is conducted in high angle
annular dark field mode (HAADF-STEM) in which the image is formed by
collecting electrons with high (typically 6 to 9 degrees) scattering angles
on an annular detector. At scattering angles larger than ∼ 5°, electron
scattering is approximated by unscreened Rutherford scattering [185].
This means that the electrons mainly interact with the nucleus and that
effects caused by the electron cloud are negligible. In this case, the atomic
scattering factor f (θ) is given by

f (θ)= 1+ E0
mc2

8π2a0

(
λ

sinθ
2

)2

(Z− fx), (3.7)
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where E0 is the beam electron energy, a0 is the Bohr radius, Z is the atomic
number and fx is the X-ray scattering factor. The Rutherford cross section
corresponds to the square of the atomic scattering factor, f (θ)2, which gives
an image contrast that approximately scales with Z2. Operation under
these conditions is often referred to as Z-contrast imaging as heavier
elements appear brighter in a HAADF-STEM image.

3.1.3 Spectroscopic methods

Spectroscopic methods utilize the inelastically scattered electrons that are
not used for forming an image in standard TEM or STEM. During inelastic
scattering, energy is transferred from the incident electrons to the sample.
Excitations in the sample can be detected in the energy distribution of
the transmitted beam or through secondary processes such as X-ray or
secondary electron emission. Two most common spectroscopic methods in
TEM are electron energy loss spectroscopy (EELS) and energy-dispersive
X-ray spectroscopy (EDX). Both EELS and EDX are typically performed in
STEM mode due to its high spatial resolution.

Figure 3.2. Origin of EELS and EDX signals. a) In elastic scattering, no energy is trans-
ferred from the beam electrons to the sample atoms, while in inelastic scat-
tering the beam electrons eject inner shell electrons and lose the required
ionization energy and additional kinetic energy. The energy loss depends on
the material and it is different for K or L shell electrons. The EELS spectrum
is acquired by measuring the energy loss distribution of the beam. b) Genera-
tion of characteristic X-rays. An electron from a higher shell fills the hole left
by an ejected electron and the energy difference is emitted as an X-ray. The
shell energy levels and X-rays are unique to each element and detecting them
in EDX allows the atomic distribution of the sample to be detected.

EELS spectra are acquired by measuring the energy distribution of the
transmitted electron beam. After transmission through the sample, energy
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of the beam is spatially resolved by passing the beam through a magnetic
field. Typical features in EELS spectra, presented in figure 3.3, include a
zero loss peak, a plasmon peak and a core loss edge. The zero loss peak
is formed by unscattered electrons and it is much more intense than the
rest of the spectrum. The plasmon peak is typically found in the range of
5–50 eV energy loss and originates mainly from plasmon excitations and
interband transitions.

Figure 3.3. Features of an electron energy loss spectrum. The measurement in the inset
depicts the oxygen K-edge of a La2/3Sr1/3MnO3 film.

The high loss part of an EELS measurement contains information on the
chemical nature of the atoms in the sample. The ejection of inner shell
electrons by the electron beam, pictured in figure 3.2a, produces peaks
in the EELS spectrum which, due to the unique energy levels of each
element, can be used to analyze the chemical state of the elements with
atomic resolution. The beam electrons may transfer additional kinetic
energy to the ejected sample electrons in addition to the ionization energy.
Depending on the additional energy loss, the ejected sample electrons may
be excited to unoccupied states in the sample which effectively probes the
local density of states above the Fermi level [186]. This gives rise to a
sharp edge at the ionization energy of each shell and a near edge structure
(ELNES) within 50 eV of the edge which contains information about the
electronic structure and chemical bonding of atoms. Structural phases and
oxidation states can therefore be inferred from ELNES.

In the context of this work, the most valuable information that can
be extracted from EELS is the valence state of transition metal ions in
complex oxides. The EELS spectra of transition metal ions contain two
pronounced core loss peaks, the L3 and L2 white lines originating from
transitions from 2p3/2 and 2p1/2 states to unoccupied 3d states [187]. The
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occupancy of the 3d states is affects the intensities of the peaks and
the ratio of their integrated areas can be compared to reference data to
determine the valence state of the ion [188,189]. Generally, the L3/L2 peak
ratio increases with the number of electrons in 3d states and for metals
with a partially filled 3d band, the ratio decreases as the oxidation state
increases [190]. An example is shown in figure 3.4, wherein Mn L-edge
spectra of a La2/3Sr1/3MnO3 film after the application of different voltage
pulses are plotted. In this experiment, positive voltage pulses applied on
the substrate drive oxygen vacancies into the measured area, resulting in
an increase of the L3/L2 ratio. Correspondingly, negative voltage pulses
restore some of the oxygen and decrease the ratio. In case of perovskites,
the valency can be connected to the degree of oxygen deficiency ranging
from fully stoichiometric ABO3 to the brownmillerite phase ABO2.5.

Figure 3.4. EELS spectra of the Mn L-edge of a La2/3Sr1/3MnO3 film after application
of different voltage pulses. The changing ratio of the L3 and L2 peak inten-
sities indicates a variation of the Mn valence state. The spectra have been
normalized and shifted to align the L3 peaks.

Besides the oxygen L edge, EELS measurements of oxide materials often
focus on the oxygen K-edge, which arises from 1s electron transitions to
2p bands [190]. The ELNES of the oxygen K-edge also reflects changes
in the oxidation state of the Mn ions. The intensity and energy loss of a
pre-peak, visible for La2/3Sr1/3MnO3 in the inset of figure 3.3, is sensitive
to Mn 3d occupancy and bonding and, thus, the Mn oxidation state. For
instance, a decrease of the oxygen concentration reduces the pre-peak
intensity. Furthermore, the separation between the pre-peak and the
second peak increases if the oxidation state of Mn ions enhances. The more
prominent second and third peaks in ELNES originate from hybridization
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of the oxygen with La 5d and Mn 4sp bands [191], respectively. The pre-
peak intensity and its energy separation from the second peak depend
approximately linearly on the Mn oxidation state [190].

EDX spectra are measured by detecting characteristic X-rays which are
emitted from the sample when an inner shell electron is ejected by the
electron beam and an outer shell electron fills the hole, as depicted in
figure 3.2b. Because the energy levels and the resulting X-ray spectrum
are unique for each element, EDX can be used to measure and map the
elemental composition of a specimen. In practice, lighter elements are
difficult to detect by EDX due to lower x-ray yield for lower Z elements and
increased absorption within the sample at lower energies. In addition, the
construction and materials of standard detectors prevents measurement
of elements with Z < 11 [186].

The emitted X-rays can eject another inner shell electron from the sample.
These so-called Auger electrons carry similar elemental information as
the characteristic X-rays. Since secondary electrons are strongly absorbed
by the sample, Auger electron spectroscopy (AES) is a surface sensitive
method that is more commonly used in scanning electron microscopy
(SEM). The electron beam can also eject secondary electrons from the
valence band. These secondary electrons are not associated with specific
atoms or elements but originate from the sample surface. They are used
for SEM imaging.

3.2 In situ methods

In situ TEM refers to techniques that allow controlling the sample envi-
ronment, such as temperature and liquid or gas atmosphere or change the
sample properties by applying external stimuli like bias voltage, mechani-
cal stress or light inside a TEM. The ability to trigger dynamic processes
during real-time atomic resolution imaging makes these methods a unique
tool for functional nanomaterial characterization [192–194]. Furthermore,
when combined with analytical methods, in situ TEM enables correlat-
ing macroscopic measurements with microscopic changes in the atomic
structure and electronic or chemical state of the sample.

Most in situ techniques are based on special sample holders that offer
the necessary functions while fitting inside the microscope and allowing
high resolution imaging. The following sections discuss various in situ
methods and their applications in materials characterization.

3.2.1 Electron beam irradiation

Typically, radiation damage by the electron beam is to be avoided during
TEM imaging. However, in some cases it can be used to induce non-
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destructive changes in the sample. Beam irradiation has been used, e.g., in
controlling metal nanoparticle growth [195,196] and the etching of carbon
nanomaterials [197,198]. In [22] and [25], beam irradiation was used to
induce structural phase transitions in manganite and cobaltite perovskite
films by modifying the concentration and ordering of oxygen vacancies.

3.2.2 Mechanical straining

Applying mechanical stress on a TEM specimen can elucidate the micro-
scopic origins of its mechanical properties [199, 200]. In situ straining
holders exploit piezoelectric actuators to apply uniaxial compressive or
tensile strain on the sample or to control a sharp nanoindenter that is
pressed into the sample [200].

Most in situ mechanical straining studies focus on the dynamics of crystal
defects, such as dislocations and grain boundaries, which have a profound
effect on the mechanical properties of materials [200]. Other uses include
the characterization of piezoelectric materials [199], studies of mechanical
size effects [200,201], and mechanical testing of carbon nanotubes [202]
and nanowires [203].

The Nanofactory HE150 electrical probing holder used in this work can
also be exploited for mechanical straining, although it lacks a sensor for
the applied force.

3.2.3 Heating

Variation of temperature is the most obvious way of changing the struc-
ture and related properties of matter. In situ heating has been used
in various studies on solid–solid and solid–liquid reactions [204] such
as grain growth [205], solid phase transitions [206, 207], and nanowire
growth [208]. Other applications of in situ heating include the character-
ization of thermal stability of perovskite solar cell materials [209, 210],
catalysis of nanoparticles in combination with differential pumping envi-
ronmental TEM [211,212] and studies on defects in graphene [213] and
other two-dimensional materials [214].

The experiments in Publication III were performed using a DENSsolu-
tions Lightning in situ heating and biasing holder. The chip-based holder,
pictured in figure 3.5, contains an embedded heating coil around a window
on which a focused ion beam (FIB) cut sample lamella is mounted.

3.2.4 Electrical biasing

The application of voltage and current through a TEM sample can have
several effects. For instance, the electric field can cause ion migration
in oxide materials and the current can elevate the temperature locally
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Figure 3.5. The DENSsolutions Lightning heating and biasing holder.

through Joule heating which, in turn, affects the mobility of ions and can
induce structural phase transitions. All these effects are crucial in studies
on resistance switching [215]

Other applications of in situ biasing include ferroelectric domain switch-
ing [216–218], the characterization of lithium ion battery [219,220] and
solar cell materials [221], and electromechanical measurements of nano-
materials [222–225].

Electrical biasing of a TEM sample can be accomplished using two dif-
ferent types of specimen holders. The first type contains a replaceable
chip with pre-patterned electrodes [95,226,227]. In this geometry, a thin
lamella of the sample is prepared and mounted on the chip and connec-
tions to the top electrode layer and substrate are often made using, e.g.,
local chemical vapor deposition in a focused ion beam system [228, 229].
The second holder type uses a piezo-controlled metal probe to contact the
sample locally [85,230–232]. The first holder type usually also includes a
heating option, while the latter allows mechanical straining of the sample.

The sample holder used in Publication II and Publication IV is the
Nanofactory HE 150 electrical probing holder (figure 3.6) which uses Pt/Ir
scanning tunneling microscopy probes mounted on a piezo tube for contact-
ing the sample. The tip radius of the probes varies from 5 to 20 nm. The
TEM specimen is prepared by cross-sectional mechanical wedge polishing
(described in section 4.2.1) and mounted on a tilting cradle that leaves the
film surface accessible for the probe. In most electrical biasing in situ TEM
experiments ,the metal probe is grounded and the bias voltage is applied
to the substrate. The source-meter system of the holder allows voltages
up to 120 V and measures currents down to the nA scale. Typically a
small voltage (∼0.1 V) is applied during the approach and the current is
monitored to confirm the contacting. Depending on the amount of residual
or beam-deposited carbon on the sample, the probe needs to be pushed
more firmly to setablish a good electrical contact. Once a good contact is
achieved, the width of the contact area is typically 10–30 nm.
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Figure 3.6. Left: Nanofactory HE 150 in situ electrical probing holder. Right: STEM
image of the probe approaching a cross-sectional TEM specimen.
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4. Sample preparation

4.1 Pulsed laser deposition

The thin film samples in this work are grown using a pulsed laser depo-
sition (PLD) system. PLD is a physical vapor deposition method that is
widely used for high quality epitaxial thin film growth [233,234]. In PLD,
an intense laser pulse is fired into a vacuum chamber and focused on a disc
of target material. With high enough energy density the target material
is vaporized and ionized and an ablation plume is ejected away from the
target surface. A substrate is positioned in the plume and the plasma con-
denses on the surface as illustrated in figure 4.1. The substrate is heated
to reduce defects through enhanced surface diffusion of the deposited ions,
enabling epitaxial growth. The ambient gases and pressure in the chamber
affect the growth and quality of the film. Typically, for oxide materials an
oxygen atmosphere is required to achieve stoichiometric films.

Figure 4.1. Schematic of the components of a PLD system.
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The greatest advantage of PLD is its stoichiometric transfer of the target
material into the film. The energy density of the laser pulses is so high that
the target material is ablated mainly in low mass, atomic and diatomic
species without selectivity. This feature is desirable for growing complex
oxide materials that consist of three or more elements since a single target
with the desired composition can be used. Other benefits include large
flexibility in the selection of deposition parameters, e.g., laser pulse energy,
duration and repetition rate, substrate temperature, and background gas
pressure, that accommodate a wide range of materials.

The films in this work are grown on 10×10 mm2 single crystal SrTiO3

(STO) and 0.7 wt-% Nb-doped SrTiO3 (NSTO) (001) substrates. The con-
ducting NSTO substrates are used in electrical biasing in situ TEM experi-
ments. Before deposition, the substrates are etched in buffered HF for 30
seconds and annealed at 950 ◦C in oxygen atmosphere for 1 hour to ensure
an atomically flat TiO2-terminated surface [235,236].

The growth parameters, i.e. deposition temperature and oxygen partial
pressure, used in Publication I are 700 ◦C and 0.5 mbar for the La2/3Sr1/3MnO3

electrodes, 600 ◦C and 0.2 mbar for the PbZr0.2Ti0.8O3 and 700 ◦C and
0.15 mbar for the BaTiO3 and SrTiO3 layers. In Publication II and Publi-
cation IV the La2/3Sr1/3MnO3 films are grown in 0.5 mbar oxygen partial
pressure at 700 ◦C and cooled down to room temperature in 0.5 mbar oxy-
gen pressure after deposition. The La1/2Sr1/2CoO3 films in Publication III
are grown in 0.2 mbar oxygen partial pressure at 800 ◦C and cooled down
in 0.2 mbar oxygen pressure. For the deposition of all materials, the laser
fluence and repetition rate are set to 2.5 J

cm2 and 4 Hz, respectively.

4.2 Cross-sectional TEM sample preparation

The resolution of TEM is ultimately limited by the quality of sample
preparation. The sample should be thin, less than 100 nm but ideally
10–30 nm, and free of contaminants and defects. Furthermore, in situ
measurements set additional requirements regarding the sample geometry,
mounting and electrical contacting. For the Nanofactory in situ probing
holder, the surface of the film needs to be accessible for the probe.

The TEM samples in this work are prepared either by mechanical wedge
polishing plus ion milling or focused ion beam milling, depending on the in
situ holder used. The two TEM sample preparation processes are described
in the following sections.

4.2.1 Mechanical wedge polishing

An overview of the mechanical wedge polishing process for the preparation
of in situ TEM samples is presented in figure 4.2. First, the sample is
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Figure 4.2. Schematic of the mechanical wedge polishing process. a–b) The sample is
sandwiched between silicon substrates. The silicon is fixed by cyanoacrylate
glue on top of the film and by epoxy on the bottom of the substrate. c) A slice
of the sandwich is polished from both sides to 30 μm thickness. d) The sample
is polished at 1◦ angle until a thin strip of the top silicon remains. e) The
sample is glued on a half copper TEM grid by epoxy and transferred to an ion
beam milling system for final thinning. After ion milling, conductive epoxy is
used to connect the substrate to the copper grid.

sandwiched between 0.5 mm thick pieces of silicon which provide structural
support for the sample (figure 4.2b). The silicon is also used to gauge the
thickness of the sample at the end of the mechanical polishing setup as it
becomes translucent below 5 μm. The silicon is attached by epoxy (Gatan
G1) on the substrate side and the film side is fixed by cyanoacrylate glue
(Loctite 460), which is later removed by acetone in order to leave the film
surface open and accessible for the nanoprobing holder. The epoxy is cured
by brief heating to ∼100 ◦C before fixing the sample on a glass stub by wax.

Mechanical polishing is carried out using an Allied MultiPrep tripod
polishing system (pictured in figure 4.3). The cross section is first polished
flat using diamond lapping films with a grain size ranging from 30 to
0.5 μm and finished with a 40 nm silica particle suspension on a cloth
plate (figure 4.2c). After this, the sample and glass stub are cleaned and
the sample is remounted for polishing of the second side. The sample is

Figure 4.3. Mechanical polishing system. A tripod head with the sample is lowered on a
rotating plate with a diamond lapping film.
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Figure 4.4. a–c) Optical microscope images of the cross-sectional sample during mechan-
ical polishing. The development of a color gradient in the silicon indicates
the formation of a wedge shape. The film is located on the right edge of the
substrate (transparent layer in the middle). d) TEM sample in the ion milling
system after mounting to a half copper grid.

polished on down to a thickness of about 30 μm. After this, the tripod head
is tilted to an angle of 1° to form a wedge shape. Polishing is then continued
until the top silicon is reduced to a thin ∼5 μm wide strip, as shown in
figures 4.2d and 4.4. After mechanical polishing, a half copper grid is fixed
to the sample by epoxy. Once the the epoxy is cured, the sample is released
from the glass stub by soaking in acetone. This also removes the remaining
glue and the top silicon layer (figure 4.2e).

After mechanical polishing, the thickness of the film in the top of the
wedge is a few microns. Further thinning is conducted by argon ion milling
in a Gatan Precision Ion Polishing System. This system uses two argon
ion beams with an acceleration voltage of 4.5 kV. The two beams are
focused on the top and bottom of the TEM sample at 5° and −3° angles,
respectively. The sample is rotated and the beams are modulated such
that they polish the sample only from the substrate side towards the film
surface in order to reduce beam damage. The thickness of the sample
is monitored through an optical microscope by observing the appearance
of interference fringes at the surface (figure 4.5). Milling is continued
until a small hole appears at the surface. After this, final cleaning using
argon ion milling at 1 kV for 1 minute is conducted. For in situ electrical
measurements, a conducting contact between the substrate and the copper
ring is made using a silver-particle epoxy.

4.2.2 Focused ion beam milling

The preparation of a cross-sectional TEM specimen by focused ion beam
(FIB) milling [237] starts by sputter deposition of a 30–100 nm thick carbon
or Pt layer onto the sample outside the FIB system. The pre-deposition
layer offers protection from the ion beam and makes the surface conductive.
Next, a 1–2 μm nm thick Pt protection layer is deposited over the area
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of interest by ion beam induced deposition inside the FIB, as seen in
figure 4.6a. During chemical vapor deposition process, a gaseous precursor
is first introduced into the system. The precursor adsorbs on the surface of
the sample and the scanning ion beam is used to decompose the precursor
molecules. After this, the metal chemisorbs on the surface and the volatile
components are pumped out of the vacuum chamber.

The forming of the lamella begins by milling two grooves on both sides of
the protection layer. The grooves are extended outwards to form a staircase-
shaped pattern (see figure 4.6b). After necessary depth is reached, the
lamella is thinned to about 1 μm thickness. Next, an undercut is made
below the lamella leaving it connected to the bulk of the sample from its
side as seen in figure 4.6b. A micromanipulator is welded on the corner of
the lamella by Pt deposition (figure 4.6c) and the lamella is released from
the bulk by milling the remaining connection.

The lamella is then transferred to a sample holder chip, as in figure 4.6d,
or a TEM grid. The lamella is fixed in place on a beam window by Pt
welds (figure 4.6e) and the micromanipulator is cut off. For electrical
measurements, the lamella is connected to the electrodes on the chip by Pt
welds. Additional cuts are milled at the sides of the lamella (see figure 4.6f)
to connect the electrodes to the film on one side and to the substrate on
the other. The final thinning to electron transparency is performed while
gradually lowering the ion beam acceleration voltage and current as the
thickness of the lamella decreases (figure 4.6f).

Figure 4.5. Optical microscope image recorded during ion milling. Interference fringes
around the thin area indicate a thickness gradient. The film is Milling is
carried out until a small hole appears at the surface.
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Figure 4.6. Focused ion beam sample preparation process. a) A 1–2 μm thick Pt protection
layer is deposited on the area of interest. b) A lamella is formed by milling
grooves around the protected area. An undercut is milled below the lamella,
leaving it connected to the bulk of the sample from one side. c) A microma-
nipulator is welded on the corner of the lamella and the lamella is released
by milling the remaining connection. d) The lamella is transferred onto a
specimen holder chip and positioned above a beam window. e) The lamella
is welded on the chip and the micromanipulator is cut off. f) Additional cuts
are milled to the sides of the lamella in order to connect the film and sub-
strate to the electrodes on the chip. Finally, the lamella is thinned to electron
transparency.
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5. Numerical methods

5.1 Finite element simulations

Finite element method (FEM) is a numerical method for solving boundary
value problems of partial differential equations. FEM can be used to
acquire approximate solutions to many physics problems that cannot be
solved analytically due to, e.g., coupled nonlinear equations or complex
geometry. FEM is typically applied in problems related to structural
mechanics, heat and mass transfer, and electromagnetism.

Generally a boundary value problem is of the form

L u = f in Ω (5.1)

u = g in δΩ, (5.2)

where L is a differential operator, u is the function, e.g., temperature or
potential, being solved f is the source or load term and Ω is the domain
(geometry) in which the function is solved. The boundary condition gives
the value of the function, g, on the edge of the domain, δΩ (Dirichlet
boundary condition). The boundary conditions can also set the derivative
u′ = g at the edge (Neumann boundary condition). Periodic boundary
conditions and linear combinations of Dirichlet and Neumann conditions
are also possible.

The basic steps of FEM [238] are

1. Discretization of the domain

2. Approximation of the dependent variable with basis functions

3. Construction of a system of equations

4. Solving the system of equations

In discretization the domain Ω is divided to smaller subdomains or
elements. The elements are line segments in one dimension, triangles or
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rectangles in two dimensions, and tetrahedra are most common in three
dimensions. The values of the function at the nodes of the elements are
approximated as a sum of weighted basis functions ψi with

u ≈ uH =
∑

i

uiψi, (5.3)

where ui are the weighing coefficients of the basis functions. The principle
is illustrated in figure 5.1 in one dimension. The schematic shows the
function u in blue, the approximated function in red and the basis functions
at the bottom of the figure. In this case the basis functions are linear
functions with value of one in one node and zero in other nodes. Depending
on the problem and geometry more complex basis functions, typically
polynomial, can be used. One of the advantages of FEM is the freedom in
choosing the discretization. The elements can be placed more densely in
areas with high curvature as figure 5.1 shows.

Figure 5.1. Approximating function u (blue) as weighted sum of linear basis functions
ψi with coefficients ui in one dimension. In FEM the size of the elements
can be adjusted to have higher density of nodes in areas of higher curvature.
Illustration adapted from [239]

The original partial differential equation is formulated using variational
calculus methods and the basis functions. This transforms the differential
equation into a system of algebraic equations. The equations can be written
in matrix form

K ūH = b̄, (5.4)

where K is the stiffness matrix and ūH and b̄ are the values of the function
and loads/forces at each node, respectively. The stiffness matrix encodes
the connectivity between the nodes and the so called weak formulation
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of the original partial differential equation with the boundary conditions.
The matrix has a size of n×n, where n is the number of elements, but since
each element has only a few neighbors the matrix is sparse.

The methods for solving the matrix equation are generally divided to
direct and iterative methods. In direct methods the matrix is inverted
by Gaussian elimination using various decomposition methods. Direct
solvers are mainly used for smaller problems where inverting the matrix
is not too computationally intensive. For larger problems, iterative solvers
use optimization algorithms such as the conjugate gradient method that
start with an initial guess and approach the solution step by step. In the
conjugate gradient method, a functional is constructed and minimized such
that the minimum of the functional gives the solution of the equation 5.4.
Another advantage of FEM is that the numerical solution uH approximates
the real solution of u with well defined error bounds that can be reduced,
e.g., by refining the discretization.

In this thesis, commercial software (Comsol Multiphysics 5.2) is used
for building and solving an electro-thermal model of oxygen vacancy mi-
gration. Building the model involves defining a geometry that matches
the experimental setup, choosing equations that describe the physics and
inputting the necessary material parameters and boundary conditions. In
Publication II, the physical model for oxygen vacancy dynamics is based on
the self-consistent solving of three equations, as discussed in section 2.4:

∂n
∂t

=∇· (D∇n−vn+DS∇Tn) (5.5)

−k∇2T = J ·E (5.6)

−σ∇2V = 0. (5.7)

The required parameters are the electric and thermal conductivities and
the activation energy of oxygen vacancy migration in each material. The
simulated geometry consists of a small part of the sample around the
contact area between the film and the nanoprobe. The boundary conditions
set the values of various parameters on different surfaces or volumes of the
geometry. The initial oxygen vacancy concentration has different values in
different parts of the film and the substrate corresponding to ideal oxygen
vacancy concentrations of different structural phases. The temperature of
the sample is set initially to room temperature. Two surfaces, the bottom
of the substrate and the nanoprobe contact area, are kept at constant
room temperature. The constant temperature boundary conditions are
not only required to prevent unbounded increase of the temperature, but
also to account for the rest of the sample that is not included in the model.
The voltage boundary conditions are set to match the experiment: the
nanoprobe contact is set to zero potential and the time-dependent voltage
pulses are applied on the bottom of the substrate. More detailed discussion
of the simulations can be found in section 6.3.1.
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5.2 Quantitative STEM image analysis

Lattice spacing and strain maps were extracted from HAADF-STEM im-
ages using the peak pairs algorithm [240] and geometric phase analy-
sis [241]. The peak pairs method works in real space as opposed to the
more common geometric phase analysis which utilizes the phase infor-
mation of Fourier transformed images. The real space approach of the
peak pairs method has advantages such as simpler implementation and
greater adaptability, e.g., in measuring changes of a sublattice. This can be
used, e.g., for the mapping of octahedral tilts or ferroelectric polarization
in perovskites which requires the detection of single ion displacements
within the unit cell. The peak pairs method requires high resolution (mag-
nification) images. For images with lower magnification and wider field of
view, geometric phase analysis was used.

5.2.1 Peak pairs algorithm

The peak pairs algorithm detects local atomic displacements by comparing
the measured coordinates to expected coordinates based on reference lat-
tice vectors that are selected from an undistorted area of the image. An
implementation of the algorithm and further analysis was programmed in
Matlab for this work.

Before the peak pairs algorithm can be used, the coordinates of the
atoms in the image need to be extracted. This is done in two steps. First,
approximate coordinates of the peaks are detected by applying a smoothing
filter over the image several times. The image is convolved with a 3×3
smoothing kernel which sets each pixel to the average value of its neighbors.
Applying the convolution 10 to 15 times depending on the image quality
and magnification gives a single pixel local intensity maximum for each
of the atomic peaks in the image. The coordinates of these peaks indicate
the approximate positions of the atoms. In the second step, a 2D Gaussian
fitting function is called for the neighborhood around the peak coordinates.
The Gaussian fitting is performed using the original unfiltered image and
gives the atomic coordinates with sub-pixel resolution.

In the peak pairs algorithm, two reference lattice vectors a and b are se-
lected typically in the substrate or other uniform area. For each coordinate
or atomic peak P0, the algorithm finds two nearest peaks P1 and P2 to the
expected positions P0+a and P0+b and the corresponding displacements u
and v as in figure 5.2.

The strain components εii are given by the reference vectors and displace-
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Figure 5.2. The peak pairs algorithm calculates strain fields based on reference lattice vec-
tors and local displacements. a and b are averaged lattice vectors determined
from a uniform area of the image and give the expected positions for peaks P1
and P2. The algorithm finds the peaks nearest to the expected positions and
records the displacement vectors u and v.
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The strain components or local lattice spacings are plotted as a colormap
by interpreting the atomic coordinates and strain/spacing values as a set
of (x, y,εi) points in 3D space and fitting a cubic interpolation surface to
the points.

5.2.2 Geometric phase analysis

The geometric phase analysis (GPA) tool was used for extracting strain
maps from STEM images in the Gatan DigitalMicrograph software. In
GPA, a Fourier transformation is applied to the image. The Fourier trans-
form contains peaks corresponding to the spatial periodicities in the image
as demonstrated in figure 5.3. From the Fourier transform (figure 5.3b) of
the STEM image in figure 5.3a, it is possible to select and mask out one of
the peaks and perform an inverse Fourier transform, a process known as
Bragg filtering when done with symmetric peaks as in figure 5.3c and 5.3e.
The images resulting from the inverse Fourier transform of the masked
images in figure 5.3d and 5.3f show how the contribution of a single peak
or reflection varies across the image.

The Fourier transform gives an amplitude component, as seen in fig-
ure 5.3b, but also a phase component. The phase component contains
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Figure 5.3. Bragg filtering. a) Original HAADF-STEM image. b) Fourier transform of
(a). c) [010] and [01̄0] reflections masked out from (b). d) Inverse Fourier
transformation of (c). e) [001] and [001̄] reflections masked out from (b). f)
Inverse Fourier transformation of (e).

information on local distortions of the atomic planes. In GPA, a single
peak is masked out of the Fourier transformed TEM image. The difference
between the phase component of the inverse transformed masked image
and a phase calculated by the position of the mask in the reciprocal space
gives the displacement in the direction corresponding to the position of
the mask. Repeating the process for a second non-collinear mask position
allows the calculation of a displacement field, and strain fields are given
by its derivatives.
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6. Results

This chapter presents an overview of in situ TEM results on oxygen vacancy
migration and ordering effects induced by electric fields, temperature and
strain in various complex oxide films. Publication I discusses resistance
switching in ferroelectric tunnel junctions studied by low temperature
transport measurements, transport calculations, and TEM characteriza-
tion. Two ferroelectric materials, PbZr0.2Ti0.8O3 and BaTiO3, and para-
electric SrTiO3 are used as tunnel barriers between two La2/3Sr1/3MnO3

electrodes. Similar resistance switching effects are observed for all tun-
nel barrier materials, indicating that instead of ferroelectric switching,
the effect is due predominantly to the migration of oxygen vacancies in
the tunnel junctions. For thin tunnel barriers, electric-field-enhanced ion
migration is effective down to low temperatures. TEM characterization re-
veals that bipolar resistance switching originates from differing interfacial
roughness at the top and bottom tunnel barrier interfaces. In Publication
II, electrical nanoprobing TEM and EELS measurements demonstrate re-
versible switching between three resistance states. Resistance switching in
this material system correlates with uniform structural phase transitions
in the contact area of the sample. The phase transitions are triggered by
oxygen vacancy migration within the La2/3Sr1/3MnO3 film induced by the
combined effects of bias voltage and Joule heating. Electro-thermal finite
element simulations corroborate the resistance switching effects and the
underlying migration of oxygen vacancies. Publication III reports on in
situ heating TEM of multidomain brownmillerite La0.5Sr0.5CoO3−δ thin
films on SrTiO3. During heating, the pattern of horizontally and verti-
cally aligned brownmillerite domains evolves to relax the strain caused
by the larger thermal expansion coefficient of the film compared to the
substrate. Eventually, a reversible topotactic transition into a new phase
where oxygen vacancies order into every third CoOx layer is observed. The
transition occurs at constant oxygen deficiency through local reordering
of oxygen vacancies and is driven by thermal strain. Publication IV ex-
pands the work of Publication II by adding the effect of strain applied
to the La2/3Sr1/3MnO3 film by the in situ TEM probe. In the unstrained
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film, voltage pulses trigger a transition to the brownmillerite structure.
The combination of externally applied compressive out-of-plane strain,
Joule heating and electric-field-directed oxygen vacancy migration induces
a reversible transition to a three-dimensional oxygen-vacancy-ordered
structure.

6.1 Resistance switching in ferroelectric tunnel junctions

Ferroelectric tunnel junctions (FTJs) consisting of a capacitor structure
with a thin (<5 nm) ferroelectric barrier between two conductive electrodes
have been introduced as low power devices for memory and logic applica-
tions [242]. A single bit of information is encoded in the direction of the
ferroelectric polarization in the barrier, which affects the resistance of the
device. The polarization can be switched by applying an electric field across
the barrier. Typical FTJs use a BaTiO3, PbTiO3, or PbZrxTi1−xO3 tunnel
barrier, a La1−xSrxMnO3 or SrRuO3 bottom electrode and a metal top elec-
trode [243–245]. Generally, the resistance switching effect is attributed
to differing charge screening effects at the top and bottom electrode inter-
faces [246].

Another effect that might occur in oxide materials is the migration of
oxygen vacancies in an applied electric field. In FTJs, even a small voltage
applied over the thin tunnel barrier creates a large electric field that can
trigger vacancy migration. In order to study the role of oxygen vacancies,
symmetric all-oxide FTJs were prepared with ferroelectric and paraelectric
barrier materials of different thicknesses.

Sample preparation

Trilayer structures were grown on SrTiO3 substrates by pulsed laser de-
position. In all samples, 20 nm thick La2/3Sr1/3MnO3 (LSMO) layers were
used as top and bottom electrodes. For the barrier layer, ferroelectric
PbZr0.2Ti0.8O3 (PZT) and BaTiO3 (BTO) and paraelectric SrTiO3 (STO)
films with a thickness ranging from 2 nm to 6 nm were used. Optical
lithography was used to pattern tunnel junctions with three different sizes.
A top and cross-sectional view of the junction structure is presented in
figure 6.1. First, the top LSMO layer was patterned into 20×40 μm, 30×60
μm, and 40×80 μm rectangles. This was followed by the deposition of a 200
nm thick Si3N4 insulating layer using PECVD to prevent shorting between
the bottom and top electrodes, and lift-off of 500 nm thick Al contact pads.
Figure 6.1b shows the cross-sectional structure of the tunnel junctions.
The continuous LSMO bottom electrode was connected to the larger bottom
electrode contact pads by breaking the tunnel barrier during wire bonding.
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Figure 6.1. Ferroelectric tunnel junction device structure. a) Top view optical microscope
image showing the junctions and contact pads. b) Schematic of the cross
section of the device.

Transport measurements

The transport measurements were conducted at a temperature of 5 K.
100 ms voltage pulses in the range of ±7 V were applied and the resis-
tance of the junction was measured at 0.1 V after the pulse. The results
of the measurements are presented in figure 6.2. Non-volatile bipolar
resistance switching is observed in all junctions, including those with a
paraelectric STO tunnel barrier. This excludes polarization switching as
the main mechanism causing resistance switching. After fabrication, the
junctions are initially in the low resistance state and the application of
positive voltage pulses to the top electrode switches the junctions to the
high resistance state. The low resistance state is restored by the applica-
tion of negative voltage pulses. The resistance switching ratio depends
on the tunnel barrier thickness, as shown in figure 6.2d. The observed
decrease of the resistance ratio with increasing barrier thickness provides
another argument against the role of polarization reversal, as an opposite
dependence on barrier thickness is expected for a ferroelectric switching
effect [242,246,247].

Formation of an insulating barrier at the bottom electrode

The origin of resistance switching was investigated by fitting a numerical
tunneling model to experimental I–V curves. Figure 6.3a shows experi-
mental high resistance state (HRS) and low resistance state (LRS) I–V
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Figure 6.2. Resistance switching measurements. a,b,c) Junction resistance as a function
of applied voltage in FTJs with a PZT, STO, and LSMO tunnel barriers with
2.5 nm (black squares) and 5 nm (red circles) thickness. The white squares
indicate the first voltage pulses applied on the junction from 0 V to -7 V. d)
Resistance switching effect as a function of tunnel barrier thickness.

curves of a 30×60 μm2 tunnel junction with a 2 nm PZT tunnel barrier
measured at a temperature of 5 K. The HRS and LRS are initialized by a
large voltage pulse and the corresponding I–V curves are then measured in
a smaller voltage of ±2 V. This voltage range does not affect the resistance
state of the junctions.

The solid lines in figure 6.3 are calculated applying the Tsu–Esaki
method [248], which allows tunneling transport through complex bar-
rier potentials to be calculated. A good fit with the experimental data is
obtained only when an additional insulating barrier is assumed at bottom
interface in addition to the 2 nm PZT layer. The best fit is achieved for a
0.8 nm thick additional barrier, which corresponds to ∼2 LSMO unit cells.
The height of the barrier is 2 eV in the HRS and 0.58 eV in the LRS. The
potential profile of the junction in HRS and LRS is presented schematically
in figure 6.3b, where the additional barrier is colored orange.

The physical nature of the additional barrier can be understood by consid-
ering the effects of oxygen vacancies in LSMO and PZT. In titanate tunnel
barriers, oxygen vacancies change the Ti valence and introduce n-type
doping. This increases the conductivity. In LSMO, on the other hand,
oxygen vacancies alter the Mn4+/Mn3+ ratio, which results in a shift in
the LSMO phase diagram (see figure 2.7). At high vacancy concentrations,
a metal-to-insulator transition is triggered. Thus, migration of oxygen
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vacancies from the tunnel barrier into the bottom electrode increases the
resistivity of both layers. The mechanism is presented schematically in
figure 6.3c. When a positive bias voltage is applied to the top electrode, the
positively charged oxygen vacancies migrate from the PZT tunnel barrier
into the bottom LSMO electrode. This increases the barrier potential and
establishes the HRS. The process is reversed for opposite voltage polarity.

TEM characterization

One key question regarding the migration of oxygen vacancies in the
tunnel junctions relates to the junction geometry: How can a nominally
symmetric trilayer structure produce a bipolar non-volatile resistance
switching effect? In a symmetric junction, oxygen vacancies would migrate
across both tunnel barrier interfaces depending on the bias voltage polarity.
In order to find the source of asymmetry in the actual tunnel junctions, a
detailed TEM analysis was performed.

Results for a LSMO/PZT/LSMO junction are presented in figure 6.4.
The high resolution TEM and HAADF-STEM images in figure 6.4a and
6.4b show good epitaxy of all layers. In the HAADF-STEM Z-contrast
image, a sharp interface between the LSMO bottom electrode and the PZT
tunnel barrier is seen, while interface at the top appears more rough. The
difference in interface roughness is analyzed further by lattice spacing
mapping. Averaged profiles (over 20 unit cells) of the in-plane and out-
of-plane lattice spacings are presented in figures 6.4c and 6.4d. The in-
plane lattice constant is uniform throughout the junction (a = 3.90±0.01Å),
matching the lattice parameter of the STO substrate. Because of coherent
film growth, the in-plane lattice constant of PZT is compressed compared to
its bulk value. This in-plane compression enlarges the out-of-plane lattice
spacing of the PZT tunnel barrier. The profile of the out-of-plane lattice
constant across the tunnel junction shows an abrupt change (one unit cell)
at the bottom LSMO/PZT interface, whereas a more gradual change in
lattice parameter over three unit cells is measured at the top interface.
Thus, the top PZT/LSMO interface is structurally more rough.

Additional atomic force microscopy measurements confirm a higher
roughness of PZT (∼0.51 nm) and BTO (∼0.50 nm) films grown on the
LSMO bottom electrode compared to the LSMO film grown on the STO
substrate (0.19 nm). In other words, the surface roughness increases sub-
stantially during the growth of the tunnel barrier. Non-ideal growth of
PZT and BTO on the LSMO bottom electrode and cation intermixing at
the top interface contribute to the broadening of the interface, whereas
STO grows more evenly on LSMO. Additional asymmetry is introduced
by interface termination effects. The SrO-terminated LSMO/STO bottom
interface is predicted to enhance oxygen vacancy generation [249], which
would produce an imbalance in the vacancy concentration at the tunnel
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Figure 6.3. Formation of an insulating barrier in the interface layers of the bottom LSMO
electrode. a) I–V curves measured on a 2 nm thick PZT tunnel barrier in the
high resistance state (HRS) and the low resistance state (LRS). The measured
data is represented by symbols and the solid line indicates calculations based
on the Tsu–Esaki method. b) Illustration of the simulated barrier profiles for
HRS and LRS. c) Schematic of oxygen vacancy migration between the tunnel
barrier and the bottom electrode during resistance switching.
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barrier interfaces. The same effect is expected to take place at LSMO
interfaces with PZT and BTO. The HAADF-STEM images confirm that the
bottom interface is indeed SrO-terminated.

Figure 6.4. TEM characterization of the tunnel junctions. a) HRTEM and b) HAADF-
STEM images of a LSMO/PZT/LSMO junction. c) In-plane and d) out-of-plane
profile of averaged lattice spacings. The roughness of the interface between
the LSMO electrode and the PZT tunnel barrier extends over three unit cells
at the top and is atomically sharp at the bottom.
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6.2 Thermally induced oxygen vacancy ordering in
La0.5Sr0.5CoO3−δ

As discussed in section 2.1.3, oxygen vacancy ordering and structural
phases in La1−xSrxCoO3−δ (LSCO) are sensitive to strain. While most
studies have used different single-crystal substrates to control epitaxial
strain, differing thermal expansion coefficients offer a reversible method of
tuning the lattice strain in thin films. In the experiments, the LSCO film
has a larger thermal expansion coefficient than the STO substrate. Upon
heating, this produces an increasing compressive strain in the LSCO film.

Controlling the structural and, thus, physical properties of transition
metal oxides by thermal strain offers significant advantages over other
methods. Modulation of the oxygen vacancy concentration by atmospheric
oxidation and reduction requires the functional layer to be on the surface
of the device [18,19,250], while electron beam irradiation is irreversible
and induces defects [22, 25, 251]. Thermal strain, on the other hand, is
fully reversible and can be applied even if the functional layer is embedded
inside a multilayer device.

In situ heating TEM experiment

Epitaxial LSCO films with a thickness of 20 nm were grown on STO
substrates by pulsed laser deposition. Cross-sectional TEM specimens
were prepared by focused ion beam milling for a DENSSolutions Lightning
D9+ holder. The temperature was changed in 10 ◦C increments below
300 ◦C and 5 ◦C increments above 300 ◦C. The heating rate was 8 ◦C/min
and the temperature was allowed to stabilize before STEM imaging and
EELS data acquisition.

After growth, the films exhibit a pattern consisting mostly of horizon-
tally and vertically aligned brownmillerite (BM) domains. Some smaller
domains of mixed horizontal and vertical BM phases are also present. In
addition, 2–3 unit cells of a perovskite structure persist near the STO
substrate. Figure 6.5a shows the domain pattern of the as-grown LSCO
film with the different structural phases highlighted in color. The corre-
sponding fast Fourier transform (FFT) pattern shows peaks corresponding
to the BM superstructures both in the horizontal and vertical directions.
The BM structure consists of La0.5Sr0.5O planes between alternating sto-
ichiometric CoO2 and oxygen deficient CoOx layers. In HAADF-STEM
images the CoO2 layers appear bright while the oxygen deficient CoOx lay-
ers show darker contrast because of reduced electron scattering. Oxygen
deficiency in the CoOx layers enlarges the distance between the neigh-
boring La0.5Sr0.5O planes and it reduces the spacing of the La0.5Sr0.5O
planes separated by stoichiometric CoO2. Measurements of the lattice
constants can be used to estimate the oxygen deficiency [47]. For the hor-
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izontal brownmillerite phase, this method gives a value of x = 1.25±0.06
corresponding to δ= 0.37±0.03, i.e., La0.5Sr0.5CoO2.63±0.06.

Figure 6.5. Domain structure and formation of a new structural phase during a heating
and cooling cycle. a–o) HAADF-STEM images with corresponding fast Fourier
transform patterns at different temperatures. Different structural phases are
highlighted with colors: perovskite (P) in yellow, horizontal brownmillerite (h-
BM) in blue, vertical brownmillerite (v-BM) in green, mixed brownmillerite (m-
BM) in light green and the new phase (N) in purple. The scale bar corresponds
to 5 nm.

Evolution of the domain structure during thermal cycling

Figure 6.5 presents an overview of the changes in the domain structure
during a heating and cooling cycle. At room temperature, the ∼30 nm wide
area of interest exhibits a ∼15 nm wide vertical BM domain surrounded
by horizontal and mixed BM phases and a thin perovskite layer at the
bottom. During heating up to 350 ◦C, the horizontal BM domains grow
at the expense of the vertical BM domain (figure 6.5b–d). At 360 ◦C, a
new structural phase, highlighted in purple in figure 6.5e, nucleates at the
domain boundaries. The formation of a new phase is also seen in the FFT
pattern, where new features appear along the horizontal direction. The
new phase grows upon further heating until it covers the entire field of
view at 385 ◦C in figure 6.5h. The FFT pattern of the large purple domain
shows two evenly spaced peaks (marked by a white ellipse) in place of the
single peak corresponding to the brownmillerite superstructure.

Cooling the sample down to 280 ◦C results in the nucleation of vertical
and horizontal BM domains as seen in figure 6.5i. Nucleation commences
at the boundary between the perovskite layer and the new phase. At 225 ◦C
the BM domains expand rapidly towards the surface of the film (figure 6.5j).
Below 200 ◦C the horizontal growth of the BM domains is slow, and at room
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temperature, 45 minutes after starting the cool down, two domains of the
new phase remain (figure 6.5n). At room temperature, thermally activated
oxygen vacancy migration continues at a greatly reduced pace. However,
after storing the specimen for 15 hours in the TEM, a domain pattern
of vertical, horizontal and mixed BM domains is fully re-established (fig-
ure 6.5o). Storage of the specimen in the TEM column ensures that the
LSCO film absorbs no oxygen from the atmosphere. Furthermore, EELS
measurements on the BM and new phases confirm that the oxygen content
remains constant during the heating and cooling cycle.

Characterization of the new phase

High resolution HAADF-STEM images of the initial brownmillerite phase
and the new phase are presented in figure 6.6a–d. The brownmillerite
phase exhibits a 2a modulation while in the new phase the dark stripes
formed by oxygen deficient CoOx planes repeat every three unit cells.
Figures 6.6e and 6.6f show the corresponding lattice spacing maps and
structural models. The lattice maps show an increase in the A-site spacing
in the dark stripes and a decrease in the two perovskite-like unit cells
in the new phase. The average pseudocubic in-plane lattice spacing is
reduced from 3.98±0.01 Å in the brownmillerite phase to 3.89±0.01 Å in
the new phase.

Oxygen-vacancy-ordered structures with various periods are common in
oxygen deficient bulk perovskites, forming a homologous ABO(3n−1)/n series
through oxidation and reduction processes. The new phase corresponds
to n = 3 (brownmillerite being n = 2). Some structures, n = 2. . .4, have been
observed also in SrCoO3 and LaCoO3 thin films but n = 3 has not been
reported in La0.5Sr0.5CoO3 previously. The nominal oxygen deficiency of
the n = 3 structure, δ= 0.33, is close to the value derived from the lattice
spacing of the LSCO film (δ= 0.37±0.06). Since the oxygen content of the
LSCO film remains constant during the heating and cooling cycle, the
dark stripes of the initial vertical and horizontal brownmillerite phases
consist of a mixture of CoO4, CoO5 and CoO6 between CoO6 planes. During
heating the initial structure is replaced with a repeating pattern of two
CoO6 octahedra and a CoO4 tetrahedra with an elongated lattice spacing
as shown in the schematics of figure 6.4e,f.

Atomic scale dynamics of the phase transition

The atomic scale dynamics of oxygen vacancy reordering during the re-
versible phase transition between the brownmillerite and new structures
is depicted in figure 6.5. Here, a local area of a few unit cells is aligned and
cropped from STEM images recorded during the heating and cooling cycle.
Corresponding in-plane lattice spacing maps are shown also in figure 6.5a.
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Figure 6.6. HAADF-STEM images and lattice mapping. Overview and high magnification
close up of the vertical brownmillerite domain at 25 ◦C (a,c) and new phase
domain at 385 ◦C (b,d). The dark vertical lines comprise of oxygen deficient
CoOx planes. e,f) In-plane lattice spacing maps and structural models of the
vertical brownmillerite phase (e) and the new phase (f).

The onset of the structural phase transition is visible in the lattice spacing
map at 360 ◦C.

Intensity profiles from the same STEM images are shown in figure 6.5b.
The maxima of the profiles correspond to La0.5Sr0.5O planes. The shallow
minima between the peaks indicate stoichiometric CoO2 planes, while
the deep minima correspond to oxygen deficient CoOx layers. During the
transition, every third CoOx layer remains stationary (see the red lines in
figure 6.7b) while a pair of La0.5Sr0.5O peaks splits as the oxygen vacancies
from two CoOx planes migrate into the CoO2 layer in the middle (black
lines in figure 6.7b).

During cooling the same process occurs in reverse at a lower and wider
temperature range. At 280–225 ◦C the structure becomes locally more
disordered and from 200 ◦C the brownmillerite structure is restored.

Strain analysis

The strain in the film during the heating cycle was studied using geomet-
ric phase analysis in order to uncover the driving force behind the phase
transitions. In-plane train maps extracted at various temperatures are pre-
sented in figure 6.8a. At room temperature the vertical BM domain in the
middle is under +1.9% compressive strain (red) while the surrounding hor-
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Figure 6.7. Oxygen vacancy migration dynamics during the structural phase transition. a)
HAADF-STEM images of the same location near the initial boundary between
the vertical and horizontal brownmillerite domains during the heating cycle
and corresponding in-plane lattice spacing maps. b) Intensity profiles from the
STEM images in a. The red dashed lines indicate stationary oxygen deficient
CoOx planes during heating and cooling. The black dashed lines show CoOx
planes merging during heating to form the new phase and splitting during
cooling to transform back into the brownmillerite phase.

izontal BM domains exhibit -1.2% tensile strain (green). During heating,
the film expands more than the substrate as the thermal expansion coeffi-
cient of LSCO is about 60% larger than that of STO (1.79× 10−5K−1 [252]
and 1.08× 10−5K−1 [253], correspondingly). As a result, the compressive
strain in the vertical BM domain increases to +2.3% at 350 ◦C, whereas the
tensile strain in the horizontal BM domain reduces to -1.0% (figure 6.8c).
Because of this thermal strain effect, the horizontal BM domains initially
grow at the expense of the vertical BM domains (see figure 6.5).

The strain of the vertical BM domain increases during further heating
leading to the nucleation of the new phase at the boundaries of the domain.
The new phase domains expand quickly and cover the entire area at 385 ◦C
as presented in figure 6.8d. The tensile strain in the new phase is -0.8%.
Growth of the new phase domains results in a stacking fault where the
two domains meet. This produces an artificial peak in the GPA map.

56



Results

Figure 6.8. In-plane strain analysis. a) In-plane strain at different temperatures extracted
from HAADF-STEM images by geometric phase analysis. Positive values (red
color) indicate compressive strain. The dashed line indicates the interface
between the LSCO film and the STO substrate. b) In-plane strain line profiles
averaged over the box marked in (a). The overlaid colors correspond to the
different domains in figure 6.5 c) Average strain in different domains as
a function of temperature. d) Size of different domains as a function of
temperature.
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6.3 Resistance switching and reversible structural phase
transitions in La2/3Sr1/3MnO3

6.3.1 Electrically induced resistance switching and phase
transitions

The effects of oxygen deficiency on the magnetic [254] and transport [255]
properties of LaxSr1−xMnO3−δ have been widely studied. In addition,
LaxSr1−xMnO3−δ is known for high oxygen ion mobility which enables local
modification of the physical properties through changes in the oxygen con-
tent. Resistance switching in LaxSr1−xMnO3−δ has been demonstrated in
thin films and microscopic lithographic structures [54,256,257]. However,
the underlying mechanism has not been directly imaged as done here using
in situ TEM.

In situ nanoprobing STEM experiment

La2/3Sr1/3MnO3 (LSMO) films with a thickness of 20 nm were grown on
conductive Nb-doped SrTiO3 (NSTO) substrates by pulsed laser deposition.
In situ TEM specimens were prepared using wedge polishing and ion
milling (see section 4.2.1). The specimen was fixed on a copper ring and
the substrate was connected to the ring by silver paste. In a double
CS-corrected TEM, the piezo-controlled metal probe of the double tilting
nanoprobing holder was contacted to the surface of the film. The approach
was monitored by applying a 0.2 V bias voltage and stopped once a stable
current was measured. Contacting the film in different areas resulted in
different current, due to varying amounts of residual or beam-deposited
carbon on the specimen. Triangular voltage pulses with a duration of
10 ms or 100 ms were applied to the substrate while the metal probe was
grounded. The STEM was operated in high angle annular dark field mode
and images and EELS spectra were recorded immediately after voltage
pulsing. Operation in STEM mode allows positioning of the beam spot
away from the film while not imaging. This operation mode did not modify
the specimen in absence of voltage pulsing.

Resistance switching

The sample exhibits bipolar non-volatile resistance switching. The resis-
tance was measured at 0.5 V after application of voltage pulses and the
results are presented in figure 6.9a. Starting from 0 V, the resistance re-
mains constant until the amplitude is increased to 3.0 V. It then rises until
saturation at 4.4 V. After reversal of the voltage polarity, the resistance
starts to decrease at -3.0 V and it returns to the initial low resistance state
at -4.0 V. In addition to the change in resistance, the two states exhibit

58



Results

different electrical transport characteristics. As seen in figure 6.9b, in the
low resistance state the I–V curve is linear while it is nonlinear in the high
resistance state.

Figure 6.9. Two-level resistance switching. a) Resistance measured at 0.5 V after the
application of triangular 100 ms voltage pulses on the bottom electrode. b)
I–V curves for the low and high resistance states and bias dependence of the
resistance ratio.

Figure 6.10. Three-level resistance switching. a) Resistance measured at 0.2 V after the
application of triangular 10 ms voltage pulses on the bottom electrode. b)
I–V curves for the low, intermediate, and high resistance states and bias
dependence of the resistance ratios.

When the pulse amplitude is increased carefully after the high resistance
is reached, the resistance decreases again. In this voltage regime, the
sample switches from the high resistance state to an intermediate resis-
tance state. An example for triangular 10 ms voltage pulses is shown in
figure 6.10a. Reversing the voltage from the intermediate resistance state
abruptly switches the sample back to the low resistance state at -1.8 V.
The I–V curve of the intermediate state is linear as seen in figure 6.10b.
The intermediate resistance state is also reversible and non-volatile.
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Structural phase transitions

The three resistance states correlate closely with the atomic structure of
the LSMO film. In the initial low resistance state, the LSMO film has a
perovskite structure as seen in figure 6.11a. At 3.0 V, a horizontal BM
structure nucleates inside the film and this phase expands gradually upon
further voltage pulsing as illustrated in figure 6.12a. The fact that nucle-
ation of the BM phase does not commence at the LSMO/NSTO interface
suggests that oxygen vacancies do not migrate extensively from the NSTO
substrate. The shape of the expanding BM domain is elongated along the
horizontal direction, also hinting at preferential oxygen vacancy migration
within he LSMO film rather than an exchange of vacancies between the
LSMO film and the NSTO substrate. The transition between the low and
high resistance state matches the evolution of the BM phase (see figures
6.9a and 6.12a). At saturation, shown in figure 6.11b, a ∼100 nm wide
uniform horizontal BM domain (figure 6.12b) covers the LSMO film un-
derneath the probe contact. Small vertical BM domains do also form to
relax film strain. During the application of negative voltage pulses, the
BM phase domain shrinks and, eventually, the initial perovskite structure
is restored completely.

Figure 6.11. Structural evolution of the LSMO film during voltage pulsing. a) Initial
low resistance perovskite structure. b) High resistance BM structure. c)
Intermediate resistance third structure.

The phase with intermediate resistance, presented in figure 6.11c, re-
sembles the perovskite structure but with an elongated out-of-plane lattice
constant. The chemical expansion of the lattice and differing transport
characteristics of the third phase are explained by its high oxygen defi-
ciency. When the amplitude of the voltage pulses is increased beyond the
high resistance BM phase, significant Joule heating disorders the oxy-
gen vacancies. The high concentration causes an expansion of the unit
cell, which in epitaxial films is limited to the out-of-plane direction. The
transport characteristics are also affected by the high concentration of dis-
ordered vacancies. While still showing linear I–V behavior (figure 6.10b),
the electrical resistance of the third phase is large compared to the stoi-
chiometric perovskite structure due to a change of the Mn3+/Mn4+ ratio.
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Figure 6.12. Nucleation of the BM phase in the LSMO film. a) STEM images showing
the BM (green) and perovskite (yellow) domains during the phase transition.
Growth of the BM domain occurs predominantly in the horizontal direction.
b) Low magnification STEM image showing the BM domain under the probe
at saturation. The dashed box indicates the position of the images in (a).
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Electrical transport in LSMO proceeds by double exchange via oxygen
between neighboring Mn3+ and Mn4+ ions [164, 165]. A change in the
oxygen content affects the Mn3+/Mn4+ ratio and, thereby, the electrical
resistance.

Information on the oxygen content of the three structural phases was
acquired by STEM-EELS. Analysis of the O K-edge (figure 6.13a) and Mn
L3/L2 peak ratio (figure 6.13b) shows that the oxygen concentration is
highest in the initial perovskite phase. As expected, in both BM phases the
missing oxygen pre-peak and higher Mn L3/L2 ratio indicate higher oxygen
vacancy concentration. In the third phase, the intensity of the O pre-peak
is even lower (and the Mn L3/L2 ratio higher) than in the BM phase, indi-
cating the highest concentration of oxygen vacancies. Measurements on
the restored perovskite phase after one full switching cycle demonstrate
the reversibility of the oxygen content in the contact area of the LSMO film.
In addition, EELS measurements on the NSTO substrate (5 nm below the
interface) indicate that during repeated switching the vacancy concentra-
tion in the substrate is modulated inversely to the vacancy concentration
in the LSMO film. The magnitude of the effect corresponds to Δδ≈ 0.1.

Figure 6.13. STEM-EELS measurements of different voltage-induced structural phases
in the LSMO film. a) O K-edge. The dashed line marks the position of the
pre-peak. b) Mn L-edge. All measurements are performed in the contact area
during different stages of the switching experiment.

Electro-thermal simulations

Numerical finite element method simulations were performed in Comsol
Multiphysics 5.2 to complement the experiments and gain further insight
into the dynamics of oxygen vacancies. The model, adapted from previ-
ous work on filamentary resistance switching in oxide materials [182],
covers electric currents, Joule heating and oxygen vacancy migration in
an accurately replicated sample geometry. The sample is modeled, as
schematically presented in figure 6.14, as a semicircular NSTO substrate
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with a 2 μm radius and a 20 nm thick LSMO film on top. The substrate has
a wedge shape with varying cross sectional thickness changing linearly
from 200 nm to 30 nm. In order to reduce the computational load, the
shape was reduced from initially larger scale models where the equipo-
tential surfaces far from the contact area were well approximated by a
circular shape. Furthermore, the radius was chosen large enough such
that the temperature boundary condition at the back edge does not affect
the temperature near the contact area.

Figure 6.14. Geometry and boundary conditions in the finite element model. The thermal
and electrical boundary conditions are applied on the edges highlighted with
red color.

The contact between the film and the probe has a radius of 15 nm and a
5 nm thick carbon layer is placed between the film and the probe to match
the experimental observations. In addition, a 10−8 Ωm2 contact resistance
is applied at the back of the substrate to account for the total resistance of
the NSTO substrate and the in situ holder system. This allows matching
of the experimental conditions in terms of both current and voltage, so
that Joule heating in the simulations and experiments are comparable.

The physical model consists of three coupled equations derived in section
2.4. The dynamics of the oxygen vacancies is described by the drift–
diffusion equation

∂n
∂t

=∇· (D∇n−vn+DS∇Tn). (6.1)

The initial vacancy concentration, n, is set to 8×1027 m−3 in a 100 nm wide
area of the film under the probe, corresponding to the ideal BM phase, and
1022 m−3 in the rest of the film and substrate. The activation energy, Ea,
of the vacancies is set to 0.7 eV in LSMO [258] and 1.1 eV in the NSTO
substrate [259]. The drift–diffusion equation is solved in the LSMO film
and NSTO substrate and no flux boundary conditions are applied on all
outer surfaces of the model. This means there is no exchange of oxygen
vacancies between the sample and the environment in the simulations. In
reality, more vacancies are created during each switching cycle. As a result,

63



Results

the reversibility breaks down in the experiments after a few switching
cycles.

The temperature of the sample is solved from the heat equation loaded
with the power density of Joule heating:

−k∇2T = J ·E. (6.2)

The thermal conductivity k of the LSMO film is set to depend on tempera-
ture according to available data [260], whereas a constant k is used for the
NSTO substrate.

The current density is solved from the current continuity equation

∇· J =σ∇·E =−σ∇2V = 0, (6.3)

where the conductivity σ of LSMO and NSTO are temperature depen-
dent [260,261]. The conductivity is also assumed to be dependent on the
oxygen vacancy concentration. As a first order approximation, the con-
ductivity of LSMO is assumed to decrease linearly by a factor of 10 in the
oxygen vacancy concentration range from 1022 m−3 to 8×1027 m−3, while
the conductivity of NSTO increases tenfold in the same range. The ap-
proximation is fitted to the measured data to produce matching maximum
current magnitude during the positive and negative voltage pulses.

As in the experiments of figures 6.9, 6.11, and 6.12, 100 ms long triangu-
lar voltage pulses are applied to the bottom edge of the substrate while the
probe contact is grounded. The chosen voltage pulses are -4.0 V and +4.4 V,
which in the experiment switch the sample, respectively, from the high to
the low resistance state and vice versa. The initial vacancy concentration
under the probe corresponds to the BM phase, so a negative voltage pulse
of -4.0 V is applied first and the positive pulse is applied consecutively.
Since the time scale of the experiment is orders of magnitudes longer
than transient effects in current or temperature, equations 6.2 and 6.3 are
solved in non-time dependent form.

The results of the simulations are presented in figure 6.15. Figure 6.15a
shows that application of the voltage pulses increases the temperature
above 600 K in an 100–200 nm region around the contact. At 600 K,
oxygen vacancy migration is thermally activated. Figure 6.15b shows
the vacancy concentration after the application of negative and positive
voltage pulses. After the negative pulse, the area under the probe exhibits
a low density of oxygen vacancies, while after the positive pulse vacancies
accumulate under the probe. Since the vacancies were initially confined
to a 100 nm wide region under the probe, figure 6.15b illustrates that
oxygen vacancies migrate predominantly inside the LSMO film under the
combined action of Joule heating and applied electric field, in agreement
with in situ STEM observations. This is confirmed further by the vertical
oxygen vacancy concentration profiles in figure 6.15d. The difference in
vacancy concentration after positive and negative voltage pulses is more
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than six orders of magnitude near the surface of the LSMO film, but less
than one order of magnitude in the NSTO substrate. This behavior is due
to two factors: the activation energy for vacancy migration is lower in
LSMO than NSTO and the higher electrical conductivity of LSMO aligns
the electric field almost parallel to the film plane (with the exception of the
area directly under the probe) as seen in figure 6.15c.

Figure 6.15. Electro-thermal simulation results. a) Temperature during the application of
negative and positive voltage pulses. b) Oxygen vacancy concentration after
the application of the same voltage pulses. c) Electric potential (colormap)
and electric field direction and magnitude (arrows) at maximum current
during negative and positive voltage pulses. d) Oxygen vacancy concentration
profiles extracted along the dashed lines in (b).
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6.3.2 Strain-induced structural phase transition in
La2/3Sr1/3MnO3

The effect of external strain on the electrically induced phase transition
in La2/3Sr1/3MnO3 (LSMO) films on Nb-doped SrTiO3 (NSTO) substrates
was studied by utilizing the piezo-controlled probe of the in situ sample
holder. As described in section 6.3.1, the formation and accumulation of
oxygen vacancies achieved by the application of voltage pulses causes a
chemical expansion of the lattice. In the experiments discussed here, the
in situ probe is used to apply a local out-of-plane strain during voltage
pulsing. This strain hampers the lattice expansion and, thereby, the
ordering dynamics of oxygen vacancies. As a consequence the oxygen
vacancies order in a new, three-dimensional pattern rather than the BM
structure.

Out-of-plane straining by the in situ probe

An in situ specimen was prepared using the cross-sectional polishing
method described in section 4.2.1. In a reference experiment, the probe was
brought into soft contact with the film surface. As described in section 6.3.1,
this resulted in a reversible perovskite–BM phase transition during voltage
pulsing. To increase the externally applied strain, the probe was pressed
further into the TEM specimen after making the contact. In order to
confirm effective film straining, the probe was pressed into the LSMO film
until a slight deformation of the surface could be observed in the STEM
images. Figure 6.16 shows a HAADF-STEM image of the probe contacting
the surface and strain maps extracted from the images by geometric phase
analysis under low and high contact force. The strain maps in figure 6.16a
show that the out-of-plane strain is negligible when the contact force is low.
In contrast, a compressive strain is localized in an ∼40 nm wide area under
the probe when the contact force is high. The line profiles in figure 6.16b
show that the out-of-plane strain reaches a maximum of ∼3% under the
probe.

The force applied by the probe was estimated using finite element simula-
tions with a linear elastic model. The geometry used for the simulation was
similar as in 6.3.1. Elastic parameters reported in literature were used
for LSMO and NSTO. The applied force and contact area were fitted to the
strain maps acquired from the STEM images. A force of 3.5 μN applied on
a circular contact area with 30 nm diameter produces a strain field with
similar magnitude and lateral extent as the one extracted from the images
by geometric phase analysis. The simulated strain field is presented in
figure 6.16c.
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Figure 6.16. Strain state of the LSMO film. a) HAADF-STEM image of the probe contact-
ing the LSMO film and out-of-plane strain maps of the film for low and high
contact force. The strain maps correspond to the film area visible in the top
panel. b) Horizontal line profiles of the low and high strain states in (a). c)
Simulated out-of-plane strain distribution in the LSMO film .

Phase transitions under different straining conditions

Triangular voltage pulses with a length of 20 ms were applied to the
sample and STEM images and EELS spectra were acquired after each
pulse. An overview of the LSMO film structure after the application of
different voltage pulses under a low and high contact force is presented in
figure 6.17. If the strain is small (figures 6.17a–d), the structural evolution
is the same as described previously: Positive voltage pulses trigger a
transition from the initial perovskite phase to the BM phase, and negative
voltage pulses restore the perovskite phase.

Under high contact force, shown in figures 6.17e–h, nucleation of the BM
phase starts at the same current density (the contact resistance and the
required voltage change as the probe is pushed into the surface). However,
at the current density that saturates the BM phase under low strain, a
new phase with a three-dimensional oxygen-vacancy-ordered structure is
formed. The markedly different structure is also obvious from the complex
FFT pattern. In addition to reflections from the BM structure, located
at (0,0, 1

2 ), new reflections appear at (0, 1
4 , 1

4 ) and (0,−1
4 , 1

4 ). After applying
negative voltages, the new structure transfors back to the perovskite phase
at similar current density as the BM-perovskite phase transition shown in
figure 6.17d.

The new structure only appears in a ∼40 nm wide area under the probe
and matches the compressed area highlighted in the strain map of fig-
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ure 6.16a. The surrounding areas with reduced strain exhibit a BM struc-
ture after the application of positive voltage pulses.

Figure 6.17. Reversible phase transitions under different strain conditions. a–d) HAADF-
STEM images and FFT patterns after the application of different voltage
pulses under low contact force. The perovskite phase changes to the BM
structure during the application of positive voltage pulses and it reverts
back to the perovskite phase at negative voltages. The current densities are
estimated using the contact area of the probe as determined from STEM
images. e–h) HAADF-STEM images and FFT patterns after the application
of different voltage pulses under high contact force. Now instead of the
BM phase, a new oxygen-vacancy-ordered structure forms under the probe
during the application of positive voltage pulses.

Suppression of lattice expansion under strain

The effect of externally applied compressive strain on the phase transi-
tions is further analyzed in figure 6.18. Here, average out-of-plane lattice
constant of the BM phase is measured at different stages of the structural
transition under low and high contact force. Figures 6.18a–b show that
in the unstrained film, the average out-of-plane lattice constant does not
change significantly when a small BM domain grows towards saturation.
This indicates that the lattice can freely expand in the out-of-plane di-
rection to accommodate the increasing oxygen vacancy concentration. In
figure 6.18c, the nucleation of BM phase starts at the bottom of the film
but the average out-of-plane lattice constant of the BM structure is ∼5%
smaller than in the unstrained case. Figure 6.18d shows a measurement
of a BM domain outside the compressed area after the new phase has
formed. The average lattice constant outside the compressed area is larger
than under the probe, but still smaller than in the unstrained film. These
results show that the externally applied compressive strain constrains the
out-of-plane lattice expansion. Consequently, the BM phase is not able to
saturate and a new oxygen-vacancy-ordered structure is formed.
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Figure 6.18. Average out-of-plane lattice spacing of the LSMO BM phase at different
stages of the structural phase transitions under low and high contact force.
a) Partial BM domain in the unstrained film. b) Saturated BM domain in
the unstrained film. c) Partial BM domain under compressive strain. d) BM
domain outside the strained area after formation of the new phase.

69



Results

Image analysis

A higher resolution HAADF-STEM image of the new structural phase is
presented in figure 6.19a. As illustrated by the in-plane and out-of-plane
lattice spacing maps in figures 6.19b and 6.19c, respectively, the struc-
ture consist of a checker-board pattern of two smaller and two expanded
perovskite-like unit cells. The modulation pattern is rotated 90° between
the in-plane and out-of-plane directions. The modulation is stronger in
the in-plane direction, which is shown in figure 6.19d where the in-plane
profile shows the larger gap repeating every four unit cells. In the out-of-
plane spacing profile of figure 6.19e some BM-like ordering can still be
observed locally.

Figure 6.19. Lattice spacing analysis. a) HAADF-STEM image of the new phase. b)
In-plane and c) out-of-plane lattice spacing maps corresponding to the image
in (a). d) In-plane and e) out-of-plane spacing profiles measured along the
lines indicated in (a).

Structural model

A proposed model of the new oxygen-vacancy-ordered structure is pre-
sented in figure 6.20. The atomic scale transition from the BM structure to
the new phase is illustrated in figure 6.20a. To complete the transition, the
MnO4 tetrahedra in the highlighted unit cells rotate by 90°. This rotation
involves a repositioning of an oxygen vacancy within the cell , as shown
in more detail in figure 6.20b. Rotation of the oxygen tetrahedra also
changes the coordination of the surrounding Mn ions. The resulting coordi-
nation pattern is shown schematically in figure 6.20c. In the BM phase the
tetrahedral and octahedral layers alternate. After rotation of the oxygen
tetrahedra, most of the unit cells change to pentahedral coordination. In
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the new structure, unit cells that chemically expand in the plane of the film
are the rotated tetrahedra, whereas the non-rotated tetrahedra expand
along the perpendicular direction. In figure 6.20d the structural model
described here is used to simulate a STEM image. The simulation image
is overlaid on a measured STEM image and shows good correspondence.

Figure 6.20. Structural model of the new phase. a) Comparison of the BM and the new
phase. The highlighted tetrahedra rotate 90° to form the new structure. b)
Rotation of the MnO4 tetrahedra by repositioning of an oxygen vacancy. c)
Schematic of Mn coordination per unit cell in the BM and the new phase
corresponding to the models in (a). d) Simulated STEM image using the
structural model overlaid on an experimental STEM image.
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7. Conclusions

In this thesis, oxygen vacancy migration and ordering in complex oxides
under varying electrical, thermal and strain conditions is studied. The
epitaxial oxide films, grown by pulsed laser deposition, are studied by in
situ transmission electron microscopy using electrical nanoprobing and
heating specimen holders.

Resistance switching with a switching ratio of up to four orders of mag-
nitude is demonstrated in all-oxide tunnel junctions with ferroelectric
PbZr0.2Ti0.8O3 and BaTiO3 and paraelectric SrTiO3 tunnel barriers be-
tween two La2/3Sr1/3MnO3 electrodes. Contrary to previous reports, resis-
tance switching in the ferroelectric tunnel junctions is not dominated by
polarization switching in the ferroelectric tunnel barrier. Based on trans-
port measurements, numerical modeling and TEM analysis, the switch-
ing effect is attributed to reversible and non-volatile electric-field-driven
oxygen vacancy migration between the tunnel barrier and the bottom
La2/3Sr1/3MnO3 electrode. This process leads to the formation of an addi-
tional insulating barrier in the bottom La2/3Sr1/3MnO3 electrode interface
layer under the accumulation of oxygen vacancies. The switching effects
are active already at a temperature of 5 K due to electric-field-enhanced
migration of the oxygen vacancies in the thin tunnel barriers.

Thermal strain-driven reversible topotactic transitions between two dif-
ferent oxygen-vacancy-ordered structures are demonstrated in an epitaxial
La0.5Sr0.5CoO3 thin film on a SrTiO3 substrate using in situ heating STEM.
Differing thermal expansion coefficients of the La0.5Sr0.5CoO3 film and
STO substrate produces a compressive strain in the epitaxial film during
heating. Due to the moderate temperature range used in the experiment,
the oxygen off-stoichiometry remains constant during the heating and
cooling cycle. Reversible changes in the initial domain structure, which
comprises alternating vertically and horizontally oriented brownmillerite
domains, and the nucleation of a new oxygen-vacancy-ordered structure
with modulation period of 3a are observed during heating. At low tem-
peratures, the alternating brownmillerite domains minimize the in-plane
strain of the La0.5Sr0.5CoO3 film, while above 360 ◦C the new phase, formed
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through local reordering of oxygen vacancies between neighboring unit
cells, is favored. During cooling, the film reverts to an alternating brown-
millerite domain pattern. Occurring at lower temperature, the reverse
transition is slower because of reduced thermal activation. The process is
completed at room temperature over a time scale of several hours.

Voltage control of three structural phases and resistance states is demon-
strated in epitaxial La2/3Sr1/3MnO3 films on Nb-doped SrTiO3 substrates.
Using in situ electrical nanoprobing STEM, it is shown that reversible
resistance switching correlates directly with uniform structural phase
transitions between perovskite and brownmillerite phases with differ-
ent oxygen concentrations. Application of positive voltage pulses on the
SrTiO3 substrate switches the La2/3Sr1/3MnO3 film from the initial low
resistance perovskite phase to a high resistance brownmillerite phase. A
further increase of the pulse amplitude disorders the oxygen vacancies
and triggers a transition to an intermediate resistance phase with an out-
of-plane expanded perovskite structure. Application of negative voltage
pulses restores the initial low resistance perovskite phase. The structural
transitions are induced by lateral migration of oxygen vacancies in the
La2/3Sr1/3MnO3 film towards and away from the probe contact area driven
by the applied electric field and Joule heating. Oxygen vacancy migration
is effectively modeled by solving the drift–diffusion equation, the heat
equation and the current continuity equation in a self-consistent manner.
The simulations corroborate the experimental results.

When external compressive strain is applied on the La2/3Sr1/3MnO3 film
with the nanoprobe, a reversible transition to a new three-dimensional
oxygen-vacancy-ordered structure is observed during voltage pulsing. Geo-
metric phase analysis of the STEM images indicates a ∼3 % compressive
out-of-plane strain in the film under the probe. The transition to the new
structural phase occurs at the same current density as the perovskite-
brownmillerite transition in an unstrained La2/3Sr1/3MnO3 film and it is
reversible upon a change of voltage polarity. The new phase is character-
ized by a 2

�
2a×2

�
2c superstructure, which forms through local reordering

of oxygen vacancies. STEM image simulations based on the proposed struc-
tural model produce a good match with the experimental images.

In summary, active manipulation of the physical properties of complex
oxide materials can be achieved by controlling local migration and order-
ing of oxygen vacancies through voltage, strain and temperature. The
ionotronic mechanisms discussed in this thesis offer a path to low power
consumption in memory and logic devices based on local manipulation
of electronic properties. As demonstrated, electric-field-directed oxygen
vacancy migration can be used to switch the transport properties of oxide
thin films and heterostructures. Similar processes could be employed to
control other functionalities such as magnetism, superconductivity, fer-
roelectricity, optical properties or catalytic activity. Further research is
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required to characterize the magnetic and electronic properties of the new
structural phases observed in La0.5Sr0.5CoO3 and La2/3Sr1/3MnO3 epitaxial
films.

The next step in the utilization of the in situ TEM results presented
in this thesis involves the integration of similar ionotronic processes in
lithographically defined devices. The experiments on oxide tunnel junc-
tions already demonstrate that active ionotronic layers can be embedded
in multilayers using standard fabrication processes. Furthermore, the ex-
periments on La0.5Sr0.5CoO3 show that the reordering of oxygen vacancies
can be induced without electric fields or variable atmospheric conditions.
Thermally induced phase transitions in thin film heterostructures bring
forth additional means for an active control of functional oxide devices.
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