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Abstract
Metastable austenitic stainless steels undergo a strain-induced martensitic transformation, where the metastable austenite
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X-ray diffraction was used for the phase identification, dislocation density measurements and to measure the stacking fault
energies of the test materials. Microstructure investigations were carried out by means of the scanning electron microscopy,
transmission electron microscopy and optical metallography. Load distribution between the austenite and α’-martensite
phases was studied by in-situ X-ray diffraction stress measurements.
Increasing strain rate and temperature were found to suppress the formation of strain-induced α’-martensite. This was
attributed to the temperature-dependence of the stacking fault energy. A direct relationship between the work-hardening
rate and the rate of the strain-induced α’-martensite transformation was found. The higher was the transformation rate, the
higher was the work-hardening rate. The α’-martensite transformation was concluded to affect the uniform elongation
through its influence on the work-hardening rate. The dislocation density of the austenite phase was found to increase with
increasing plastic strain and stress. Instead, the dislocation density of the α’-martensite was substantially higher and
remained relatively constant. Two alternative strengthening mechanisms of the α’-martensite were proposed. When the α’martensite content is below 30%, the hard α’-martensite particles dispersion harden the softer austenite phase, and the
plastic deformation of the aggregate is accommodated mainly by the deformation of the austenite phase. When the α’martensite content exceeds 30%, the α’-martensite was concluded to form a percolating cluster extending through the
body. Thereafter, the aggregate can deform only if also the α’-martensite phase is deformed. This further increases the
work-hardening rate.
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ABSTRACT
Metastable austenitic stainless steels undergo a strain-induced martensitic
transformation, where the metastable austenite phase is transformed to the
thermodynamically more stable α’-martensite phase due to plastic deformation. The
strain-induced martensitic transformation enhances the work hardening of the
metastable austenitic stainless steels, and affects their ductility. This thesis concentrated
on the effects of the strain-induced martensitic transformation on the mechanical
properties of the metastable austenitic stainless steels, focussing on the interaction
between the strain-induced martensitic transformation and the work hardening. The
effects of chemical composition, temperature and strain rate on the strain-induced
martensitic transformation were studied.
The experiments were carried out on the steel grades EN 1.4318 (AISI 301LN) and EN
1.4301 (AISI 304). Mechanical testing was performed by means of uniaxial tensile tests
at temperatures ranging between -40 and +80°C and at strain rates ranging between
3×10-4 and 200 s-1. The α’-martensite volume fractions were measured with a
Ferritescope. X-ray diffraction was used for phase identification, dislocation density
measurements and to measure the stacking fault energies of the test materials.
Microstructure investigations were carried out by means of the scanning electron
microscopy, transmission electron microscopy and optical metallography. Load
distribution between the phases was studied by in-situ X-ray diffraction stress
measurements.
The effects of applied stress and the stacking fault energy on the formation of the shear
bands, acting as the nucleation sites for the α’-martensite, were demonstrated by using
the model developed by Byun (2003). An excellent correlation between the theoretical
predictions and the scanning electron microscopy findings was found. The suppression
of the strain-induced α’-martensite transformation with increasing strain rate and
temperature was attributed to the temperature dependence of the stacking fault energy.
A direct relationship between the work-hardening rate and the rate of the α’-martensite
transformation was found. The α’-martensite transformation was concluded to govern
the uniform elongation by affecting the work-hardening rate. In the optimum condition
the transformation effectively shifts the intersection of the stress-strain and workhardening curves to higher strains. The higher was the transformation rate, the higher
was the work-hardening rate. The dislocation density of the austenite phase was found
to increase with increasing plastic strain and stress. Instead, the dislocation density of
the α’-martensite was substantially higher and remained relatively constant. The work
hardening sequence of the metastable steels was divided in four stages. During the first
stage, the work-hardening rate decreased rapidly due to the dynamic softening effect
caused by the strain-induced α’-martensite transformation. During the stage II, the
work-hardening rate started to increase due to the dispersion hardening caused by the
strain-induced α’-martensite. The dispersion hardening effect was analysed by means of
quantitative optical metallography and the theory developed by Ashby (1971). At the
onset of the stage III, the α’-martensite forms a percolating cluster extending through
the whole body. This manifested itself by an abrupt change in the relations between the
flow stress, α’-martensite volume fraction and dislocation density of the austenite.
During the stage III the work-hardening rate continued to increase. The stage IV was
related to the high α’-martensite volume fractions, where the α’-martensite became the
matrix phase, and the work-hardening rate started to decrease.
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NOMENCLATURE
a
A
b
bp

Lattice parameter [Å]
Elastic anisotropy factor (Zener anisotropy)
Absolute value of Burgers vector of a perfect dislocation [Å]
Absolute value of Burgers vector of a Shockley partial dislocation
[Å]
b2, b3
Burgers vectors of Shockley partial dislocations [Å]
c
Constant
C
Specific heat [J/kgK]
d
Lattice spacing [Å]
dφψ
Lattice spacing measured at the angles of φ and ψ [Å]
d0
Unstressed lattice spacing [Å]
d111
Spacing between {111} planes [Å]
D
Volume [m3]
〈D〉
Volume-weighted coherent domain size [nm]
〈D〉true
True coherent domain size [nm]
e
Approximate upper limit of lattice distortions
E
Elastic modulus [GPa]
Ed
Energy of dislocation line per unit length [J/m]
Estr
Coherency strain energy related to martensitic transformation [J/mol]
Total elastic strain energy stored by dislocations [J/m3]
Etot
α'
f
Volume fraction of α’-martensite phase
F
Factor describing the effect of interaction of adjacent dislocations on
the self-energy of a dislocation
G
Shear modulus [GPa]
GS
ASTM grain size number
Chemical free-energy difference between austenite and α’-martensite
∆Gγ→α’
phases [J/mol]
∆GMsγ→α’
Chemical free-energy difference between austenite and α’-martensite
phases at MS temperature [J/mol]
∆GT1γ→α’
Chemical free-energy difference between austenite and α’-martensite
phases at temperature T1 [J/mol]
γ→ε
∆G
Chemical free-energy difference between austenite and ε-martensite
phases [J/mol]
K
Constant
Constant
K111
L
Mean chord length of martensite particles [µm]
Σb(±)L0/h02(u+b) Constant
m1, m2
Absolute values of Schmid factors of Shockley partial dislocations
Md
Temperature above which no strain-induced martensite is formed
[°C]
Md30
Temperature at which 50% α’-martensite is formed at 30% true
tensile strain [°C]
Martensite start temperature [°C]
MS
σ
MS
Temperature above which martensitic transformation can occur only
due to plastic deformation [°C]
n
Constant
nCR
Critical thickness of martensitic embryo [Å]
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nT
n*
N
NT
Nv
r
r0
s0
T, T1
∆T
U’
w
wG
wGE
wGI
wL
wLE
wLI
x
α
αOC
α0
β
βD
βE
βG
βI
βL
βOC
βS
βT
γ
γeff
γ0
ε, ε0
∆ε
<ε2>
<ε502>
<ε2>1/2
(ε’33)φω
θ
θ1, θ2
∆(2θ200-2θ111)ANN

Number of dislocation loops per martensite particle
Thickness of a stacking fault in number of atom planes
Number of dislocations in domain wall
Number of dislocation loops per unit volume [m-3]
Number of martensite particles per unit volume [m-3]
Radius of the strain field of a dislocation [nm]
Radius of dislocation core [nm]
Shear strain
Temperature [K]
Temperature change [K]
Mechanical driving force [J/mol]
Width of stacking fault, i.e., the separation distance between two
Shockley partial dislocations [Å]
Gaussian component of physical line profile
Gaussian component of experimental line profile
Gaussian component of instrumental line profile
Lorentzian component of physical line profile
Lorentzian component of experimental line profile
Lorentzian component of instrumental line profile
Factor describing the ratio of the extrinsic and intrinsic stacking fault
energies
Stacking fault probability
Constant
Constant
Integral breadth of physical line profile [rad]
Integral breadth due to lattice distortions, i.e., strain broadening [rad]
Integral breadth of experimental line profile [rad]
Integral breadth of Gaussian function [rad]
Instrumental broadening [rad]
Integral breadth of Lorentzian function [rad]
Constant
Integral breadth due to small domain size, i.e., size broadening [rad]
Twin fault probability
Intrinsic stacking fault energy [mJ/m2]
Effective stacking fault energy [mJ/m2]
Intrinsic stacking fault energy at temperature at which ∆Gγ→ε=0
[mJ/m2]
True strain
Strain increment
Mean square microstrain
Mean square microstrain averaged over the distance of 50 Å
Root mean square microstrain
Lattice strain measured with XRD
Diffraction angle [rad]
Angles between the unit vector of perfect dislocation line and the
Burgers vectors of the leading and trailing partial dislocations [rad]
Distance between austenite 200 and 111 reflections in annealed
sample [rad]
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∆(2θ200-2θ111)CW Distance between austenite 200 and 111 reflections in cold-worked
sample [rad]
Θ
Angle between the stress axis and the normal of habit plane of a
martensite nucleus [rad]
λ
Wavelength [Å]
L
λ
Mean matrix chord length [µm]
µ
Factor characteristic of dislocation type
ν
Poisson’s ratio
ξ
Contraction normal to the basal plane due to γ→ε transformation
ρ
Dislocation density [m-2]
ρA
Density of atoms in a close packed plane [mol/m2]
Dislocation density of austenite per unit volume of aggregate [m-2]
ρAGG
ρd
Density [kg/m3]
ρD
Dislocation density calculated from domain size [m-2]
Density of geometrically necessary dislocations [m-2]
ρG
∆ρG
Increase in density of geometrically necessary dislocations [m-2]
Dislocation density calculated from microstrain [m-2]
ρS
ρ0
Initial dislocation density of austenite at the onset of α’-martensite
transformation [m-2]
σ
True stress, flow stress [MPa]
σE
Athermal component of flow stress [MPa]
σ(n)
Surface energy [mJ/m2]
σS
Dynamic softening contribution due to strain-induced α’-martensite
transformation [MPa]
σT
Critical stress for twinning [MPa]
σα’
Stress level in α’-martensite [MPa]
σγ
Stress level in austenite [MPa]
σ0
Constant [MPa]
σ*
Thermal component of flow stress [MPa]
τ
Shear stress [MPa]
φ
Angle around the sample surface normal [rad]
ψ
Angle between the X-ray beam and sample surface [rad]
Ω
Angle at which the X-ray beam enters the sample surface [rad]
Constant
ω0
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ORIGINAL FEATURES
The following features are believed to be original:
1. The electron channelling contrast imaging (ECCI) technique was utilised to
visualise the shear bands formed in the austenite phase. The appearance of the shear
bands was shown to be dependent on the combination of the stacking fault energy
and the applied stress. An excellent correlation between the experimental findings
made by ECCI and Byun’s (2003) model predicting the stress-dependence of the
stacking fault width was found.
2. Non-homogeneous nature of the plastic deformation of austenite-α’-martensite
aggregate was demonstrated by X-ray diffraction line broadening analysis of tensile
strained samples and X-ray diffraction stress measurements performed in situ during
uniaxial tensile tests.
3. A direct relation between the work-hardening rate of metastable austenitic stainless
steel and the α’-martensite transformation rate was shown. The work hardening was
divided in four stages. The contribution of the α’-martensite transformation to the
mechanical response during each stage was discussed.
4. Ashby’s (1971) dispersion hardening theory was applied in order to explain the
strengthening effect of the α’-martensite phase. An excellent correlation between
the calculated density of geometrically necessary dislocations and the dislocation
density measured by means of X-ray diffraction line broadening analysis was found.
5. α’-martensite volume fraction of 0.3 was found to be a critical fraction above which
the harder α’-martensite phase starts to directly contribute to the work-hardening
rate and strength of the austenite-α’-martensite aggregate. This was attributed to the
percolation threshold of the α’-martensite phase, i.e., to the formation of an infinite
cluster of α’-martensite phase extending through the whole body. The α’-martensite
clusters were analysed by optical metallography and coupled image analysis, and the
percolation threshold was found to be about 0.3.
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1

INTRODUCTION

Austenitic stainless steels are widely used in engineering applications due to their good
corrosion resistance, weldability and mechanical properties. Until now, corrosion
resistance has in most of the cases been the main motivation for their use.
Due to increasingly strict safety regulations and the need to reduce the fuel
consumption, the car industry has become increasingly aware of the structural materials
of better performance. As the austenitic stainless steels show a better
strength/elongation ratio compared to almost any other metallic structural materials
used in car body structures (Figure 1), they have become an attractive group of
materials to be used in crash relevant structures. Figure 1 demonstrates how the
strength-elongation ratio of the austenitic stainless steels can be adjusted within a wide
range by work hardening. Although austenitic stainless steels have a higher material
cost than the plain carbon steel grades, their use can be cost effective if their good
formability and high strength are reasonably well exploited in the part design and
manufacturing process. Furthermore, the lower weight of the stainless steel part reduces
the costs and the environmental impact during the use phase of the part (Säynevirta,
2005).

Figure 1

Elongation vs. tensile strength of various austenitic stainless steel grades in
annealed and work-hardened condition (circles and triangles) compared to carbon
steels and aluminium alloys (Kim et al., 2003)

The strain rate is a key parameter when assessing material performance in the
automotive applications, since both during the manufacturing process and a car crash
high strain rates occur. With conventional structural materials, the major influence of
the high strain rate is the increased flow stress. In contrast, austenitic stainless steels
show complex changes in the microstructural evolution and mechanical behaviour with
varying strain rate, which is related to the low stacking fault energy of the steels and the
strain-induced martensitic transformations. Furthermore, the microstructural evolution
and the mechanical behaviour are sensitive to chemical composition, temperature, stress
state and grain size. Understanding of the interplay between these factors, resulting
microstructures and the consequent mechanical response is crucial not only in terms of
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the selection of an optimal material, but also in the development of the material models
for finite element method (FEM) simulations, which are nowadays extensively utilised
in the car industry to study forming and crash performance.
1.1

Effects of temperature and strain rate on plastic deformation of
single-phase face-centred cubic metals

1.1.1 Effect of temperature and strain rate on flow stress
The flow stress of a crystalline material is dependent on the temperature and strain rate
due to the thermal activation of dislocation motion. The flow stress σ consists of the
thermal and athermal components σ* and σE (Reed-Hill and Abbaschian, 1992):
σ = σ* + σ E .

(1)

The athermal component originates from long-range forces caused by, e.g., other
dislocations. The long-range forces cause barriers too high to be overcome by thermal
activation. Thus, the athermal component is temperature dependent only through the
temperature dependence of the elastic modulus, as indicated by the subscript E. The
thermal component is significant when the dislocations are overcoming short-range
obstacles. With increasing temperature, the thermal activation increases. Consequently,
the thermal component of the flow stress decreases. The strain rate affects the thermal
component of the flow stress, because the probability of the thermal activation
decreases with increasing strain rate. Accordingly, the thermal component of the flow
stress increases with increasing strain rate. This behaviour is often referred to as the
positive strain rate sensitivity. On the other hand, the adiabatic heating during high
speed deformation increases the thermal activation and may decrease the thermal
component of the flow stress.
In general, in face-centred cubic (FCC) metals the thermal component of the flow stress
is small. Consequently, FCC metals exhibit a rather small temperature dependence of
the yield strength. However, the work-hardening rate of the FCC metals is largely
affected by the stacking fault energy (SFE), which decreases with decreasing
temperature. Therefore, the work-hardening rate of FCC metals may increase with
decreasing temperature. (Reed-Hill and Abbaschian, 1992)
1.1.2 Effect of temperature and strain rate on ductility
The onset of the plastic instability, corresponding to the uniform elongation, is
determined according to Considére’s criterion as:

σ=

dσ
,
dε

(2)

where σ is the flow stress and dσ/dε is the work-hardening rate. Considére’s criterion
corresponds to the condition, where the reduction in the load bearing capacity due to the
decreasing cross-sectional area of the sample can no longer be compensated by the work
hardening. As the work-hardening rate of FCC metals increases with decreasing
temperature, but the yield strength is relatively unaffected by the temperature, the
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intersection of the work-hardening rate and stress-strain curves is shifted to higher
strains with decreasing temperature. Consequently, the uniform elongation of FCC
metals increases with decreasing temperature (Reed-Hill and Abbaschian, 1992). Strain
rate affects both the yield strength and the temperature due to adiabatic heating. Thus,
the influence of the strain rate on the uniform elongation is determined by the
combination of the both effects.
Besides the uniform elongation, also the post-uniform elongation is affected by the
temperature and strain rate. El-Magd et al. (1997) suggested that the total elongation,
comprising the uniform and post-uniform elongations, is affected by the strain rate due
to: 1) adiabatic heating, 2) strain rate sensitivity, 3) inertia effects and 4) decrease in the
local failure strain. In general, adiabatic heating softens the material, the effect being
stronger in the neck area where the local strain rate is higher. However, in the neck zone
high local strain rates lead to higher flow stresses due to the strain rate sensitivity. This
effect has been shown to be dominant compared to the softening due to adiabatic
heating (El-Magd et al., 1997). Hu et al. (1994) showed that inertia can improve the
post-uniform elongation above a certain critical strain rate that is dependent on the
material. The improvement in elongation was the highest with the materials having the
lowest ductility.
1.2

Plastic deformation of metastable austenitic stainless steels

1.2.1 Crystal structure of austenitic stainless steels

Austenitic stainless steels have FCC microstructure. This is achieved by the
combination of chromium and nickel alloying. The most common alloy content is 18%
Cr and 8% Ni. With 200-series alloys the nickel alloying is partially replaced by
manganese. The interstitial atoms, namely carbon and nitrogen, also promote the FCC
crystal structure and cause significant solid solution strengthening. The use of carbon
for solid solution strengthening is, however, hindered by its tendency to form carbides
at high temperatures. This may result in the depletion of chromium in the grain
boundaries, and therefore, cause a risk of intergranular corrosion. Instead, such a risk is
smaller in the case of nitrogen. Hence, nitrogen has been used as an alloying element
providing austenite stabilisation, solid solution strengthening and increased corrosion
resistance in various austenitic stainless steel grades. An example of the nitrogen
alloyed grades is the steel EN 1.4318 (AISI 301LN), which has the nitrogen content of
0.1-0.2 %.
The stacking fault energy of austenitic stainless steels is low, typically about 20 mJ/m2.
Numerous investigations (e.g., Schramm and Reed, 1974; Rhodes and Thompson, 1977;
Brofman and Ansell, 1978; Ferreira and Müllner, 1998) have been carried out in order
to clarify the compositional dependence of the SFE. In general, the SFE of austenitic
stainless steels tends to increase with increasing alloying. However, significant
uncertainty of the influence of individual elements, especially about the influence of
nitrogen (Gavriljuk and Berns, 1999), still exists.
The FCC microstructure of most austenitic stainless steels is not thermodynamically
stable around the room temperature. Therefore, applied stress or plastic deformation
may induce a diffusionless martensitic phase transformation, by which the metastable
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austenite phase is transformed to the thermodynamically more stable martensite phase.
Two different martensite phases exist in austenitic stainless steels: hexagonal closepacked (HCP) ε-martensite and body-centred cubic (BCC) α’-martensite. Due to the
relatively low interstitial content, the crystal structure is normally referred to as BCC
and not as body-centred tetragonal. As it will be discussed below, the strain-induced
martensitic transformations have a pronounced influence on the mechanical properties
of metastable austenitic stainless steels.
1.2.2 Thermodynamics of strain-induced martensite transformations

The thermodynamics of strain-induced martensitic transformation are illustrated
schematically in Figure 2, which shows the chemical free energies of the austenite and
martensite phases as a function of temperature. Spontaneous martensitic transformation
can take place only if the difference between the chemical free energies of the austenite
and martensite phases, i.e., the chemical driving force, reaches the critical value
∆GMsγ→α’, which occurs at the MS temperature.

Figure 2

Schematic illustration of chemical free energies of austenite and martensite phases
as a function of temperature (Wayman and Bhadeshia, 1996)

However, the transformation can occur also at the temperature T1 (>MS), if a sufficient
mechanical driving force U’ is available, so that:
∆G T1

γ →α '

+ U' = ∆G M s

γ →α '

.

(3)

The mechanical driving force is believed to originate from the applied stress, which aids
the chemical driving force. Patel and Cohen (1953) suggested the following expression
for the mechanical driving force as a function of stress and orientation:
U' = τs 0 + σε 0 =

1
1
s 0 σ sin 2Θ ± ε 0 σ(1 + cos 2Θ ) ,
2
2

(4)

where the terms τs0 and σε0 represent the work done by the shear and normal stresses,
respectively, σ is the absolute value of the applied stress and Θ the angle between the
stress axis and the normal of the habit plane. The plus and minus signs correspond to
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tensile and compressive stress, respectively. By using the values of s0=0.2 and ε0=0.04
for the shear and normal strains, the maximum of U’ is reached when Θ=39.5° in
tension and Θ=50.5° in compression.
Figure 2 suggests that the chemical driving force of the martensitic transformation
decreases linearly with the increasing temperature. Thus, as indicated by equation 4, the
stress level required to give the corresponding mechanical driving force also increases
linearly. The linear relation has been shown to be valid up to the stress level
corresponding to the yield strength of the austenite, which is illustrated in Figure 3.
Bolling and Richman (1970) defined the corresponding temperature as the MSσ
temperature. Below the MSσ temperature, the yielding can occur by means of the
martensitic transformation, whereas at higher temperatures the transformation can take
place only after the plastic deformation of the austenite phase.

Figure 3

Schematic illustration of the critical stress to initiate martensitic transformation as a
function of temperature (Olson and Cohen, 1972)

In order to distinguish between the behaviour below and above the MSσ temperature,
Olson and Cohen (1972) established the concepts of stress-assisted and strain-induced
martensitic transformations. The former occurs below the yield strength of the austenite
phase with the aid of the applied stress, and the magnitude of the mechanical driving
force is determined by equation 4. When the martensitic transformation occurs only
after plastic deformation of the austenite phase, the transformation is referred to as
strain-induced transformation. The upper limit for the strain-induced transformation is
defined by the Md temperature.
In the case of the strain-induced transformation, the nature of the mechanical driving
force remains unclear. Olson and Cohen (1972) suggested that the plastic deformation
of the austenite aids the transformation by the formation of energetically favourable
nucleation sites for the martensite, which in addition to the effect of the applied stress
enhances the transformation. In austenitic stainless steels, these nucleation sites have
been shown to involve the intersections of shear bands, consisting of bundles of
overlapping stacking faults, ε-martensite and mechanical twins. Lecroisey and Pineau
(1972) found that although austenitic Fe-Ni and Fe-Ni-Cr alloys exhibited rather
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comparable chemical driving forces ∆Gγ→α’, the former showed a significantly lower
difference between the MS and Md temperatures, i.e., higher stability against the straininduced martensitic transformation. This was explained in terms of the lower SFE of the
Fe-Ni-Cr alloys, which enables the generation of energetically favourable nucleation
sites, and thus, the occurrence of the strain-induced α’-martensite transformation at
much higher temperatures. Suzuki et al. (1976) concluded that in the case of the straininduced nucleation, it is not directly the external stress, but the internal stress due to the
dislocations piled-up to the shear band intersections that produces the mechanical
driving force. Fang and Dahl (1991) suggested that the mechanical driving force
originates from the energy stored by the dislocations in the austenite.
1.2.3 Formation of stacking faults and ε-martensite

Intrinsic stacking faults form in the FCC crystal lattice as a consequence of the
dissociation of a/2<110> perfect dislocations into two a/6<211> partial dislocations,
referred to as Shockley partial dislocations. An intrinsic stacking fault is formed
between the partials, and consequently, the stacking sequence of the {111} planes is
changed from the regular ABCABCABC to, for instance, ABCACABCA. If two
intrinsic stacking faults overlap on the successive {111} planes, the resulting stacking
sequence will be ABCACBCAB, which has one excess plane with the C stacking. Such
a fault is referred to as an extrinsic stacking fault.
Due to the low SFE, wide stacking faults are frequently observed in the microstructures
of austenitic stainless steels. The width of the stacking fault (e.g., the separation
distance between the Shockley partial dislocations) is limited by the energy stored by
the stacking fault. On the other hand, the Shockley partial dislocations repel each other
due to their mutual interaction, which tends to broaden the fault. Cottrell (1953)
proposed the following expression for the stacking fault width w:
G (b 2 ⋅ b 3 ) Gb p
w=
=
,
2πγ
4πγ
2

(5)

where G is the shear modulus, b2 and b3 are the Burgers vectors of the Shockley partial
dislocations, bp is their absolute value and γ is the stacking fault energy. Kelly et al.
(2000) suggested the following expression taking into account the angles between the
unit vector of the perfect dislocation line and the Burgers vectors of the partial
dislocations θ1 and θ2:
2

Gb p ⎛
sin θ1 sin θ 2
w=
⎜ cos θ1 cos θ 2 +
2πγ ⎝
1− ν

⎞
⎟,
⎠

(6)

where ν is Poisson’s ratio.
In the case of an intrinsic stacking fault, the change in the stacking sequence of the
{111} atom planes causes a thin layer of hexagonal close-packed phase with the
stacking sequence of CACA. Therefore, even a single stacking fault can be regarded as
a nucleus of HCP ε-martensite (Brooks et al., 1979b), and the growth of the perfect εmartensite occurs by the overlapping of the stacking faults on every second {111} plane
(Venables, 1962; Fujita and Ueda, 1972; Brooks et al., 1979a). Consequently, it is
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difficult to distinguish between single stacking faults, bundles of overlapping stacking
faults, and faulted or perfect ε-martensite. Therefore, a collective term “shear band”
(Olson and Cohen, 1975) has often been used to designate the microstructural features
originating from the formation and overlapping of stacking faults in austenitic stainless
steels.
The orientation relationships between the austenite and ε-martensite are (Venables,
1962; Mangonon and Thomas, 1970a; Brooks et al., 1979):
γ{111} ║ ε{0001}
γ<110> ║ ε < 1120 > .
Fujita and Ueda (1972) carried out a TEM examination on ε-martensite formation in
18Cr8Ni austenitic stainless steel. They found that once a single stacking fault was
formed in the austenite, the other faults tended to form near the original fault. They
attributed this to the minimisation of the total energy of the stacking faults. The mutual
interaction of the extended dislocations on closely spaced slip planes was also found to
affect the overlapping process. By this mechanism, the ε-martensite crystals were found
to be initially highly faulted, but more perfect ε-martensite was formed as the
deformation proceeded. A similar explanation was also proposed by Brooks et al.
(1979).
Since even a single intrinsic stacking fault involves HCP stacking, the stacking fault
energy may be regarded as a sum of surface and volume energy contributions (Olson
and Cohen, 1976a; Rémy and Pineau, 1978; Miodownik, 1978; Ferreira and Müllner,
1998). Accordingly, the intrinsic stacking fault energy γ may be expressed as follows
(Olson and Cohen 1976a):
γ = n *ρ A (∆G γ →ε + E str ) + 2σ(n ) ,

(7)

where n* is the thickness of the fault in number of atom planes, ρA is the density of
atoms in a close packed plane in moles per unit area, ∆Gγ→ε is the chemical free-energy
difference between the austenite and ε-martensite phases, σ(n) is the surface energy and
Estr is strain energy, which in the case of γ→ε transformation is small. Based on
equation 7, the overlapping process of the stacking faults and the energetics of the εmartensite formation can be better understood. The surface energy component 2σ(n) has
been estimated as 20 mJ/m2 (Olson and Cohen, 1976a; Miodownik, 1978). When the
SFE is below that value, ∆Gγ→ε is negative, i.e., the ε-martensite phase is
thermodynamically more stable than the austenite phase (provided that Estr is neglected).
Obviously, in such a condition the stacking faults tend to overlap so that perfect εmartensite is formed.
Several authors have shown that the SFE of austenitic stainless steels increases with
increasing temperature. These results are summarised in Table 1 and have been
reviewed by Rémy and Pineau (1978). It is observed that for different chemical
compositions the temperature coefficient of the SFE is consistently between 0.05 and
0.1 mJ/m2K, the result of Murr et al. (1973) at high temperatures being the only
exception. As the surface energy contribution of the SFE is relatively independent of the
chemical composition (Miodownik, 1978) and only slightly affected by the temperature
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(Olson and Cohen, 1976a), the temperature and compositional dependence of the SFE
arises mainly from ∆Gγ→ε. Consequently, the temperature dependence dγ/dT is
proportional to the entropy difference between the austenite and ε-martensite phases
(Rémy and Pineau, 1978).
Table 1

Temperature coefficients of intrinsic stacking fault energy dγ/dT according to
various references
Reference

Alloy

Latanision and Ruff (1971)
Latanision and Ruff (1971)
Abrassart (1972)
Lecroisey and Pineau (1972)
Lecroisey and Pineau (1972)
Gavriljuk et al. (1998)
Murr et al. (1973)

18%Cr-10%Ni
19%Cr-16%Ni
18%Cr-7%Ni-0.18%C
16%Cr-13%Ni-0.01%C
18%Cr-12%Ni-0.01%C
18%Cr-16%Ni-10%Mn-0.4%C
18%Cr-10%Ni-0.06%C

Temperature
range (°C)
+25…+135
+25…+135
+20…+330
-150…+100
-150…+100
-140…+20
> +800

dγ /dT
(mJ/m2K)
0.10
0.05
0.10
0.08
0.05
0.06
0.014

Rather conflicting information about the presence of the ε-martensite phase in deformed
austenitic stainless steels has been reported. Significant fractions of ε-martensite have
been found to form during the plastic deformation of AISI 304 steel at low temperatures
(Guntner and Reed, 1962; Reed and Guntner, 1964; Mangonon and Thomas, 1970b; De
et al., 2004) and during room temperature cold rolling in AISI 301 steel (Bowkett et al.,
1982). In contrast, in some investigations (Narutani et al., 1982; Narutani, 1989;
Lichtenfeld et al., 2006) ε-martensite was not found from the steels deformed in similar
conditions. In the cases where ε-martensite was found to be present, it reached the
highest volume fraction between the strains of 5 and 20%. At higher strains, the α’martensite fraction increased at the expense of the ε-martensite.
1.2.4 Effect of applied stress on stacking faults

Two Shockley partial dislocations bounding a stacking fault can have different Schmid
factors. As a consequence, the forces acting on the partial dislocations under a shear
stress may be unequal, resulting in the stress-dependence of the stacking fault width.
The role of the stress was first discussed by Smallman and Westmacott (1956). Later, it
has been suggested that the stress-dependence of the stacking fault width may have a
significant effect on the evolution of the deformation microstructures of FCC metals
and alloys (Copley and Kear, 1968; Goodchild et al., 1970; Kestenbach, 1977).
Recently, Byun (2003) and Byun et al. (2003; 2004) demonstrated quantitatively the
relationship between the SFE, stress level and the deformation microstructures of AISI
316 steel.
Copley and Kear (1968) determined the following expression for the stress-dependence:
m − m1
1 1
= (γ ± 2
σb p ) ,
w c
2

(8)

where c is a constant depending on the material and the type of the perfect dislocation, γ
is the SFE, m1 and m2 are absolute values of the Schmid factors of the leading and
trailing partial dislocations, bp their Burgers vector and σ uniaxial stress. The influence
of the stress on the stacking faults was later illustrated by means of the transmission
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electron microscope (TEM) studies by Goodchild et al. (1970) and Kestenbach (1977).
Goodchild et al. (1970) found that fewer stacking faults and less ε-martensite were
present in the grains oriented in <100> direction parallel to the tensile axis compared to
the other grains. Similar findings were made also by Lagneborg (1964). Based on
Copley’s and Kear’s expression, Kestenbach (1977) defined the effective stacking fault
energy γeff:
γ eff = γ ±

(m 2 − m1 )
σb p .
2

(9)

Byun (2003) studied the effect of applied stress on stacking fault width, and proposed
the following formula:
w=

Gb 2p
π(2γ − τb p sin θ 2 − sin θ1 )

(cos θ1 cos θ 2 +

sin θ1 sin θ 2
),
1− ν

(10)

where θ1 and θ2 are the angles between the Burgers vectors of the leading and trailing
partial dislocations and the unit vector of the perfect dislocation line, and ν is Poisson’s
ratio. In the absence of stress, Byun’s equation becomes equivalent with equation 6.
In order to validate equation 10, Byun et al. (2003; 2004) carried out TEM
examinations on deformed AISI 316LN steel. It was shown that the observed
deformation microstructures could be categorised in terms of the applied stress level. At
low stress levels, the microstructures were dominated by tangled perfect dislocations,
whereas at higher stress levels the microstructures contained large amounts of wide
stacking faults and twins. It was concluded that the applied stress accounted for the
observed differences according to equation 10. As the stress level increased, the stress
promoted the slip planarity and the presence of stacking faults. A limitation of the
analysis was, however, that the SFE of the studied steel was not known.
1.2.5 Deformation twinning

The plastic deformation of austenitic stainless steels may involve deformation twinning.
A mechanical twin is formed by the overlapping of intrinsic stacking faults, i.e., by the
glide of Shockley partials of the same sign on successive {111} planes (Lecroisey and
Pineau, 1972; Lee et al., 2001). Recalling section 1.2.3, a fault consisting of two
overlapping intrinsic stacking faults on successive {111} planes is referred to as an
extrinsic stacking fault, which therefore is a twin nucleus. If the overlapping of the
intrinsic stacking faults proceeds on successive {111} planes, the twin grows in
thickness. Lecroisey and Pineau (1972) found that in 16/11, 16/13 and 18/12 type
austenitic alloys the deformation twins occurred along with ε-martensite. They observed
that with increasing temperature and strain the number of the twins increased, and
attributed this to the increase in the SFE with increasing temperature. Bowkett et al.
(1982) compared the deformation microstructures of AISI 301 and 316 steels. In the
former stacking faults and mechanical twins were present, whereas in AISI 316 steel
only twins were found. This was explained by the higher stacking fault energy of the
AISI 316 steel. Ferreira et al. (2004) found that high strain rate promoted the
deformation twinning in AISI 304 steel, and also increased the number of twin variants
from one to two.
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Deformation twinning has been found to be a preferred mechanism of plastic
deformation in nitrogen alloyed austenitic stainless steels at high strains and stress
levels. Müllner et al. (1993) studied the deformation microstructures of AISI 316L
steels with nitrogen contents between 0.04 and 0.53 wt%. They observed that the onset
of twinning was shifted to higher stresses and lower strains as the N content increased.
This was explained in terms of the solid solution strengthening caused by N and due to
the reduced SFE. The twinning was always found to be preceded by planar glide.
Byun (2004) suggested that the stress-dependence of the stacking fault width discussed
in the previous section might determine the critical stress for twinning. By using the
average Schmid factor of 0.326, the critical stress for twinning is obtained from
equation 10 as follows:
σ T = 6.14

γ
.
bp

(11)

However, Byun’s model predicts that the twinning becomes more difficult as SFE
increases. This conflicts with the findings of Lecroisey and Pineau (1972) and Bowkett
et al. (1982), who found that twinning was favoured by the high SFE. Lecroisey and
Pineau suggested that the ε-martensite formation is preferred to the twinning when:
γ 0 − γ (1 − x )
σ
> 2ξ 2 ± 2 2ξ ,
Gb p
G

(12)

where γ0 is the intrinsic stacking fault energy at the temperature where ∆Gγ→ε=0 (i.e.,
γ=2σ(n) according to equation 7), x is a factor representing the ratio of the extrinsic and
intrinsic stacking fault energies and ξ is the contraction normal to the basal plane due to
the γ→ε transformation. In more general terms, the ε-martensite formation is preferred
when ∆Gγ→ε is small or even negative, as the process involves the formation of the HCP
structure of lower energy compared to a twin having the FCC stacking. When ∆Gγ→ε
increases, the formation of the HCP structure becomes more difficult, and consequently,
twinning is preferred.
The discussion presented above is summarised in the schematic diagram defined for
austenitic Fe-Mn-Cr-C alloys by Remy and Pineau (1977), presented in Figure 4.

Figure 4

Effect of temperature and stacking fault energy on the deformation microstructures
of austenitic Fe-Mn-Cr-C alloys (Remy and Pineau, 1977)
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The twinning was found to be an intermediate mode of deformation between the
formation of ε-martensite and dislocation cells, corresponding to the SFEs of 10-40
mJ/m2. Austenitic Co-Ni-Cr-Mo alloys were found to show essentially equivalent
behaviour (Remy and Pineau, 1976).
1.2.6 Strain-induced α’-martensite transformation

It has been shown that the BCC α’-martensite phase nucleates at the intersections of the
shear bands (Venables, 1962; Lagneborg, 1964; Reed and Guntner, 1964; Kelly, 1965;
Mangonon and Thomas, 1970a; Suzuki et al., 1977; Brooks et al., 1979a; Brooks et al.,
1979b; Bowkett et al., 1982; Murr et al., 1982). However, some researchers have found
the α’-martensite nucleation to take place also within single shear bands (Lee and Lin
2000; Gey et al., 2005). As the shear bands in fact consist of more or less perfect εmartensite phase, it has been regarded as an intermediate phase in the formation of α’martensite. Some researchers (Narutani et al., 1982; Narutani, 1989; Lichtenfeld et al.,
2006) have reported that the α’-martensite transformation took place without the
presence of ε-martensite. However, these findings were based on X-ray diffraction
(XRD) measurements. Therefore, ε-martensite phase was probably not absent, but the
XRD technique is just unable to detect relatively small fractions of finely dispersed and
highly faulted ε-martensite, or the shear bands consisting of mechanical twins.
The orientation between the austenite and α’-martensite phases has been shown to obey
the Kurdjumov-Sachs relationship, i.e. (Venables, 1962; Lagneborg, 1964; Kelly, 1965;
Mangonon and Thomas, 1970a; Murr et al., 1982):
γ{111} ║ α’{110}
γ<110> ║ α’<111>.
Mangonon and Thomas (1970a) found that initially the relationship was the Nishiyama,
i.e.:
γ{111} ║ α’{110}
γ<211> ║ α’<110>,
and changed to the Kurdjumov-Sachs as the transformation proceeded. Bowkett et al.
(1982), however, claimed that it is not possible to distinguish between these two
relationships based on the selected-area electron diffraction technique. Recently, the
electron backscatter diffraction (EBSD) was utilised to study the orientation
relationships (Gey et al., 2005), and Kurdjumov-Sachs relationship was found.
The mechanisms of the α’-martensite nucleation at the shear band intersections have
been discussed in numerous investigations. In general, the α’-martensite nucleation
involves a process by which an array of Shockley partial dislocations, i.e., another shear
band, can penetrate through the other shear band. Olson and Cohen (1972; 1976b)
discussed the nucleation of α’-martensite based on the work of Bogers and Burgers
(1964). Bogers and Burgers suggested that the BCC structure can be generated from
FCC by two successive shears, the first involving a 1/3 FCC twinning shear of austenite
and the other a 1/2 FCC twinning shear, referred to as T/3 and T/2, respectively. Olson
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and Cohen rationalised the T/3 shear by the spreading of an array of a/6<112> Shockley
partial dislocations on every third {111} plane and the T/2 by the spreading of the
Shockley partial dislocations on every second {111} plane. As the movement of the
Shockley partial dislocations on every second {111} plane produces perfect εmartensite, Olson and Cohen suggested that an α’-martensite nucleus is formed by the
passage of a T/3 shear through an ε-martensite platelet. Since a significant chemical
driving force is available, the process transforms the stacking of the atoms from FCC to
BCC, and enables the partial dislocations to penetrate through the ε-platelet.
Furthermore, the role of the SFE in the nucleation process was discussed. With
increasing SFE, the probability of the presence of appropriate arrays of the partial
dislocations decreases. Thus, the probability of α’-martensite nucleation is decreased.
The intersection of an ε-platelet with a mechanical twin was also thought to be a
possible mechanism for α’-martensite nucleation, but the process was considered to
require a higher chemical driving force.
Lecroisey and Pineau (1972) considered the case in which a Shockley partial dislocation
gliding on the austenite (111) plane crosses a deformation twin on the austenite (111)
plane. In this case, the plastic deformation associated to the Shockley partial dislocation
can propagate in the twin by the following dislocation reaction:

[ ]

[ ]

[ ]

1
1
1
121 → 211 t + 112 t ,
6
6
18

(13)

where the subscript t indicates that the Burgers vectors are given in the coordinate
system of the twin. Alternatively, in the case of a 1/6[112] partial dislocation the
following reaction may occur:

[ ]

1
[112] → 1 [112]t + 1 112 t .
6
6
9

(14)

Both reactions result in the formation of an α’-martensite nucleus with BCC stacking at
the shear band intersection, and involve the propagation of the plastic deformation.
Furthermore, both reactions require additional energy, since the total self-energy of the
dislocations is increased. This additional energy was considered to originate from the
chemical free-energy difference of the α’-martensite and austenite phases. The reactions
were also assumed to be aided by the stress concentrations due to the piling-up of the
partial dislocations.
Suzuki et al. (1977) referred to the nucleation of the α’-martensite at the shear band
intersection as a “window effect”, by which the two shear bands, otherwise being
barriers to each other, can easily intersect. Brooks et al. (1979a; 1979b) suggested that
the α’-martensite nucleation is associated with the piling-up of the Shockley partial
dislocations. As the dislocations are forced closer to each other in the pile-up, the
atomic structure starts to resemble BCC stacking. As the pile-up reaches the critical
size, a rapid growth of an α’-martensite nucleus occurs with the aid of the chemical
driving force. Olson and Cohen (1976b) determined the critical size for the martensitic
embryo as follows:
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n CR =

2σ(n )
,
− ρ A (∆G γ →α ' + E str )

(15)

where nCR is the thickness of the embryo in atom planes, σ(n) is the embryo interfacial
energy per unit area, ρA is the density of atoms in moles per unit area in a close packed
plane, ∆Gγ→α’ is the chemical free-energy difference between the austenite and α’martensite phases and Estr the strain energy due to the transformation strains. For a
Fe30Ni austenitic alloy Olson and Cohen (1976b) calculated the critical embryo size of
13.5 close-packed atom planes by using the values of ∆Gγ→α’=-1260 J/mol, Estr=500
J/mol and σ(n)=0.15 J/m2. Staudhammer et al. (1983) used the ∆Gγ→α’ and Estr values
suggested by Olson and Cohen, but a two times higher surface energy value of 0.3
J/mol, which resulted in the critical embryo thickness of 27 planes, corresponding to the
thickness of about 57 Å. In order to validate the calculation, a TEM examination of the
α’-martensite embryos in tensile strained AISI 304 steel was carried out. The minimum
embryo size was found to be indeed 50-70 Å. Therefore, evidently, the α’-martensite
cannot nucleate at the intersections of single stacking faults, but significant overlapping
of the stacking faults and piling-up of the Shockley partial dislocations must occur
before the α’-martensite nucleation is possible.
The growth of the α’-martensite phase has been found to occur through the continuous
nucleation and coalescence of α’-martensite embryos (Murr et al., 1982; Staudhammer
et al., 1980; Staudhammer et al., 1983). Murr et al. (1982) observed that the α’martensite nucleates not necessarily throughout the whole shear band intersection
volume, but only within certain regions. As a result, the α’-martensite was concluded to
exhibit irregular and blocky morphology. In a polycrystalline steel, the α’-martensite
content varies from grain to grain depending on the grain orientation (Gey et al., 2005),
which is probably attributed to the dependence of the shear band formation and α’martensite nucleation on the local stress field.
1.3

Factors affecting strain-induced α’-martensite transformation

The extent of the strain-induced α’-martensite transformation is significantly affected
by several factors, including the chemical composition, temperature, strain rate, strain
state and the grain size of the austenite phase. The variation in the α’-martensite
transformation has been shown to have a substantial influence on the mechanical
response of metastable austenitic stainless steels. Thus, thorough understanding of the
role of each factor is essential when using the steels in engineering applications.
1.3.1 Effect of chemical composition

Alloying makes austenitic stainless steels more stable against the strain-induced α’martensite transformation. This is a consequence of the alteration of the stacking fault
energy and the chemical driving force ∆Gγ→α’. Several empirical formulas have been
determined in order to describe the influence of the chemical composition on the
tendency to the strain-induced α’-martensite transformation. The first formula was
determined by Angel (1954):
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M d 30 (°C) = 413 − 462(%C + % N ) − 9.2%Si − 8.1%Mn − 13.7%Cr
− 9.5% Ni − 18.5%Mo,

(16)

where the alloy contents are in weight percent. The Md30 temperature represents the
temperature at which 50% α’-martensite phase is formed after true tensile strain of 0.3.
Nohara et al. (1977) modified Angel’s equation and included the effect of grain size. As
a result, the following formula was obtained:
M d 30 (°C) = 551 − 462(%C + % N) − 9.2%Si − 8.1%Mn − 13.7%Cr
− 29(% Ni + %Cu ) − 18.5%Mo − 68% Nb − 1.42(GS − 8),

(17)

where GS is the ASTM grain size number.
1.3.2 Effect of temperature

Above discussion suggests that the formation of strain-induced α’-martensite is affected
by two composition-dependent parameters, namely, by the stacking fault energy and the
chemical driving force ∆Gγ→α’. Since both of these parameters are also temperaturedependent, the tendency to the strain-induced α’-martensite transformation is sensitive
to the temperature, as well. It is well known that the α’-martensite transformation is
suppressed with increasing temperature (Angel, 1954; Powell et al., 1958). An example
of the temperature dependence found by Angel (1954) is shown in Figure 5. The
behaviour is normally attributed to the decrease in the chemical driving force ∆Gγ→α’
with increasing temperature, as indicated in Figure 2. In contrast, although the SFE is
known to increase with increasing temperature (Table 1), its role in the suppression of
the α’-martensite transformation has not been explicitly demonstrated in literature.

Figure 5

Effect of deformation temperature on formation of strain-induced α’-martensite
phase during uniaxial tensile deformation of 18/8-type austenitic stainless steel
(Angel, 1954)

1.3.3 Effect of strain and stress state

The extent of the α’-martensite transformation is dependent on the stress and strain
state. Powell et al. (1958) found that the strain-induced α’-martensite transformation
was more rapid under tensile strain compared to compressive strain. Iwamoto et al.
(1998) found that in compression the transformation rate was initially higher than in
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tension, but at higher strains the relation was reversed. Hecker et al. (1982) found that
more α’-martensite was formed in biaxial tension than in uniaxial tension, when the
comparison was made against the maximum principal strain. However, when the
comparison was based on the von Mises effective strain, the biaxial and uniaxial tension
showed similar trends in α’-martensite formation. This was explained by Murr et al.
(1982), who found that a higher number of shear band intersections was generated in
biaxial tension. Obviously, there are more active slip systems in biaxial tension, which
results in a higher number of shear band intersections. Shrinivas et al. (1995) reported
that in AISI 316 steel cold rolling caused more α’-martensite than uniaxial tension. This
was related to the multiple slip systems being activated during rolling.
1.3.4 Effect of austenite grain size

Gonzáles et al. (1992) studied the effect of austenite grain size on the strain-induced α’martensite transformation in AISI 304 steel. The transformation was found to be
enhanced by large grain size. This finding is in agreement with Nohara et al. (1977) and
equation 17, which indicates that the Md30 temperature increases with increasing grain
size. Also Varma et al. (1994) found that large grain size promoted the α’-martensite
formation during tensile and cold rolling deformation of AISI 304 and 316 steels. In
contrast, Shrinivas et al. (1995) found that the formation of α’-martensite during cold
rolling increased with decreasing grain size in AISI 304 steel and was grain size
independent in AISI 316 steel.
1.3.5 Effect of strain rate

Most investigations carried out in order to clarify the effect of strain rate on the straininduced α’-martensite transformation have indicated that the transformation is
suppressed with increasing strain rate. This has been mostly explained in terms of the
adiabatic heating, which decreases the chemical driving force of the transformation
(Powell et al., 1958; Bressanelli and Moskowitz, 1966; Neff et al., 1969; Livitsanos and
Thomson, 1977; Ferreira et al., 2004). However, Staudhammer et al. (1983) suggested
that high strain rate may promote more irregular shear band arrays compared to the low
strain rate. This may lead to a reduced probability of formation of α’-martensite
embryos of the critical size, and thus, suppress the formation of α’-martensite.
On the other hand, it has been found that high strain rate (103 s-1) promoted shear band
formation in AISI 304 steel compared to the low strain rate (10-3 s-1). This led to an
increased number of shear band intersections and higher volume fraction of α’martensite at the early stages of tensile deformation, as illustrated in Figure 6
(Staudhammer et al., 1980; Hecker et al., 1982; Murr et al., 1982). However, at strains
higher than 0.25, the α’-martensite transformation was suppressed at the high strain
rate. This was attributed to a decrease in the chemical driving force of the
transformation due to adiabatic heating.
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Figure 6

Effect of strain rate on the formation of strain-induced α’-martensite in AISI 304
austenitic stainless steel strained in uniaxial tension (Hecker et al., 1982)

Lee and Lin (2000; 2001; 2002) studied the strain-induced α’-martensite transformation
in AISI 304L steel deformed in compression at strain rates ranging between 10-3 and
5×103 s-1. Based on TEM examinations, they suggested that the formation of the shear
bands was promoted at the high strain rates. Also the volume fraction of the α’martensite increased with the increasing strain rate. However, due to the high austenite
stability of the studied steel, the observed α’-martensite volume fractions were lower
than 0.04 and had negligible influence on the mechanical response of the steel.
Ferreira et al. (2004) found that a high strain rate promoted the formation of stacking
faults and ε-martensite in AISI 304 steel, but suppressed the α’-martensite
transformation. It was suggested that the nucleation and movement of partial
dislocations was easier at the high strain rates. Therefore, it would be a preferential
deformation mode compared to the movement of perfect dislocations. The suppression
of the strain-induced α’-martensite transformation was attributed to adiabatic heating.
1.4

Effect of strain-induced α’-martensite transformation on mechanical
properties

The influence of microstructural evolution on the mechanical properties of austenitic
stainless steels has been a subject of numerous investigations from the 1950’s. Although
the high work-hardening capacity of austenitic stainless steels has been related to the
low stacking fault energy and to the consequent slip planarity, the formation of stacking
faults, deformation twins and ε-martensite (e.g., Hecker et al., 1982; Lee and Lin, 2001;
Byun et al., 2004), undoubtedly the α’-martensite transformation plays a key role in the
mechanical behaviour of metastable austenitic steels. Zackay (1967) suggested that the
steels, whose mechanical properties are characterised by the enhancement in the
strength and ductility by the strain-induced α’-martensite transformation, could be
referred to as TRIP (Transformation-Induced Plasticity) steels. At present, the term
“TRIP effect” is widely used to denote the strain-induced α’-martensite transformation
itself and its influence on the mechanical behaviour. Furthermore, a group of mild steels
have been labelled as “TRIP steels” according to their tendency to transform from the
retained austenite to the strain-induced martensite.
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1.4.1 Effect of α’-martensite transformation on flow stress and work
hardening

The strain-induced α’-martensite transformation is associated with a strong increase in
the work-hardening rate (Guntner and Reed, 1962; Reed and Guntner, 1964; Neff et al.,
1969; Lecroisey and Pineau, 1972; Huang et al., 1989; Fang and Dahl, 1991; Byun et
al., 2004). Consequently, the formation of the strain-induced α’-martensite increases the
tensile strength. When the work-hardening rate of metastable steel exhibiting the
transformation is plotted as a function of strain, the curve has been found to show first a
minimum and then a subsequent maximum (Huang et al., 1989; Fang and Dahl, 1991).
Examples of the work-hardening curves of EN 1.4306 (AISI 304L) steel at different
temperatures are shown in Figure 7.

Figure 7

Effect of deformation temperature on the work-hardening rate of austenitic
stainless steel EN 1.4306 (AISI 304L) as a function of true strain (Fang and Dahl,
1991)

The behaviour is often referred to as the abnormal work hardening, or as the workhardening abnormality, since it differs from the behaviour of the most metals and alloys
showing continuously decreasing work-hardening rate. The work-hardening maximum
has been related to the formation of the α’-martensite phase. As the extent of the α’martensite transformation is temperature-dependent, the work-hardening rate also
exhibits a pronounced variation with temperature, as illustrated in Figure 7.
Another characteristic of the work-hardening behaviour of metastable steel grades is the
minimum that is reached before the maximum. The work-hardening minimum has been
attributed to the formation of ε-martensite (Reed and Guntner 1964; De et al., 2006).
This view was criticised, for instance, by Suzuki et al. (1976; 1977), who attributed the
low work-hardening rate to the onset of the α’-martensite transformation. Later, the
effect has been referred to as a dynamic softening effect, originating from the α’martensite transformation acting as an additional deformation mechanism along with
the slip deformation (Narutani et al., 1982; Olson and Cohen, 1986; Huang et al., 1989).
Fang and Dahl (1991) related the effect only to the volume change occurring during the
transformation.

33
1.4.2 Effect of α’-martensite transformation on ductility

Numerous studies have focussed on the understanding of the influence of the TRIP
effect on the ductility. Although some researchers have explained the enhanced ductility
in terms of the excessive formation of deformation twins and stacking faults, the most
widely accepted view is that the α’-martensite transformation governs the ductility.
Furthermore, it has been shown that it is not the total amount but the rate and the point
at which the α’-martensite transformation takes place, which is important (Powell et al.,
1958; Bressanelli and Moskowitz, 1966; Neff et al., 1969; Sanderson and Llewellyn,
1969; Rosen et al., 1972; Livitsanos and Thomson, 1977; Huang et al., 1989).
Consequently, when the uniform or total elongation of a metastable austenitic stainless
steel is plotted as a function of the deformation temperature, the curve exhibits a peak
value, as shown in Figure 8.

Figure 8

Influence of deformation temperature on the elongation to fracture of various
austenitic stainless steel grades (Sanderson and Llewellyn, 1969)

The behaviour reflects the temperature dependence of the austenite stability. Maximum
uniform elongation is reached when the highest α’-martensite transformation rate and
the associated work-hardening peak occur at high strain levels (Olson and Cohen, 1986;
Huang et al., 1989; Tsuchida and Tomota, 2000; Iwata and Tsuta, 2000; Tomota et al.,
2004). On the right hand side of the elongation peak the temperature is such that the
transformation is prevented, and as a consequence, the elongation is reduced. At the
lower temperatures, i.e., on the left side of the elongation peak, the α’-martensite
transformation occurs rapidly, resulting in rapid work hardening at low strains and
consequent premature fracture.
Although in some studies the high elongation of the steels exhibiting the TRIP effect
has been explained in terms of the transformation strain (Cherkaoui et al., 2000), it has
been claimed that neither the transformation strain nor the volume change related to the
transformation can alone account for the enhanced ductility. Bhadeshia (2002) showed
with a simple theoretical study that if austenitic steel is fully transformed to martensite,
the elongation due to the transformation strain can be only 15% maximum. Narutani et
al. (1982) carried out tensile testing of metastable austenitic steel at -196°C at which
stress-assisted transformation took place. They found that the slope of the strain vs. α’martensite volume fraction curve had a constant value of 0.12, which corresponds to the
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transformation strain of 0.12 when the aggregate is fully transformed to martensite.
Higher variation of the total elongation resulting from the altering transformation
behaviour can be seen in Figure 8, indicating that beyond the transformation strain
alone, also another mechanism accounting for the improved ductility must be operative.
Although it has been suggested (Bressanelli and Moskowitz, 1966) that reduced
ductility at low temperatures may be due to the brittleness of the α’-martensite, the
SEM examinations of the fracture surfaces have shown that the failure mechanism in
the austenitic stainless steels is always ductile dimple type (Hecker et al., 1982).
Furthermore, Ilola (1999) compared the impact toughness of various austenitic Cr-Mn
and Cr-Ni austenitic steels. AISI 304LN steel, showing the lowest austenite stability,
exhibited the best impact toughness, and did not have the ductile to brittle transition at
all.
1.4.3 Strengthening mechanisms

Significant inconsistency still exists in explaining the strengthening mechanisms of
metastable austenitic stainless steels and the strengthening effect of the strain-induced
α’-martensite phase. The most widely accepted view is that the flow stress of
metastable austenitic steel is controlled by 1) the static hardening effect of the α’martensite phase and 2) the dynamic softening effect due to the transformation strain
(i.e., due to the operation of the α’-martensite transformation as an alternative
deformation mechanism) (Narutani et al., 1982; Olson and Cohen, 1986). Some authors
have distinguished between the strengthening effects of the dislocation substructures in
the austenite phase and the direct strengthening effect of the α’-martensite phase
(Huang et al., 1989; Lee and Lin, 2001; Byun et al., 2004). Since the highly dislocated
α’-martensite phase is much harder than the austenite phase, the austenite-martensite
mixtures have been regarded as composites of soft austenitic matrix with hard
martensite dispersions (Mangonon and Thomas, 1970b; Tamura, 1982). Mangonon and
Thomas (1970b) found a linear relationship between the yield strength and α’martensite volume fraction, and suggested that the flow stress of an austenite-martensite
mixture is best described with a rule of mixtures. The high strength and the direct
strengthening effect of the α’-martensite phase was demonstrated by Spencer et al.
(2004), who carried out in-situ neutron diffraction stress measurements during the
uniaxial tensile testing of stable AISI 316L steel at room temperature. Before the tensile
testing, the test material was pre-strained at 77 K, which resulted in the α’-martensite
content of 30%. The stress measurements indicated that the α’-martensite phase
sustained a clearly higher stress than the austenite phase. Therefore, the α’-martensite
was concluded to act as the reinforcing phase.
Guimarães and De Angelis (1974) developed a model based on an assumption that the
ledges on the semi-coherent austenite/martensite interfaces act as sources of dislocations
in the austenite. Accordingly, they assumed that the martensite transformation affects
the flow stress by increasing the dislocation density of the austenite phase. The model
was verified with the experimental data of Fe-Ni-C-alloy. Eckstein and Guimarães
(1984) carried out quantitative microscopy and mechanical testing on Fe-Ni-C
austenite-martensite mixtures. They concluded that the martensite phase acts as hard
dispersions within the soft austenitic matrix. The plastic deformation was found to take
place mainly in the austenite, and the strengthening contribution of the martensite was
related to the decrease in the effective grain size of the austenite with increasing
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martensite content. Narutani (1989) showed that the linear relationship between the flow
stress and the square root of the dislocation density of the austenite phase of AISI 301
steel remained valid up to α’-martensite content of 20%. Furthermore, the dislocation
density of the α’-martensite was found to be much higher than that of the austenite. It
was concluded that below the α’-martensite content of 20% the formation of α’martensite strengthens the steels by accelerating the dislocation generation in the
austenite phase. This was attributed to the accommodation of the volume expansion
related to the transformation. At the higher martensite contents, the strengthening was
related to the “hardening effect of the martensite by itself”, which was, however, not
further explained.
1.5

Constitutive equations and modelling of strain-induced α’-martensite
transformation

Modelling of the kinetics of the strain-induced transformation and the resulting
mechanical response has been of interest since the discovery of the TRIP effect. The
development of the constitutive equations has become more and more important due to
the growing use of FEM in the engineering applications, for example, in the automotive
industry. FEM simulation necessitates an accurate constitutive equation capable to
predict the material behaviour. In the case of metastable steels, this is not
straightforward due to the complex interaction between the external conditions,
microstructural evolution and mechanical response. The kinetic models and constitutive
equations for metastable steels reported in literature are discussed in the following
section. Furthermore, during the recent years the mechanisms of the TRIP effect have
been a subject of numerous investigations performed in the fields of micromechanical
modelling and continuum mechanics. This topic is briefly reviewed in section 1.5.2.
1.5.1 Macroscopic models

Ludwigson and Berger (1969) made one of the first attempts to model the kinetics of the
strain-induced α’-martensite transformation and the stress-strain curves of metastable
austenitic stainless steels. They assumed that the α’-martensite volume fraction is a
continuous function of strain, and that the strength of both the austenite and α’martensite phases contribute to the flow stress. Probably the best known model to
predict the kinetics of the strain-induced α’-martensite transformation was developed by
Olson and Cohen (1975). They presumed that the α’-martensite is nucleated at the shear
band intersections, and that the nucleation and growth process of α’-martensite is
controlled by two parameters, αOC and βOC. As a result, the following equation for the
α’-martensite volume fraction f α' as a function of true plastic strain ε was obtained:
f α' = 1 − exp(−β OC (1 − exp(−α OC ε)) n ) .

(18)

The parameter αOC controls the rate of the shear band formation. It was assumed to be
dependent on the stacking fault energy and strain rate. The parameter βOC is
proportional to the probability that the α’-martensite is nucleated at a shear band
intersection, and it is dependent on the chemical driving force and temperature. The
exponent n describes the rate of the formation of the shear band intersections, and it was
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found to have the constant value of 4.5. The model predicts a sigmoidal f α' vs. ε curve,
and it has been shown to agree well with the experimental data.
Later, numerous researchers have further developed the Olson-Cohen model or
developed alternative kinetic models. The Olson-Cohen kinetic model has been a basis
for numerous attempts to develop constitutive equations. Stringfellow et al. (1992),
based on the work of Olson and Cohen, developed a kinetic model and a constitutive
equation taking into account the deformation temperature, plastic strain and stress state.
Tomita and Iwamoto (1995) generalised the model of Stringfellow et al. by including
the effects of the strain rate and adiabatic heating. Later, the model was further
developed by adding the effect of stress state (Iwamoto et al., 1998). Iwamoto and Tsuta
(2000) modified the Olson-Cohen model by taking into account the effect of austenite
grain size. Serri et al. (2005a; 2005b) utilised Iwamoto’s and Tsuta’s transformation
kinetics model in the simulation of sheet metal forming of AISI 304 steel. Lichtenfeld et
al. (2006) applied the Olson-Cohen model to high strain rate deformation by taking into
account the variation of the parameters α and β with temperature. Shin et al. (2001)
proposed a new kinetic model, which considers the strain-induced transformation as a
relaxation process of internal strain energy, aiding the chemical driving force.
Narutani et al. (1982) developed a constitutive model for the flow stress based on the
rule of mixtures. The model included a correction for the dynamic softening effect due
to the α’-martensite formation. Cortés et al. (1992) developed a constitutive equation
for the flow stress by using an energetic criterion. The model was based on the
assumption that the sum of the energies consumed to deform each phase is equal to the
total energy consumed to deform the aggregate. The model was extended to take into
account multiaxial loading by Tsuta and Cortés (1993). Hänsel et al. (1998) developed a
non-isothermal model for the transformation kinetics that took into account the
adiabatic heating during the deformation. Based on the kinetic model, a work-hardening
model was established by using the rule of mixtures to determine the sum of the workhardening contributions of both phases. The model was applied to the simulation of
deep drawing process. Schedin et al. (2004) implemented the model in FEM simulation
of sheet metal stamping.
1.5.2 Micromechanical and mesoscopic modelling

In addition to the macroscopic modelling of the transformation kinetics and
development of the constitutive equations, the strain-induced martensitic
transformations and TRIP effect have been investigated in terms of micromechanical or
continuum modelling in micro- and mesoscales. Some work carried out on this field is
briefly reviewed in the following.
Levitas et al. (1999) performed numerical modelling of the strain-induced nucleation of
the α’-martensite at the shear band intersections based on the previously developed
mesoscopic continuum thermomechanical theory (Levitas, 1998). It was shown that the
model was able to predict the well-known features of the strain-induced transformation:
the nucleation event took place at the shear band intersections during the intersection
events. Furthermore, it was shown that the nucleation occurred sequentially in the
presence of multiple intersections. A more fundamental approach was taken by
Cherkaoui et al. (1998; 2000), who carried out micromechanical modelling of the
strain-induced martensitic transformation. The model developed was able to predict the
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stress-strain behaviour and the martensite volume fractions as a function of strain.
Furthermore, the model was utilised in the prediction of deformation textures of AISI
304 steel (Kubler et al., 2003; Petit et al., 2005). In addition to the research mentioned
above, micromechanical modelling of the TRIP effect has been carried out also by, for
instance, Diani et al. (1995), Tsuchida and Tomota (2000), Fischer et al. (2000), Han et
al. (2004) and Garion et al. (2002; 2006).
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2

AIMS OF THE STUDY

The research work presented in this thesis was started as a part of the Fifth European
Community Framework Programme project LIGHT&SAFE, which aimed to study the
usability of austenitic stainless steels in crash-relevant parts of passenger cars. The
LIGHT&SAFE project focussed on metastable steel grades exhibiting the TRIP effect,
since these grades show high strength and work-hardening capacity, making them
attractive materials in terms of crashworthiness.
During sheet metal forming and a car crash, high strain rates occur. Adiabatic heating at
the high strain rates may also cause a substantial increase in temperature. Therefore, the
present work concentrated on the effects of the strain rate and temperature on the
microstructural evolution of metastable austenitic stainless steels and on the interplay
between the microstructural evolution and the mechanical behaviour of the steels. The
understanding of the physics behind the observed material behaviour is necessary to
enable the selection of the optimal material. Furthermore, nowadays FEM simulations
are widely used by the automotive industry to predict the material behaviour during
forming operations and car crash. A better understanding of the physical material
behaviour is necessary to develop better material models for simulations.
The objective of this thesis was twofold: 1) to study the effect of the various factors,
including the chemical composition, strain rate and temperature, on the mechanical
properties and the strain-induced α’-martensite transformation and 2) to understand the
influence of the α’-martensite transformation on the mechanical properties of
metastable austenitic stainless steels. This thesis concentrated only on the physical
metallurgy of the austenitic stainless steels. The relation between the material behaviour
and crash performance of the stainless steel parts has been discussed elsewhere
(Talonen and Hänninen, 2006). Although the present thesis is a monograph, part of the
results has already been published (Talonen et al., 2004; 2005; 2006).
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3

EXPERIMENTAL PROCEDURES

Three metastable austenitic stainless steel compositions were chosen for the
experiments. Mechanical testing was carried out by means of uniaxial tensile tests in the
rolling direction at different strain rates and deformation temperatures. The deformation
microstructures were examined using various experimental techniques. X-ray
diffraction and magnetic measurements were used for phase identification. XRD line
broadening analysis was used to measure the dislocation densities of the austenite and
α’-martensite phases and the intrinsic stacking fault energies of the test materials. The
load distribution between the austenite and α’-martensite phases was studied by in-situ
XRD stress measurements carried out during uniaxial tensile tests. The formation of
shear bands in the austenite phase was examined by using scanning and transmission
electron microscopy. Optical metallography and coupled quantitative image analysis
was utilised to study the morphology of the strain-induced α’-martensite phase and its
effect on work hardening.
3.1

Test materials

The test materials used in this study were austenitic stainless steel grades EN 1.4301
(AISI 304) and EN 1.4318 (AISI 301LN). One heat of EN 1.4301 steel and two heats of
EN 1.4318 steel, designated as the EN 1.4318-1 and the EN 1.4318-2, were used in the
experiments. The chemical compositions of the test materials are given in Table 2. Test
materials EN 1.4301 and EN 1.4318-1 were received as 1 mm and EN 1.4318-2 as 1.5
mm thick sheets in 2B delivery condition (SFS-EN 10088-2, 1995). The grain sizes
determined according to the standard ASTM E 112-96 (1997) and the Md30
temperatures calculated according to Nohara et al. (1977) (equation 17) are given in
Table 3. The EN 1.4318 steel grades had low nickel and high nitrogen content, and
exhibited higher Md30 temperatures and lower austenite stability than the EN 1.4301
steel. Therefore, the EN 1.4301 steel is later referred to as the stable grade and the EN
1.4318 steels as the unstable grades.
Table 2

Chemical compositions of the test materials in weight percents

Steel grade
EN 1.4301
EN 1.4318-1
EN 1.4318-2

Table 3

Si
0.33
0.48
0.51

Mn
1.71
1.61
1.34

Cr
18.2
17.6
17.4

Ni
8.1
6.6
6.6

Mo
0.32
0.14
0.15

Cu
0.37
0.22
0.14

N
0.054
0.094
0.145

Fe
bal.
bal.
bal.

Grain sizes and Md30 temperatures (Nohara et al., 1977) of the test materials

Steel grade
EN 1.4301
EN 1.4318-1
EN 1.4318-2

3.2

C
0.041
0.019
0.017

Mean intercept length (µm)
5.9
11.6
14.8

ASTM Grain size number
11.4
9.5
8.9

Md30 temperature (°C)
-16
37
23

Tensile tests

Mechanical testing of the test materials was carried out by means of uniaxial tensile
tests. The objectives of the tensile tests were to study the effect of chemical
composition, strain rate and deformation temperature on the mechanical response. The
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effect of the strain rate was studied on the EN 1.4301 and EN 1.4318-1 steels, and the
effect of the deformation temperature on the EN 1.4318-2 steel. All tensile testing was
carried out in the rolling direction.
3.2.1 Tensile testing at various strain rates

The tensile tests were carried out on the EN 1.4318-1 and EN 1.4301 steels at the
nominal strain rates of 3×10-4, 10-1 and 200 s-1 at room temperature in air. The tests at
the strain rates of 3×10-4 and 10-1 s-1 were performed with a servohydraulic MTS 810
tensile testing machine. The tests at strain rate 200 s-1 were performed with a hydraulic
high speed tensile testing machine at Delft Technical University. A more detailed
description of the test procedures and test samples has been given in (Talonen et al.,
2005).
The adiabatic heating during the high-speed deformation was monitored by means of
temperature measurements at the strain rate of 10-1 s-1. This was considered to be high
enough to cause practically adiabatic condition, since the duration of the tests at this
strain rate was only a few seconds. Three thermocouples were welded on the gauge
section of the tensile test samples. The temperature data was recorded with a National
Instruments SCB-68 data logger. The rate of data acquisition was 100 data points per
second.
3.2.2 Tensile testing at various temperatures

The effect of deformation temperature on the mechanical response and the
microstructural evolution of the EN 1.4318-2 steel was studied by performing tensile
tests at the constant temperatures of -40, 0, +24, +40 and +80°C. The tests were
conducted at the Outokumpu Stainless Research Laboratory in Tornio at the strain rate
of 3×10-4 s-1. The equipment consisted of a Zwick Z250 tensile testing machine, a SFL
EC1639 environmental chamber and a Maytec PMA-12/V7 extensometer. The tests
were carried out on machined samples with 50 mm gauge length. All testing was
performed in a gas (air or nitrogen) atmosphere.
3.3

Ferritescope measurements

A Ferritescope (Helmut Fischer GmbH, model MP3C) was used for the quantification
of the ferromagnetic α’-martensite phase. The device was calibrated with δ-ferrite
standard samples and the results were converted to the α’-martensite contents with the
correlation factor of 1.7 (Talonen et al., 2004). The effect of sheet thickness on the
results was compensated by means of a correction curve provided by the manufacturer
of the device. Before the Ferritescope measurements the surfaces of the samples were
electropolished with Struers Lectropol-5 equipment by using A2 electrolyte (78 ml
perchloric acid, 120 ml distilled water, 700 ml ethanol and 100 ml butyl cellosolve) at
34 V for 30 s.
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3.4

X-ray diffraction measurements

The microstructures of the test materials were analysed by means of X-ray diffraction.
The X-ray diffraction experiments had three objectives: 1) to identify the phases in the
deformed samples, 2) to carry out X-ray diffraction line broadening analysis in order to
analyse the distribution of plastic deformation between the different phases and 3) to
determine the stacking fault energies of the test materials.
The equipment used in the XRD analysis consisted of a Siemens Kristalloflex 710H
high voltage generator, a CoKα X-ray tube, an Inel flat monochromator (Ge crystal), an
Inel CPS 120 position sensitive detector and an Inel MPG goniometer. The use of the
crystal monochromator enabled the complete elimination of the Kα2 and Kβ radiation
components. In order to obtain better counting statistics and to reduce the effects of
texture, the samples were rotated around the surface normal (φ angle) during the
measurements. The angle at which the X-ray beam entered the sample surface (Ω angle)
had a constant value of 10°.
Samples with the dimensions of 10×10 mm2 used in the line broadening analysis and for
phase identification were cut from the strained tensile test samples with an abrasive
cutting machine. The surfaces of the samples were ground with SiC emery papers up to
roughness of 2500 and electropolished with A2 electrolyte at 34 V for 30 s.
The SFE measurements were carried out on powder specimens, since the measurement
of stacking fault probability is sensitive to the presence of long range residual stresses.
The powders were machine ground with an emery paper tool and compacted with
silicon paste. The average particle size of the powders was determined by a microscope
to be less than 50 µm.
3.5

X-ray diffraction line broadening analysis

Plastic deformation causes broadening of the X-ray diffraction lines. According to its
origin, the broadening is divided in size and strain broadening. The size broadening is
caused by the crystal defects that split the perfect crystal to small coherently diffracting
domains. These defects involve not only the grain boundaries, but also the stacking and
twin faults, dislocation substructures (e.g., cell boundaries) and even single dislocations.
The strain broadening is caused by the lattice distortions due to the presence of crystal
defects, including dislocations and point defects. In the case of plastically deformed
polycrystalline material with a regular grain size (order of microns), the presence of the
dislocations is clearly the most important origin of both size and strain broadening.
Therefore, the XRD line broadening analysis can be utilised in estimating the
dislocation densities of the crystalline materials.
The most widely used measure of the XRD line broadening is the integral breadth,
defined as the ratio of the integrated intensity and the height of the XRD line profile.
Sometimes the full width at the half maximum (FWHM) is used instead.
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3.5.1 Size and strain broadening

The influence of small coherent domain size on XRD line broadening was first found by
Scherrer, who derived the following expression, known as Scherrer’s equation, for the
volume-weighted coherent domain size 〈D〉 (Klug and Alexander, 1974):
D =

Kλ
,
β S cos θ

(19)

where K is constant (close to unity), λ is wavelength and βS is integral breadth due to
the size broadening in radians in the 2θ scale. The relation between the strain
broadening βD in radians and the microstrain is given by (Klug and Alexander, 1974):
e=

βD
,
4 tan θ

(20)

where e is maximum upper limit of lattice distortions. The definition of e is vague, since
it does not involve information about the distribution of strain. A better measure of the
microstrain is the root mean square microstrain (RMSS), which for the Gaussian strain
distribution is (Balzar, 1999):
ε2

1/ 2

⎛2⎞
=⎜ ⎟
⎝π⎠

1/ 2

e.

(21)

A physical XRD line profile is a convolution of the components βS and βD. Therefore, if
one wants to determine the values of 〈D〉 and 〈ε2〉1/2, the broadening components βS and
βD need to be separated. In general, the separation can be performed in two alternative
ways either by using 1) the Warren-Averbach method or 2) the integral breadth method.
The Warren-Averbach method (Warren and Averbach, 1950; 1952; Warren, 1990)
involves the expression of the XRD line profile in terms of Fourier coefficients, from
which the domain size and microstrain distributions can be derived. In the integral
breadth methods, the line shape is described by the integral breadth (or in some
instances by the FWHM). They are divided in single-line methods (de Keijser et al.,
1982), Voigt multiple-line integral breadth methods (Langford, 1978; Balzar and
Ledbetter, 1993; Balzar, 1999) and simplified integral breadth methods (Klug and
Alexander, 1974). Although the simplified integral breadth methods have been shown to
involve serious limitations due to the assumptions made concerning the shapes of the
line profiles (Langford, 1980; Balzar, 1992; Balzar and Popović, 1996; Balzar et al.,
2004), they have been rather widely applied in experimental studies (e.g., Narutani,
1989; Hoffmann et al., 1997; Hoffmann et al., 2001; Pešička et al., 2003).
The separation of the size and strain broadening components is based on the fact that the
size broadening is independent and the strain broadening is dependent on the reflection
order. Therefore, by analysing at least two orders of reflections the separation can be
realised. An exception is made by the single line methods that, however, due to their
limited accuracy should be used only when a single reflection is available.
In this study, two approaches, the simplified integral breadth method and the Voigt
multiple-line integral-breadth method were utilised. For brevity, these are later referred
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to as the integral breadth method (IBM) and the Voigt method (VM). With the
equipment used, two orders of reflections were available from both the austenite and α’martensite phases. No analysis was carried out on the ε-martensite phase due to its low
volume fraction.
3.5.2 Integral breadth method (IBM)

Before further analysis, the instrumental contribution has to be removed from the
measured XRD line profiles. In the case of the integral breadth method, the instrumental
broadening was subtracted from the experimental data by assuming that the line shapes
are Gaussian. In that case, the integral breadth of the pure line profile β is (Klug and
Alexander, 1974):
2

2

β = βE − βI ,

(22)

where βE is the integral breadth of the measured diffraction line profile and βI is the
integral breadth measured from a strain-free reference sample. An annealed austenitic
stainless steel sample was used as a reference, since it was found to show even narrower
line profiles than the standard silicon powder NIST SRM 640c.
The integral breadth method necessitates the assumption that the size and strain
broadening components obey some specific distribution. This is the most important
limitation of the technique, and may cause systematic error in the values of 〈D〉 and e.
However, it has been shown that the strain broadening can be approximated with a
Gaussian function and the size broadening with a Lorentzian function (Klug and
Alexander, 1974). The integral breadth of the convolution of a Gaussian function of
breadth βG and a Lorentzian function of breadth βL is given by (Ruland, 1965;
Schoening, 1965):
β = βG

[

exp − (β L / β G ) / π
2

1 − 2erf

[

]

],

2 / π (β L / β G )

(23)

where erf(x) is the error function, defined as:
erf ( x ) =

1
2π

x

∫ exp(
0

− t2
)dt .
2

(24)

Rather complicated equation can be approximated with the following expression
determined by Halder and Wagner (1966):
βL
⎛β
= 1 − ⎜⎜ G
β
⎝ β

2

⎞
⎟⎟ .
⎠

(25)

By assuming that βL=βS and βG=βD, combining the equations 19, 20 and 25 leads to:
⎛ 16e 2 tan 2 θ ⎞
Kλ
⎟⎟ ,
= 1 − ⎜⎜
β cos θ D
β2
⎝
⎠

(26)
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which can be rearranged as (Klug and Alexander, 1974):

β2
β
Kλ ⎛
⎞
2
=
⎜
⎟ + 16e .
2
D ⎝ tan θ sin θ ⎠
tan θ

(27)

If at least two orders of reflections are available, 〈D〉 and e can be solved from the slope
and y-intercept of the β2/tan2θ vs. β/tanθsinθ plot. Austenite 111 and 222 and α’martensite 110 and 220 reflections were used in the present analysis. The shapes of the
line profiles were modelled with the Voigt function by using the Microcal Origin
software.
3.5.3 Voigt method (VM)

In the integral breadth method, systematic errors may arise due to the assumptions made
about the distributions of the size and strain broadening components. The classical way
to avoid any bias due to the assumptions is to use the Stokes (1948) deconvolution
method to apply the instrumental correction, and the Warren-Averbach approach
(Warren and Averbach, 1950; 1952; Warren, 1990) for the separation of the size and
strain broadening components. However, both of these methods require high quality
data and are severely affected by the overlapping of the diffraction lines (as the
austenite 111 and α’-martensite 110 lines in the present case). Recently, an alternative
but equivalent method based on the Voigt-function modelling has been developed
(Balzar, 1992; Balzar and Ledbetter, 1993), referred to as the Voigt multiple-line
integral-breadth method. Furthermore, a PC program BREADTH (Balzar, 2006)
utilising the method is available, which was used in the present study. The program uses
the Gaussian and Lorentzian broadening components of the Voigt function of two or
more reflections as the input data, generates the size and strain Fourier coefficients and
calculates the surface- and volume-weighted domain sizes and the root mean square
microstrain.
Before the data analysis with the BREADTH, the experimental Lorentzian and
Gaussian components wGE and wLE were determined by means of least square fitting
with Microcal Origin software. To obtain the pure broadening components wG and wL,
the instrumental correction was made separately for both components by using the
following formulas (Balzar, 1999):
2

wG = wG E − wG I

2

wL = wL E − wL I ,

(28)
(29)

where wGI and wLI are the Gaussian and Lorentzian components of the instrumental
broadening, respectively.
3.5.4 Calculation of dislocation density

The presence of the dislocations contributes to both size and strain broadening.
Therefore, the dislocation density can, in principle, be estimated based on the
microstrain or domain size alone. However, accurate quantification of the dislocation
density is difficult, since numerous simplifications have to be made concerning the
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dislocation arrangement, interaction between the dislocations, texture and elastic
anisotropy. Therefore, several approaches leading to different quantitative results have
been suggested in literature. It is also noteworthy that in all the following calculations
any other sources of broadening beyond the dislocations are not taken into account.
Although the influence of the dislocation arrangement on the XRD line broadening has
been discussed in literature (e.g., Wilkens, 1970; 1979; Wang et al., 1982), in the
present study these effects were not considered. Instead, a rather simple approach
presented in the following was used.
Gay et al. (1953) defined the relationship between the domain size and the dislocation
density by assuming that the dislocations split the lattice into domains so that each
domain is defined by a single dislocation. Consequently, the dislocation density is given
by:
ρD =

1
D

2

.

(30)

Williamson and Smallman (1956) suggested that the dislocations split the lattice into
blocks with the size 〈D〉. If each surface of the (cubic) block contains N dislocations, the
dislocation density is given by:
ρD =

3N
D

2

.

(31)

For a uniform dislocation distribution N=1, and for dislocation cell structures and tilt
boundaries N>1. Consequently, Williamson’s and Smallman’s model predicts at least
three times higher dislocation density compared to Gay’s model. These simple models
have been criticised. For instance, Ungár et al. (2001) claimed that a single dislocation
cannot destroy the coherence of the scattering, and the coherent domain size does not
correspond to the average distance between the dislocations. Furthermore, the
estimation of the dislocation density from the domain size of FCC metals is made more
difficult by the presence of stacking faults. As they split the crystal to domains similarly
as the dislocations, they also contribute to the size broadening and affect the value of
〈D〉. Warren (1990) suggested that the domain size 〈D〉 measured from 111 and 222
reflections is affected by the stacking and twin faults according to the following
expression:

(1.5α + β T ) 3
1
1
=
+
,
D
D true
a
2

(32)

where 〈D〉true is the true domain size, α is the stacking fault probability and βT is the
twin fault probability. Unfortunately, in the present study it was not possible to
determine the faulting term (1.5α+βT), since it would have required the determination of
〈D〉 from at least two sets of multiple-order hkl-reflections. With the equipment used in
the present study only the austenite 111 and 222 reflections could be detected.
Furthermore, due to the bulk samples possessing residual stresses, not even the accurate
determination of α was possible. Therefore, the effects of faulting on 〈D〉 were
neglected.
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The dislocation density can be calculated also from the microstrain. If it is assumed that
the microstrain originates only from the dislocations present in the crystal, the
dislocation density is obtained by dividing the total strain energy of the crystal lattice
Etot by the self-energy of a dislocation line per unit length Ed (Williamson and
Smallman, 1956):
ρS =

E tot
.
Ed

(33)

The total strain energy Etot is obtained from the microstrain as follows (Williamson and
Smallman, 1956):
E tot =

3E〈 ε 2 〉
,
2

(34)

where E is Young’s modulus and 〈ε2〉 is the mean square microstrain. The self-energy of
a dislocation per unit length is given by:
Ed = F

Gb 2 ⎛ r
ln⎜
4πµ ⎜⎝ r0

⎞
⎟⎟ ,
⎠

(35)

where G is the shear modulus, b is the Burgers vector, µ is a constant characteristic of
the dislocation type (1-ν for an edge dislocation and 1 for a screw dislocation), r0 is the
radius of the dislocation core and r is the distance between adjacent dislocations. F is a
factor that describes the variation of the dislocation energy from the average value due
to interaction with other dislocations. By combining equations 33-35 and by assuming
that E=2G(1+ν)=(13/5)G, the following formula for the dislocation density is obtained:
ρS =

78 ε 2 πµ
⎛r
5Fb ln⎜⎜
⎝ r0
2

⎞
⎟⎟
⎠

.

(36)

The dislocation density may be estimated also by combining ρD and ρS. Williamson and
Smallman (1956) defined the dislocation density as the geometric mean of ρD and ρS:
ρ = ρ D ρS ,

(37)

which by the substitution of equations 30 and 36 results in:
ρ = ρ D ρS =

ε2

1/ 2

Db

78πµ
.
⎛r⎞
5 ln⎜⎜ ⎟⎟
⎝ r0 ⎠

(38)

In the present analysis, equation 38 was used to calculate the dislocation densities. The
factor µ describing the dislocation type was assumed to lie between the extreme values
corresponding to the edge and screw dislocations, i.e., 0.85. Since the tested steels
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exhibited low SFE, the calculations on the austenite phase were carried out assuming
that all dislocations are extended dislocations consisting of two Shockley partial
dislocations with bp=0.147 nm. The effect of the presence of stacking faults on the size
broadening was neglected due to the limitations of the equipment described above. For
the α’-martensite phase b=0.25 nm was used. The radius of the dislocation core was
assumed to be 1 nm and the distance between adjacent dislocations a half of the domain
size. With these input data, equation 38 becomes almost equivalent with the formula
suggested by Mikkola and Cohen (1965):
ρ=

3.6

2 3 ε2
Db

1/ 2

.

(39)

Stacking fault energy measurements

Since no compositional equations for SFE taking into account the nitrogen content are
available, the XRD was used to measure the stacking fault energy of the studied steels.
The XRD measurement of the SFE is based on the measurement of the dislocation
density by means of the XRD line broadening analysis and the measurement of the
stacking fault probability from the diffraction line displacements. The theoretical
background of the technique was thoroughly reviewed by Reed and Schramm (1974),
and the technique was applied to determine the classical compositional equation of SFE
for austenitic steels (Schramm and Reed, 1975).
The use of the position sensitive detector enabled the collection of the necessary data for
both SFP and line broadening analysis simultaneously. The XRD exposure of about 24
h was repeated 5 times for each test material. All measurements were carried out at
room temperature.
3.6.1 Stacking fault probability

The stacking fault probability (SFP), i.e., the probability that a stacking fault occurs on
an {111} plane of the austenite phase can be determined from the displacements of
austenite reflections (Paterson, 1952; Warren, 1990). The displacement of a diffraction
line in the 2θ scale due to the faulting is given by (Warren, 1990):
∆(2θ) o =

90 3α tan θ
∑ (±)L 0 ,
π 2 h 02 (u + b) b

(40)

where α is the stacking fault probability and Σb(±)L0/h02(u+b) is a constant specific to
each hkl reflection. The values of Σb(±)L0/h02(u+b) for austenite 111, 200, 220, 311 and
222 reflections are given in Table 4.
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Table 4
hkl
111
200
220
311
222

Constants Σb(±)L0/h02(u+b) for austenite 111, 200, 220, 311 and 222 reflections
(Warren, 1990)
Σb(±)L0/h02(u+b)
1/4
-1/2
1/4
-1/11
-1/8

To avoid errors due to incorrect positioning of the sample in the diffractometer, the SFP
is commonly determined by measuring the distance between two adjacent austenite
reflections. From Table 4 it can be seen that the constant Σb(±)L0/h02(u+b) has a positive
value for 111 and 220 reflections and a negative value for the other reflections.
Therefore, by measuring the distance between, for instance, 111 and 200 reflections
from both cold-worked and annealed samples the SFP can be calculated as follows
(Warren, 1990):
α=

∆(2θ 200 − 2θ111 ) CW − ∆(2θ 200 − 2θ111 ) ANN 2
π ,
tan θ 200 tan θ111
− 90 3 (
+
)
2
4

(41)

where ∆(2θ200-2θ111)CW and ∆(2θ200-2θ111)ANN are the distances between 200 and 111
reflections in cold-worked and annealed samples, respectively. However, in this study
the need of an annealed and stacking fault free sample was avoided by a novel
procedure described in the following. In the case of a powder specimen free of any long
range residual stresses, the line positions are assumed to be affected only by the lattice
spacing according to Bragg’s law and by the stacking faults according to equation 40.
Therefore, by combining Bragg’s law and equation 40, the following formula with two
unknown parameters (interplanar spacing d and stacking fault probability α) is obtained:
2θ = 2 arcsin(

λ
90 3α tan θ
)+ 2 2
∑ (±)L 0 .
2d
π h 0 ( u + b) b

(42)

With the XRD equipment used, five austenite reflections were measured
simultaneously. Therefore, a set of five equations was obtained from each measurement,
and the two unknowns (SFP α and lattice spacing d) could be solved by regression
analysis.
3.6.2 Determination of stacking fault energy

In the equilibrium condition the relation between the SFE and the separation distance
between the partial dislocations w, i.e., the width of a stacking fault is determined by the
balance between the energy bound to the fault and the repulsive force between the
partial dislocations (equations 5 and 6). Since in the FCC lattice a stacking fault is
formed by the dissociation of a single perfect dislocation, there is a direct relationship
between the stacking fault probability and the dislocation density (Smallman and
Westmacott, 1957):
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α = ρwd 111 = ρw

a
3

,

(43)

where d111 is the spacing between {111} planes and a is the lattice parameter. Reed and
Schramm (1974) used the mean square microstrain averaged over 50 Å 〈ε502〉 to
calculate the dislocation density. By combining equations 5, 36 and 43, and by
considering the possible uncertainties due to dislocation type, elastic anisotropy and
interaction between the dislocations, Reed and Schramm obtained the following
equation for the SFE:
K ω GaA −0.37 ε 50
γ = 111 0
α
π 3

2

,

(44)

where K111 and ω0 are constants that depend on the dislocation configuration and A is
the elastic anisotropy factor (Zener anisotropy). Although it has been questioned
whether ω0 has a constant value with varying strain (Teng et al., 1992), in this study the
constant ω0 determined by Schramm and Reed (1975) was used, resulting in the
following formula:
γ = 17800

ε 50
α

2

(mJ / m 2 ) .

(45)

The mean square microstrains 〈ε502〉 were determined by the Voigt method described in
section 3.5.3.
3.7

In-situ XRD stress measurements during tensile straining

The load partitioning between the austenite and α’-martensite phases during the tensile
deformation of the unstable EN 1.4318-1 steel was analysed by means of in-situ X-ray
diffraction stress measurements. Tensile test samples, shown in Figure 9, were
plastically strained at strain increments of about 0.02. Straining was carried out by hand
with a specially designed screw vice. Therefore, accurate control of the strain rate was
not possible. However, the strain rate was kept as close to 3×10-4 s-1 as possible. After
each strain increment, the XRD stress measurement was carried out on the gauge
section of the sample (Figure 9, location A) with Stresstech X3000 stress measurement
equipment by using the sin2ψ method (Noyan and Cohen, 1987). Austenite 311 and α’martensite 211 reflections and MnKα radiation were used. The X-ray beam was
collimated with a ∅3 mm collimator. Before the XRD measurements, the surfaces of
the gauge sections of the samples were electropolished.
Since the XRD equipment enabled the measurement of only one reflection at a time,
separate specimens were used for the stress measurements on the austenite and α’martensite phases. The macroscopic stress level was measured with two strain gauges
attached to both sides of the sample at the location B (Figure 9). The α’-martensite
volume fraction was measured after each strain increment with the Ferritescope. Since
the Ferritescope measurements were carried out on the samples under a tensile stress,
the effect of the stress on the Ferritescope readings (the Villari effect) was compensated
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with an empirical correction curve determined by comparing the Ferritescope readings
from stressed and unstressed samples.

(A)

Figure 9

(B)

Tensile test sample used in in-situ XRD stress measurements. (A) indicates
location of XRD stress measurement and (B) location of strain gauges

The XRD stress analysis is based on the measurement of lattice spacing dψφ at several ψ
angles. The sample and laboratory coordinate systems and angles ψ and φ are illustrated
in Figure 10.

Definition of coordinate systems L i and S i and angles ψ and φ in XRD stress
measurement (Noyan and Cohen, 1987)

Figure 10

The orientation of the sample is defined by the axes S i . Coordinates L i define the
laboratory coordinate system. Axis L 3 is normal to the atom planes whose lattice
spacing is measured with XRD. Based on the lattice spacing measurements, the elastic
strains can be calculated by using the following equation (Noyan and Cohen, 1987):

(ε'33 )φψ

=

d φψ − d 0
d0

= ε11 cos 2 φ sin 2 φ + ε12 sin 2φ sin 2 ψ + ε 22 sin 2 φ sin 2 ψ

(46)

+ ε 33 cos ψ + ε13 cos φ sin 2ψ + ε 23 sin φ sin 2ψ,
2

where d0 is unstressed lattice spacing. If the elastic strain ε11 in direction S 1 is to be
measured, and ε12, ε13, ε23 and ε33 are assumed to be zero, equation 46 reduces to:
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d φψ − d 0
d0

= ε11 sin 2 φ .

(47)

Consequently, in the absence of the shear stress components the dψφ vs. sin2ψ plot is
linear, and the elastic strain ε11 is obtained from its slope. The elastic strain ε33 in the S3
direction is often assumed to be zero due to the small penetration depth of the X-rays. In
this condition, the lattice spacing measured at ψ=0 can be used as the stress-free lattice
spacing d0.
In the conditions described above, the stress in the S 1 direction is obtained from the
lattice strain ε11 as follows (Noyan and Cohen, 1987):
σ11 =

E
ε11 ,
1+ ν

(48)

where the term E/(1+ν) is referred to as the X-ray elastic constant. Its accurate
determination in the present case was problematic due to the texture evolution during
the plastic deformation, and due to the multiphase nature of the test material. For
simplicity, the following values suggested by the measurement software for FCC and
BCC iron based alloys were used: FCC E=196 GPa and ν=0.28 and BCC E=211 GPa
and ν=0.30.
3.8

Scanning electron microscopy

Deformation microstructures of the tensile strained test materials were examined with a
Zeiss Ultra 55 field emission gun scanning electron microscope (FEG-SEM). By using
the electron channelling contrast imaging (ECCI) (Joy et al., 1982; Wilkinson and
Hirsch, 1997; Simkin and Crimp, 1999) technique, it was possible to visualise the
microstructural features, including dislocation sub-structures, shear bands and
martensite phases resulting from the plastic deformation. An acceleration voltage of 10
kV and a working distance of 3 mm were used. The SEM examination was performed
on the surfaces of the tensile strained test samples. Before the examination, the surfaces
were electropolished with A2 electrolyte at 34 V for 60 s.
3.9

Transmission electron microscopy

The deformation microstructures of the EN 1.4318-1 steel tensile strained at the strain
rates of 3×10-4 and 200 s-1 were examined by transmission electron microscopy (TEM).
The TEM examination was carried out by VTT (Technical Research Centre of Finland)
with a Phillips CM200 field emission gun scanning transmission electron microscope
(FEG-STEM). The specimens were first mechanically thinned to 80 µm and
subsequently electropolished with twin-jet equipment at 17 V at room temperature. The
electrolyte used contained 90% acetic acid and 10% perchloric acid.
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3.10 Optical metallography

The morphology of the strain-induced α’-martensite phase formed in the EN 1.4318-1
steel at the strain rate of 3×10-4 s-1 was studied by means of optical metallography. The
experiments had two objectives. Firstly, the average particle size of the α’-martensite
was determined in order to study the dispersion hardening effect caused by the straininduced α’-martensite transformation. Secondly, the percolation of the α’-martensite
phase, i.e., the formation of infinite clusters of α’-martensite phase was examined in
order to find the percolation threshold value of f α'. A classical example of the
percolation is the behaviour of a mixture of insulating and conducting components. The
mixture becomes conductive when the volume fraction of the conducting component
exceeds the percolation threshold. Analogously, it was presumed that when the α’martensite volume fraction exceeds the percolation threshold, the influence of the α’martensite phase on the mechanical response of the aggregate is abruptly changed.
Cross-sectional samples were cut from the tensile test samples parallel and transverse to
the tensile axis with an abrasive cutting machine. The samples were mounted in resin
and ground with SiC emery papers with roughnesses of 80, 180, 320, 800, 1200 and
2500. The ground samples were electropolished with A2 electrolyte at 20 V for 30 s.
Two different etchants were used. Electrolytical etching with a mixture of 60 ml nitric
acid and 40 ml distilled water was used to reveal the austenite grain boundaries. The
etching was carried out at 1.0 V and the etching time was about 8 min. To reveal the α’martensite phase a mixture of two solutions was used: 0.15 g sodium-metabisulfite in
100 ml distilled water and 10 ml hydrochloric acid in 100 ml distilled water. In order to
colour the α’-martensite phase dark enough for the image analysis, the etching time was
varied between 2 and 5 min depending on the α’-martensite volume fraction.
The samples were examined with Nikon Epiphot 200 optical microscope. Five digital
micrographs of 2560×1920 pixels were taken from each sample at arbitrary locations.
The magnification was such that the size of one pixel equalled 0.056 µm. Therefore,
each micrograph covered an area of about 143×107 µm2. The micrographs were
converted to binary bitmaps with Paint Shop Pro image processing software. Due to
inadequate contrast between the finely dispersed austenite and α’-martensite phases, the
conversion from greyscale to binary images involved the appearance of single pixels,
especially at the austenite-α’-martensite interfaces. Since these false indications would
have affected the determination of the particle and cluster sizes, they were removed
before further analysis.
The particle size of the α’-martensite phase was determined by means of chord length
measurements. The average chord lengths and the chord length distributions were
determined with a MATLAB routine programmed specifically for this purpose. The
routine determined also the α’-martensite volume fractions. Another MATLAB routine,
based on the Hoshen and Kopelman algorithm (Hoshen and Kopelman, 1976), was used
to analyse the clustering and percolation of the α’-martensite phase. It determined the
number and average size of the α’-martensite clusters, the size of the largest cluster, and
specified whether the α’-martensite phase formed an infinite percolating cluster.
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4.1

RESULTS
Tensile tests

4.1.1 Effect of strain rate on tensile behaviour

The effect of strain rate on the true stress-strain curves of the EN 1.4318-1 and EN
1.4301 steels is illustrated in Figures 11 and 12, respectively. The yield strength of both
materials increased with increasing strain rate, indicating clear positive strain rate
sensitivity. The unstable and stable steels showed different work-hardening behaviours,
which is best illustrated by comparing the work-hardening rates (WHR) (=first
derivatives of the stress-strain curves) of the steels, presented with the thick lines in
Figures 13 and 14. The thin lines in Figures 13 and 14 are the corresponding true stressstrain curves, and the intersections of the true stress-strain and WHR curves represent
the onset of plastic instability according to Considére’s criterion. A distinct difference
between the two steels was found. The EN 1.4301 steel exhibited continuously
decreasing WHR, typical of single-phase metals and alloys. Instead, the EN 1.4318-1
steel showed similar work-hardening abnormality as reported in previous investigations
on metastable steel grades (Huang et al., 1989; Fang and Dahl, 1991; De et al., 2006).
The behaviour was characterised by well defined minimum and maximum in the WHR
curve plotted as a function of strain. When the strain rate increased, the maximum
became lower and was shifted to a higher strain level.
The variation of the work-hardening rate with the varying strain rate affected the
uniform elongation of the steels. With the unstable EN 1.4318-1 steel the shift of the
work-hardening rate maximum to a higher strain with increasing strain rate slightly
increased the uniform elongation. A reverse effect was observed with the stable EN
1.4301 steel. When the strain rate increased, a significant decrease in the uniform
elongation occurred. From Figure 14 it may be observed that this was attributed to the
rapidly decreasing WHR at the high strain rates.
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True stress-strain curves of EN 1.4301 steel at strain rates 3×10-4, 10-1 and 200 s-1
at room temperature
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Work-hardening rates and true stress-strain curves of EN 1.4318-1 steel at strain
rates 3×10-4, 10-1 and 200 s-1 at room temperature
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Work-hardening rates and true stress-strain curves of EN 1.4301 steel at strain rates
3×10-4, 10-1 and 200 s-1 at room temperature
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4.1.2 Adiabatic heating at high strain rates

The increase in the temperature of the tensile test samples tested at 10-1 s-1 at room
temperature is presented as a function of true plastic strain in Figure 15. The measured
temperatures are shown with the continuous black lines. The dashed red lines show the
theoretical temperature increase, determined by assuming that the mechanical work
done to the test samples was entirely converted to heat according to the following
equation:
∆T =

1
σdε ,
ρd C ∫

(49)

where ρd is density and C is specific heat. The stable and unstable steels showed
different characteristics. The stable EN 1.4301 steel exhibited a temperature increase of
about 40 K, and the calculation overestimated the temperature increase. This is a
consequence of the storage of the mechanical energy in the microstructure. It is,
however, noteworthy that the fraction of stored energy, which for most metals and
alloys is of the order of 0.1 (Bever, 1973), was significantly higher. The measured
heating of the unstable EN 1.4318-1 steel was much higher, about 80 K. Contrary to the
stable steel, the calculation overestimated the heating of the unstable steel at low strains,
but underestimated at high strains. This was due to the negative free-energy change
related to the strain-induced α’-martensite transformation, which was not taken into
account in equation 49, and led to the higher adiabatic heating of the unstable steel.
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Measured and calculated temperature increases during uniaxial tensile deformation
of (a) EN 1.4318-1 and (b) EN 1.4301 steels at 10-1 s-1 as a function of true plastic
strain

4.1.3 Effect of temperature on tensile behaviour

The effect of temperature on the stress-strain curves of the EN 1.4318-2 steel tensile
strained at 3×10-4 s-1 is illustrated Figure 16. The corresponding work-hardening rate
curves are shown in Figure 17. The temperature had a strong influence on the
mechanical response. Beyond the intrinsic effect of the temperature on the yield and
tensile strengths, the work-hardening rate was significantly affected by the temperature.
At the low temperatures, the abnormal work-hardening behaviour similar to the EN
1.4318-1 steel was observed, characterised by the work-hardening minima and maxima.
However, with increasing temperature, the WHR peak shifted to higher strains and
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decreased, and finally disappeared at 80°C. Analogously with the EN 1.4318-1 and EN
1.4301 steels, the uniform elongation was determined by the WHR according to
Considére’s criterion. Thus, the uniform elongation was strongly dependent on the
temperature, and the lowest elongation was obtained at the low temperatures due to the
rapidly increasing and decreasing WHR.
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Figure 16

True stress-strain curves of EN 1.4318-2 steel tensile tested at strain rate 3×10-4 s-1
at temperatures -40, 0, +24, +40 and +80°C
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4.2

Work-hardening rate of EN 1.4318-2 steel tensile tested at strain rate 3×10-4 s-1 at
temperatures -40, 0, +24, +40 and +80°C

Formation of strain-induced α’- and ε-martensite phases

4.2.1 Formation of α’-martensite

The volume fraction of strain-induced α’-martensite phase in the EN 1.4318-1 and EN
1.4301 steels tensile strained at various strain rates at room temperature is plotted as a
function of true plastic strain in Figure 18. Each data point represents the α’-martensite
volume fraction measured with the Ferritescope from an individual test sample after the
straining to the requested plastic strain. The α’-martensite volume fraction in the EN
1.4318-2 steel tensile strained at 3×10-4 s-1 at various temperatures is plotted as a
function of true plastic strain in Figure 19. The lines shown in Figures 18 and 19
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represent the results of least squares fitting of the Olson-Cohen model (equation 18) to
the experimental data. Constant value of 4.5 was used for the exponent n. The
parameters αOC and βOC obtained by the fitting are shown in Table 5.
The results presented in Figures 18 and 19 demonstrate the strong influence of the
chemical composition, strain rate and temperature on the austenite stability. The EN
1.4318 steel grades having the higher Md30 temperatures showed extensive α’martensite formation at room temperature, whereas in the more highly alloyed EN
1.4301 steel the significant transformation occurred only at the lowest strain rate at high
strain levels. Furthermore, the transformation of the EN 1.4301 steel was almost entirely
suppressed at the higher strain rates. However, also a weak opposite effect of the strain
rate was observed at the strain rate of 200 s-1 at the strains below 0.25, where the
transformation was slightly enhanced by the high strain rate. Hecker et al. (1982)
reported about a similar effect on AISI 304 steel. However, in the present case the
promoting effect of the strain rate was weak. The results on the EN 1.4318-2 steel
demonstrate the importance of the temperature in the austenite stability. The straininduced α’-martensite transformation was markedly retarded with increasing
temperature.
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Volume fraction of strain-induced α’-martensite f α' as a function of true plastic
strain in (a) EN 1.4318-1 and (b) EN 1.4301 steels tensile strained at strain rates
3×10-4, 10-1 and 200 s-1 at room temperature
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Volume fraction of strain-induced α’-martensite f α' as a function of true plastic
strain in EN 1.4318-2 steel tensile tested at strain rate 3×10-4 s-1 at temperatures
-40, 0, +24, +40 and +80°C
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The fitting results supported fairly well the hypotheses of the Olson-Cohen model. With
an increasing strain rate, the parameter αOC remained rather unaffected, but the
parameter βOC decreased, indicating a decreasing nucleation probability of the α’martensite. Here, a remark has to be made: the Olson-Cohen model is an isothermal
model, which was not the case in the tensile tests at high strain rates. Despite this, the
observed fit between the model and the experimental data was good. The experiments
on the EN 1.4318-2 steel showed that with increasing temperature the parameter αOC
decreased, indicating reduced generation of the shear bands. However, unlike suggested
by Olson and Cohen (1975) and Hecker et al. (1982), the parameter βOC did not seem to
go to zero with increasing temperature, but in fact showed the highest value at the
highest temperature (+80°C).
Table 5

Parameters αOC and βOC of Olson and Cohen’s kinetic model for EN 1.4318-1 steel
tensile strained at room temperature determined by least squares fitting

Table 6

10-1 s-1
6.0±0.2
1.5±0.1

3×10-4 s-1
5.8±0.3
3.8±0.5

Strain rate
αOC
βOC

200 s-1
5.9±0.3
0.9±0.1

Parameters αOC and βOC of Olson and Cohen’s kinetic model for EN 1.4318-2 steel
tensile strained at strain rate 3×10-4 s-1 determined by least squares fitting

Temperature
αOC
βOC

-40°C
11.7±1.2
6.1±1.4

0°C
7.8±0.5
6.6±1.1

+24°C
5.9±0.2
3.6±0.3

+40°C
4.3±0.3
4.0±0.5

+80°C
1.3±0.2
9.1±5.8

The first derivatives df α'/dε of the modelled transformation curves of the EN 1.4318-1
and EN 1.4301 steels, representing the rate of the α’-martensite transformation, are
shown in Figure 20. The transformation rate curves of the EN 1.4318-2 steel are shown
in Figure 21.
5
-4

0.5
0.4
dƒ /dε

3

α'

α'

dƒ /dε

4

2
1
0
0.0

0.6

-1

3 x 10 s
-1 -1
10 s
-1
200 s

-1

0.3
0.2
0.1

0.1

0.2
0.3
True plastic strain

0.4

0.0
0.0

(a)
Figure 20

-4

3 x 10 s
-1 -1
10 s
-1
200 s

0.1

0.2
0.3
0.4
True plastic strain

0.5

(b)
α'

Rate of α’-martensite transformation df /dε as a function of true plastic strain in
(a) EN 1.4318-1 and (b) EN 1.4301 steel at strain rates 3×10-4, 10-1 and 200 s-1 at
room temperature
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Figure 21

Rate of α’-martensite transformation df α'/dε as a function of true plastic strain in
EN 1.4318-2 steel at strain rate 3×10-4 s-1 at temperatures -40, 0, +24, +40 and
+80°C

The transformation rate curves revealed a close relationship between the mechanical
response and the strain-induced α’-martensite transformation. The transformation rate
curves of the unstable steel grades showed maxima whose height and location showed a
similar strain rate and temperature dependence as the maxima in the WHR curves. In all
cases, the maximum transformation rate was reached at a slightly lower strain than the
WHR maximum. An excellent correlation was found at all studied strain rates and
temperatures. Furthermore, at the low strain rate (3×10-4 s-1) the transformation rate
reached the highest value close to the α’-martensite volume fraction of 0.3 irrespective
of the chemical composition or temperature. At the higher strain rates, the maximum
was reached a bit earlier. Experimental results on several different austenitic stainless
steel alloys not included in this thesis also supported the above finding, and in fact,
similar behaviour can be found in almost every study presented in literature (e.g.,
Angel, 1954).
The results presented above show that the α’-martensite transformed only after a certain
plastic strain, depending on the chemical composition, strain rate and temperature.
However, the processes leading to the strain-induced α’-martensite transformation,
including the generation of the nucleation sites and the nucleation itself, are essentially
controlled by the stress, as discussed in section 1.2. Therefore, it is reasonable to present
the α’-martensite volume fractions as a function of applied stress. These plots are
shown in Figures 22 and 23. The stress values were obtained by dividing the applied
load at the end of the straining by the cross-sectional area of the sample measured after
loading. Thus, the stress values represent the true stress values taking into account also
the volume change due to the α’-martensite transformation.
Figures 22 and 23 indicate that there was a critical stress level for the onset of the α’martensite transformation. The critical stress was much lower for the unstable EN
1.4318 steel grades compared to the stable EN 1.4301 steel. Furthermore, the critical
stress increased with increasing strain rate and temperature. In the beginning, the
relationship between f α' and σ showed a parabolic shape. At the intermediate volume
fractions, a rather linear relation was observed, but again at the high volume fractions a
deviation from the linear trend was seen.
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α’-martensite volume fraction f α' as a function of true stress in (a) EN 1.4318-1
and (b) EN 1.4301 steels tensile strained at strain rates of 3×10-4, 10-1 and 200 s-1 at
room temperature
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α’-martensite volume fraction f α' as a function of true stress in EN 1.4318-2 steel
tensile strained at strain rate 3×10-4 s-1 at temperatures of -40, 0, +24, +40 and
+80°C

Fang and Dahl (1991) suggested that the flow stress of a metastable austenitic stainless
steel is linearly proportional to the square root of f α'. Figure 24 presents the square root
of the α’-martensite volume fraction of the EN 1.4318-1 steel as a function of the flow
stress. Except for the beginning, the parabolic part of the f α' vs. σ curve appears now to
be linear. Furthermore, the plots show a well defined abrupt change in the slope at
(f α')1/2≈0.55, corresponding to f α'≈0.3. The change in the slope indicates that the
volume fraction of 0.3 is somehow critical point, at which the strengthening effect of
the α’-martensite phase is abruptly changed. One possible explanation for the observed
behaviour might be the formation of a percolating cluster of α’-martensite.
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Square root of α’-martensite volume fraction f α' as a function of true stress in EN
1.4318-1 steel tensile strained at strain rates 3×10-4, 10-1 and 200 s-1 at room
temperature

4.2.2 Formation of ε-martensite

The XRD measurements performed on the deformed samples indicated only weak εmartensite reflections. Thus, no attempts to conduct quantitative analysis were made.
However, a clear dependency between the chemical composition, deformation
temperature and the presence of the ε-martensite reflections was found. In the unstable
EN 1.4318-1 steel strained at room temperature, weak ε1011 reflections were
distinguishable from the background within the plastic strain regime of 0.10-0.25. No
influence of the strain rate on the ε-martensite formation could be observed. The EN
1.4318-2 steel tested at -40 and 0°C showed slightly better defined ε1011 reflections
around the plastic strain of 0.1. An example of the ε1011 reflection of the highest
intensity found in the EN 1.4318-2 steel is shown in Figure 25. In the EN 1.4301 steel
strained at room temperature and in the EN 1.4318-2 steel strained at temperatures
higher than 0°C no ε-martensite reflections could be distinguished from the background.
Therefore, according to the results, the presence of the ε-martensite reflections was
favoured by the low alloying and low temperature, both factors decreasing the SFE.
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(a) γ111, ε1011 , γ200 and α’110 reflections measured from EN 1.4318-2 steel
strained to true plastic strain 0.09 at strain rate 3×10-4 s-1 at -40°C and (b)
magnification of ε1011 reflection

62
4.3

Results of X-ray diffraction line broadening analysis

Integral breadths of the austenite 111 and 222, α’-martensite 110 and 220 and εmartensite ε1011 reflections of the EN 1.4318-1 steel tensile strained at 3×10-4 s-1 at
room temperature are plotted as a function of true plastic strain in Figure 26. Other
studied steels exhibited essentially similar characteristics, and the integral breadths are
not given here, but the further analysis of these results is presented in the following
sections.
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Integral breadths βE of the measured (a) austenite 111, α’-martensite 110 and εmartensite 1011 reflections and (b) austenite 222 and α’-martensite 220 reflections
in EN 1.4318-1 steel tensile strained at 3×10-4 s-1 at room temperature

Comparison between the integral breadths of the reflections of various phases reveals
interesting features: integral breadths of the austenite reflections increased with
increasing plastic strain, whereas the α’-martensite reflections were initially much
broader, and with increasing plastic strain the integral breadths remained relatively
unchanged. This indicates that the plastic deformation took place mostly in the austenite
phase. The only detected ε-martensite reflection ε1011 exhibited high integral breadth
compared to the austenite and α’-martensite reflections. Due to the low intensities,
accurate determination of the integral breadth of the ε1011 reflections was difficult.
However, it seems that the integral breadth did not significantly change with increasing
plastic strain.
Two approaches, viz., the integral breadth and the Voigt methods, were used to estimate
the microstrains, domain sizes and dislocation densities from the XRD line broadening
data. The results on the austenite phase are summarised in the following two sections.
The comparison of the results obtained by IBM and VM is presented in section 4.3.3.
The analysis of the XRD line broadening results on the α’-martensite phase are
presented in section 4.3.4.
4.3.1 Analysis of austenite phase by integral breadth method

The root mean square microstrains <ε2>1/2 and domain sizes 〈D〉 of the austenite phase
in the EN 1.4318-1, EN 1.4301 and EN 1.4318-2 steels determined by the integral
breadth method (equation 21) are plotted as a function of true plastic strain in Figures
27, 28 and 29, respectively.
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(a) Root mean square microstrain <ε2>1/2 and (b) domain size 〈D〉 of austenite
phase calculated by IBM as a function of true plastic strain in EN 1.4318-1 steel
tensile strained at strain rates 3×10-4, 10-1 and 200 s-1 at room temperature
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(a) Root mean square microstrain <ε2>1/2 and (b) domain size 〈D〉 of austenite
phase calculated by IBM as a function of true plastic strain in EN 1.4301 steel
tensile strained at strain rates 3×10-4, 10-1 and 200 s-1 at room temperature
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(a) Root mean square microstrain <ε2>1/2 and (b) domain size 〈D〉 of austenite
phase calculated by IBM as a function of true plastic strain in EN 1.4318-2 steel
tensile strained at strain rate 3×10-4 s-1 at temperatures -40, +40 and +80°C
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The RMSS increased and 〈D〉 decreased with increasing plastic strain in all studied
steels, reflecting increasing dislocation density. The extent of the strain-induced α’martensite transformation affected especially the RMSS: in the EN 1.4318-2 steel
strained at -40°C the RMSS increased rapidly compared to the higher temperatures,
indicating that the rapid α’-martensite transformation accelerated the dislocation
generation in the austenite phase. Also in the EN 1.4318-1 steel the RMSS at a given
plastic strain was higher than that in the stable EN 1.4301 steel. The effect of α’martensite transformation on the domain size was found to be weaker so that the
differences between the test conditions and materials were difficult to find.
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The dislocation densities were calculated from the microstrain and domain size using
equation 38. Figure 30 shows the dislocation density of the austenite phase as a function
of true plastic strain in the test materials tensile strained at the strain rate of 3×10-4 s-1.
The results clearly reflected the influence of the α’-martensite transformation on the
dislocation density of the austenite phase, as indicated by the values of RMSS and 〈D〉:
in the unstable EN 1.4318-1 steel the dislocation density of the austenite at a given
plastic strain was higher than that in the stable EN 1.4301 steel. In the EN 1.4318-2
steel the rate of the α’-martensite transformation was found to be strongly dependent on
the temperature. Consequently, the dislocation density of the austenite increased more
rapidly at the low temperatures. Thus, the results suggest that the rapid work hardening
associated to the strain-induced α’-martensite transformation is related to the rapid
generation of the dislocations in the austenite phase.
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Dislocation density of austenite phase calculated by IBM as a function of true
plastic strain in (a) EN 1.4318-1 and EN 1.4301 steels tensile strained at 3×10-4 s-1
at room temperature and in (b) EN 1.4318-2 steel tensile strained at 3×10-4 s-1 at
temperatures -40, +40 and +80°C

The flow stress σ of a polycrystalline single-phase metal is known to be linearly
proportional to the square root of the dislocation density ρ according to the relation:
σ = σ 0 + α 0 Gb ρ ,

(50)

where σ0 and α0 are constants, G is shear modulus and b is Burgers vector. Therefore, it
is reasonable to express the results of the dislocation density measurements in the form
of flow stress vs. square root of dislocation density plots. Figure 31 shows the σ-ρ1/2
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plots of the austenite phase of the EN 1.4318-1 steel tensile strained at the strain rates of
3×10-4, 10-1 and 200 s-1.
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Flow stress as a function of square root of dislocation density of austenite phase in
EN 1.4318-1 steel tensile strained at strain rates 3×10-4, 10-1 and 200 s-1 at room
temperature. Dislocation densities were calculated by IBM and equation 38.

According to the results, the linear dependence between the flow stress and the square
root of the dislocation density of the austenite phase was valid in spite of the formation
of the strain-induced α’-martensite phase. However, the experimental results deviated
from the linear trend at the high stresses, corresponding to the high α’-martensite
volume fractions. Comparison of the plots shown in Figure 31 with the results presented
in Figure 24 reveals that the deviation from the linear trend occurred at the point at
which the stress vs. square root of α’-martensite volume fraction plots showed a change
in the slope. Thus, the point corresponded to the α’-martensite volume fraction of about
0.3.
It is also interesting to examine the effect of strain rate on the relationship between the
flow stress and dislocation density. Below the changing point of the slope, the higher
strain rate resulted in the higher flow stress at a given dislocation density, which is an
indication of the reduced thermal activation of the dislocation motion at the high strain
rates. However, above the changing point, the plots corresponding to the different strain
rates seemed to overlap.
The σ-ρ1/2 plots of the austenite phase of the EN 1.4301 steel are shown in Figure 32. In
contrast to the behaviour of the EN 1.4318-1 steel, the relationship was found to be
linear. This results obviously from the fact that only little α’-martensite was formed in
the course of the plastic deformation. It is also noteworthy that the strain rate did not
have as strong influence on the flow stress at a given dislocation density as for the EN
1.4318-1 steel, but the plots determined at the different strain rates almost overlapped.
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Flow stress as a function of square root of dislocation density of austenite phase in
EN 1.4301 steel tensile strained at strain rates 3×10-4, 10-1 and 200 s-1 at room
temperature. Dislocation densities were calculated by using IBM and equation 38.

Figure 33 shows the σ-ρ1/2 plots of the austenite phase of the EN 1.4318-2 steel tensile
strained at 3×10-4 s-1 at temperatures of -40, +40 and +80°C. Although the number of
data points was limited and the data showed high scattering, the influence of the
variation of the α’-martensite transformation rate with the deformation temperature can
be seen in the plots. At +80°C, the plot was linear, as only little α’-martensite was
formed. At -40°C α’-martensite was formed rapidly, resulting in the change of the slope
of the σ-ρ1/2 plot.
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Flow stress as a function of square root of dislocation density of austenite phase in
EN 1.4318-2 steel tensile strained at strain rate 3×10-4 s-1 at temperatures -40, +40
and +80°C. Dislocation densities were calculated by using IBM and equation 38.

The non-linear behaviour of the σ-ρ1/2 plots of the unstable steel grades indicates that in
addition to the enhanced dislocation generation in the austenite phase, the strain-induced
α’-martensite transformation has also another strengthening contribution, which
becomes operative at high α’-martensite volume fractions. The slope of the σ-ρ1/2 plots
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became higher when the α’-martensite volume fraction exceeded about 0.3, indicating
that the flow stress is no longer determined by the dislocation density of the austenite
alone. This may be rationalised in terms of the formation of an infinite, i.e., percolating
cluster of the α’-martensite. Thereafter, the two-phase aggregate can no longer be
deformed without the deformation of the hard α’-martensite phase, since the α’martensite constitutes a strong percolating cluster extending through the body. As a
consequence, the role of the α’-martensite in determining the flow stress of the
aggregate becomes more significant, which manifests itself as the higher slope of σ-ρ1/2
plots. The theoretical percolation threshold in a statistical cube lattice is known to be
0.3116 (Stauffer and Aharony, 1994), which corresponds well to the present findings.

1200

1200

1000

1000

Flow stress (MPa)

Flow stress (MPa)

When considering the dislocation density measurement results, one must be aware of
the simplifications and assumptions made concerning the dislocation arrangements. The
dislocation densities were calculated with equation 38, which assumes a completely
uniform dislocation distribution and no interaction between the strain fields of adjacent
dislocations. It is, therefore, reasonable to compare also the dislocation densities ρD and
ρS, calculated from the microstrain and domain size alone by using equations 30 and 33.
Figures 34a and 34b present the comparison of the square roots of these dislocation
densities of the austenite phase in the EN 1.4318-1 and EN 1.4301 steels strained at
3×10-4 s-1, respectively. The calculations were performed assuming a uniform
dislocation distribution and no interaction between the dislocations. The results show
that for both steels ρD>ρS. This is most probably caused by the interaction of the stress
fields of the adjacent dislocations, which decreases the RMSS, and leads to
underestimation of the dislocation density ρS. However, taking into account the high
scattering, the correlation between ρD and ρS was quite good. Also the trends, including
the change in the slope of the EN 1.4318-1 steel, corresponded well.
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Comparison of the square roots of dislocation densities ρ, ρD and ρS of austenite
phase in (a) EN 1.4318-1 steel and (b) EN 1.4301 steel tensile strained at strain rate
3×10-4 s-1 at room temperature

4.3.2 Analysis of austenite phase by Voigt method

The root mean square microstrain and the domain size 〈D〉 of the austenite phase of the
EN 1.4318-1 and EN 1.4301 steels tensile strained at the strain rates of 3×10-4, 10-1 and
200 s-1 are plotted as a function of true plastic strain in Figures 35 and 36, respectively.
The Voigt method gave the RMSS as a function of averaging length, which therefore
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needed to be chosen. It was assumed that the size of the strain field of a dislocation
corresponded to half of the volume-weighted domain size, which was used as the
averaging length. The domain sizes reported are the volume-weighted domain sizes.
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(a) Root mean square microstrain <ε2>1/2 and (b) domain size 〈D〉 of austenite
phase calculated by VM as a function of true plastic strain in EN 1.4318-1 steel
tensile strained at strain rates 3×10-4, 10-1 and 200 s-1 at room temperature
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(a) Root mean square microstrain <ε2>1/2 and (b) domain size 〈D〉 of austenite
phase calculated by VM as a function of true plastic strain in EN 1.4301 steel
tensile strained at strain rates 3×10-4, 10-1 and 200 s-1 at room temperature

The volume-weighted domain sizes and the corresponding RMSSs determined by
means of the Voigt method were used to calculate the dislocation densities, as also the
integral breadth method gave the volume-weighted 〈D〉 (Balzar, 1999). Furthermore,
equation 38 was used. The relation between the flow stress and the square roots of the
dislocation densities of the austenite phase in the EN 1.4318-1 and EN 1.4301 steels are
shown in Figure 37. The dislocation densities obtained by the VM showed higher
scattering, but quantitatively the results correlated fairly well with the results obtained
by the IBM.
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Relation between flow stress and square root of dislocation density of austenite
phase of (a) EN 1.4318-1 and (b) EN 1.4301 steels tensile strained at 3×10-4, 10-1
and 200 s-1. Dislocation densities were calculated by using Voigt method and
equation 38.

4.3.3 Comparison of integral breadth and Voigt methods

In general, a good correlation between the integral breadth and Voigt methods was
found. However, the integral breadth method indicated higher root mean square
microstrains. This probably originates from the omitting of the Lorentzian component
of the strain broadening. Another distinct feature was that the results obtained by the
Voigt method showed higher scattering. Obviously, this was a consequence of the poor
quality of the XRD data, which in particular affected the data analysis of the EN
1.4318-1 steel. At the high α’-martensite volume fractions the austenite reflections,
especially γ222, were so weak that accurate determination of the line shape by the Voigt
function and the precise determination of the Gaussian and Lorentzian broadening
components was impossible.
The dislocation densities of the austenite phase of the EN 1.4318-1 and EN 1.4301
steels calculated by the IBM and VM are compared in Figures 38 and 39, respectively.
At a given stress level, the Voigt method gave lower dislocation densities, and the
results showed higher scattering. But what is more important, the trends indicated by
both methods were equivalent, i.e., the EN 1.4301 steel showed a continuously linear
relation between the flow stress and the square root of the dislocation density, whereas
the unstable EN 1.4318-1 steel had a changing point in the slope. However, due to the
high scattering in the case of the VM, the change in the slope was hardly observable.
Also the results of the linear fit to the data are shown in Figures 38 and 39. With the EN
1.4318-1 steel, fitting was limited below the changing point, where the dislocation
density of the austenite was assumed to have a stronger effect on the flow stress.
Interestingly, the slope of the EN 1.4318-1 steel was considerably lower than that of the
stable EN 1.4301 steel, i.e., at a given dislocation density the stable steel showed higher
flow stress. However, after the changing point at about 650 MPa the slope of the EN
1.4318-1 steel became higher than the slope of the EN 1.4301 steel.
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Comparison of the flow stress vs. square root of dislocation density of austenite
plots determined by IBM and VM for EN 1.4318-1 steel tensile strained at strain
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plots determined by IBM and VM for EN 1.4301 steel tensile strained at strain rate
3×10-4 s-1 at room temperature

The results of the XRD line broadening analysis showed fairly good correlation with the
dislocation density measurement results on austenitic stainless steels presented in
literature. Staudhammer and Murr (1980) measured dislocation densities between 10141015 m-2 (corresponding to ρ1/2=107-3.2×107 m-1) from cold rolled and shock loaded
AISI 304 and 316 steels in their TEM experiments. Lee and Lin (2002) carried out TEM
dislocation density measurements on AISI 304L steel strained in compression. They
found the dislocation density to be linearly proportional to the square of the flow stress,
and the measured dislocation densities varied between 1015-5×1015 m-2 (ρ1/2=3.2×1077×107 m-1). Hoshino (1983) measured with XRD dislocation densities of 1014-2×1015
m-2 (ρ1/2=107-4.5×107 m-1) from the austenite phase in deformed metastable austenitic
stainless steel. Narutani (1989) performed XRD line broadening analysis on AISI 301
steel by means of the integral breadth method. The results ranged between 1014 and
2.5×1015 m-2 (ρ1/2=107-5×107 m-1).
4.3.4 XRD line broadening analysis of α’-martensite phase

The XRD line broadening analysis of the strain-induced α’-martensite phase was
carried out using the integral breadth method on the EN 1.4318-1 steel tensile strained
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at room temperature at 3×10-4 s-1 and on the EN 1.4318-2 steel tensile strained at 3×10-4
s-1 at -40°C, which exhibited significant formation of the α’-martensite phase.
Obviously, the line broadening analysis could not be carried out when the α’-martensite
volume fraction was low due to the low intensity of the diffraction lines. The lowest
limit for the analysis was about f α'=0.2. Figure 40 presents the root mean square
microstrains and domain sizes of the α’-martensite phase as a function of true plastic
strain in the EN 1.4318-1 and EN 1.4318-2 steels. The root mean square microstrain of
the α’-martensite phase was overall significantly higher than that of the austenite phase,
whereas the domain size was mostly smaller. Both of these findings imply that the α’martensite has a higher dislocation density than the austenite phase. Furthermore, both
RMSS and 〈D〉 showed rather constant values, or even opposite trends compared to the
austenite phase.
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The dislocation densities of the α’-martensite phase of the EN 1.4318-1 and EN 1.43182 steels, calculated with equation 38, are plotted as a function of true plastic strain in
Figure 41. The corresponding dislocation densities of the austenite phase are also
shown.
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as a function of true plastic strain in (a) EN 1.4318-1 steel strained at 3×10-4 s-1 at
room temperature and (b) EN 1.4318-2 steel strained at 3×10-4 s-1 at -40°C
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The dislocation density measurement results showed two important features, also
indicated by the 〈D〉 and RMSS: the dislocation density of the α’-martensite phase
remained relatively constant, or even seemed to decrease with increasing plastic strain.
Furthermore, the dislocation density of the α’-martensite was much higher than that of
the austenite phase. Only at the late stages of the plastic deformation, when the α’martensite volume fraction was almost 1, the dislocation density of the austenite
reached the dislocation density of the α’-martensite.
When analysing the XRD broadening analysis results of the α’-martensite phase, it must
be noticed that the information obtained by the XRD analysis is an average from the
volume covered by the X-ray beam. As new α’-martensite embryos are formed
continuously throughout the plastic deformation, the results of the XRD broadening
analysis are an average from several α’-martensite nuclei having different deformation
histories, depending on whether the nuclei were formed at the early or later stages of the
deformation.
However, the results of the line broadening analysis show that the dislocation density of
the α’-martensite phase is initially high compared to the austenite phase and is not
significantly changed in the course of the plastic deformation of the austenite-α’martensite aggregate. This means that in the early stages of the deformation, the α’martensite particles are much harder than the austenite, and probably cause dispersion
hardening. Because the RMSS, 〈D〉 and ρ of the α’-martensite did not change much
with the increasing plastic strain, the plastic deformation is believed to occur mainly in
the austenite phase. However, the calculated dislocation density seemed to slightly
decrease, especially in the EN 1.4318-2 steel strained at -40°C, in which a large amount
of α’-martensite was formed rapidly. The decreasing ρ is probably not an indication of
the decreasing dislocation density, but evidence of the dynamic recovery and formation
of low-energy dislocation structures (LEDS). These phenomena decrease the RMSS and
increase 〈D〉, both of which were observed to some extent. As the dislocation structures
of the α’-martensite are a result from the phase transformation, and are probably far
from a stable configuration, even a small amount of plastic deformation can cause a
significant rearrangement of the dislocations in the α’-martensite phase. Consequently,
as the approach used in this study was not able to provide quantitative information
about the dislocation arrangement, the experimental results are believed to
underestimate the actual dislocation density of the α’-martensite phase.
Narutani (1989) carried out XRD line broadening analysis on metastable austenitic
stainless steel, and found that the α’-martensite exhibited a much higher dislocation
density than the austenite phase. The dislocation density of the α’-martensite was found
to be 1.9×1016 m-2. Pešička et al. (2003) measured dislocation densities of 9.26×1014
and 9.4×1014 m-2 from 12Cr martensitic steel by TEM and XRD, respectively.
Hoffmann et al. (1997) carried out XRD dislocation density measurements on hardened
plain carbon steels with C contents varying between 0.10 and 0.43%. The dislocation
densities of the martensites having the low and high C contents were found to be 1015
and 5×1015 m-2, respectively. Therefore, the results of the present study, indicating the
dislocation densities ranging between 6×1014 and 14×1014 m-2, seem to correlate fairly
well with the measured dislocation densities of the thermally induced martensites. As
discussed above, the dislocation density is most probably underestimated by the XRD
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line broadening analysis, since the analysis does not take into account the presence of
the LEDS.
4.3.5 Reliability of XRD line broadening analysis

A rather good correlation between the measured dislocation densities and the results
presented in the literature was found. Nevertheless, the dislocation density
measurements performed by means of the XRD line broadening analysis have several
sources of uncertainty and systematic errors.
As shown in Figure 26, the measured integral breadths showed consistent trends, i.e.,
the integral breadths of the austenite lines increased with increasing plastic strain,
whereas the α’-martensite lines were rather unaffected. However, the accuracy of the
determination of the microstrain and domain size was limited, because only two orders
of reflections were available. Consequently, a data set comprising only two data points
had to be used for determining the slope and y-intercept of equation 27 (i.e., e and 〈D〉).
Similarly, the separation of the size and strain broadening components in the Voigt
method relied on only two data points. Obviously, this reduced the reproducibility of the
measurements. However, for both e and 〈D〉 rather good trends were obtained, as shown
in Figures 27-29 and 35-36. It is also noteworthy that the errors arising from the scatter
of the integral breadth measurement results were compensated in the calculation of
dislocation densities. This may be rationalised by examining equations 27 and 38. If the
deviation of the measured integral breadth makes the slope of equation 27 to increase,
the y-intercept decreases correspondingly. It is further observed that the RMSS is
proportional to the square root of the y-intercept, whereas the domain size is inversely
proportional to the slope. Thus, any deviation of the integral breadth caused an error of
same sign in both RMSS and domain size. From equation 38 it appears that in the
calculation of the dislocation density the RMSS is in the numerator and the domain size
in the denominator. Thus, the deviations in the RMSS and domain size due to the
experimental errors of β tended to be compensated in the calculation of the dislocation
densities.
When using the IBM, systematic errors may arise due to the assumptions made
concerning the shapes of the microstrain and domain size distributions. This applies
both to the removal of the instrumental broadening and the determination of the
microstrain and domain size. In the Voigt method these errors were avoided. However,
a fairly good correlation between the IBM and VM was observed, indicating that also
the results of the IBM were representative. The only distinct difference was that the
Voigt method indicated lower values of RMSS than the IBM.
The most serious limitation of the XRD line broadening analysis was related to the
estimation of the dislocation densities. The estimation of the dislocation densities relied
on simple models, neglecting any other sources of broadening. A completely random
dislocation arrangement and no interaction between the dislocations were assumed,
which are certainly not true for highly deformed austenitic stainless steels. It is clear
that such a simple approach is not capable to give accurate quantitative values of the
dislocations densities. However, this was not the objective of the present analysis.
Instead, trends in the evolution of the dislocation densities were sought, which appeared
to be successful.
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4.4

Stacking fault energy measurements

4.4.1 Stacking fault energy measurement results

The results of the stacking fault energy measurements are summarised in Table 7, which
shows the measured stacking fault probabilities, mean square microstrains averaged
over the distance of 50 Å, the stacking fault energies calculated with equation 45 and
the standard deviations of five measurements. As may be expected based on the
observed tendencies to the α’-martensite transformation, the unstable EN 1.4318 steel
grades had lower SFEs than the stable EN 1.4301 steel, and the least stable EN 1.4318-1
had the lowest SFE.
Table 7

Mean square microstrains averaged over 50 Å, stacking fault probabilities and
intrinsic stacking fault energies of the test materials measured by XRD at room
temperature

Steel
EN 1.4318-1
EN 1.4318-2
EN 1.4301

<ε502> ×106
4.6±0.5
4.0±0.6
4.3±0.7

α ×103
6.4±1.1
4.9±2.2
4.3±0.5

γ (mJ/m2)
12.8±1.5
14.7±0.8
17.8±1.2

4.4.2 Reliability of stacking fault energy measurement results

The SFE measurement results exhibited low standard deviations. This signifies good
reproducibility of the measurements, but does not tell anything about possible
systematic errors. The measurement of the SFE by XRD relied on two parameters
extracted from the XRD data: the mean square microstrain and the stacking fault
probability. Extracting of these parameters involved several assumptions and
complicated calculations, which are discussed in the following.
The uncertainties of the mean square microstrain determination were discussed in
section 4.3.5. Since the Voigt method was used in the SFE measurements, the
determination of the mean square microstrain should not involve bias. However, the
calculation of the dislocation density involves uncertainty due to the assumptions made
concerning the dislocation arrangements. Any errors of the model used reflect to the
value of the dislocation density, and thus to the SFE. Furthermore, in the present study
the estimation of the dislocation density was based only on the mean square microstrain,
and the domain size was ignored.
The determination of the SFP is based on the measurement of very small displacements
of the line profiles. However, due to the low SFEs of the studied steels, the
displacements were measurable and the standard deviations of the SFPs were relatively
low. The derivation of the SFP from the line profile displacements involves complicated
calculations that have been thoroughly described by Warren (1990). Recently, Velterop
et al. (2000) discussed the limitations of Warren’s approach. It was demonstrated that
the relation between the SFP and line profile displacements may be highly non-linear.
Nonlinearity may arise if the twin fault probability or domain size is large. Fortunately,
the SFPs measured in this study were lower than the SFPs where severe deviation from
the linearity was observed by Velterop et al. (2000). A thorough analysis of the SFP
determination would be beyond the scope of the present thesis. However, it is important
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to recognise the limitations of the experimental technique used, and that the results
involve several possible sources of systematic error.
In Table 8 the experimental results are compared with the SFEs calculated by using the
compositional equations taken from literature. The equation determined by Brofman
and Ansell (1978) showed the best correlation with the experimental results, and
indicated lower SFE for the EN 1.4318 steels. It is, however, noteworthy that none of
the equations included the effect of the nitrogen content, which in the case of the EN
1.4318 steels certainly had a pronounced effect on SFE. Furthermore, the equations
have been determined by multiple regression analysis by taking into account only a
limited number of alloying elements. Therefore, their applicability to steel compositions
differing from the original set of test materials may be questioned.
Table 8

Comparison of the measured stacking fault energies and the stacking fault energies
calculated with the compositional equations taken from literature

Steel
EN 1.4318-1
EN 1.4318-2
EN 1.4301
*
**
***

4.5

Measured γ
(mJ/m2)
12.8
14.7
17.8

Schramm and Reed
(1975) (mJ/m2) *
6.7
5.8
18.4

Rhodes and Thompson
(1977) (mJ/m2) **
28.0
21.8
29.0

Brofman and Ansell
(1978) (mJ/m2) ***
15.2
15.3
18.4

γ = −53 + 6.2% Ni + 0.7%Cr + 3.2% Mn + 9.3% Mo (mJ / m 2 )
γ = 1.2 + 1.4% Ni + 0.6%Cr + 17.7% Mn − 44.7%Si (mJ / m 2 )
γ = 16.7 + 2.1% Ni − 0.9%Cr + 26%C (mJ / m 2 )

XRD stress measurements

4.5.1 Results of XRD stress measurements
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The tensile stresses measured with the XRD for the austenite and α’-martensite phases
and the macroscopic stress measured with the strain gauges are plotted as a function of
true plastic strain and α’-martensite volume fraction in Figure 42.
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Stress level in austenite and α’-martensite phases measured by XRD and the
macroscopic stress measured with strain gauges in EN 1.4318-1 steel as a function
of (a) true plastic strain and (b) α’-martensite volume fraction
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After each strain increment, the strain gauges indicated significant stress relaxation, of
the order of 10% of the applied macroscopic stress. The relaxation was initially rapid,
but slowed down in about 60 seconds. Therefore, each XRD stress measurement was
started only 60 s after the straining, and the macroscopic stress values shown in Figure
42 are the averages of the macroscopic stress levels recorded in the beginning and at the
end of each XRD stress measurement.
The stress analysis results indicated a non-homogeneous distribution of stress between
the austenite and α’-martensite phases. The α’-martensite having the higher dislocation
density, and thus higher yield strength, showed a higher stress level than the austenite
phase. However, the measured stress level in the α’-martensite at low strains was much
lower than its yield strength probably was. Narutani (1990) determined the yield
strength of α’-martensite as 1480 MPa by pre-straining the test material at 77 K.
Therefore, the stress analysis results suggest that the α’-martensite did not deform
plastically. Local plastic deformation may, however, have occurred at the stress
concentrations, due to, for instance, the irregular shape of the α’-martensite particles.
The stress analysis results support the view of the role of percolation in the stress-strain
behaviour of a two-phase aggregate. The stress level in the austenite followed the
macroscopic stress up to about f α'=0.3, after which the trends deviated from each other.
Furthermore, the macroscopic stress and the stress level in the α’-martensite conjoined
at f α'=0.7. Therefore, the results indicate that the macroscopic stress and the stress level
in the matrix phase correlate when the volume fraction of the second phase is below the
percolation threshold of 0.3.
4.5.2 Reliability of XRD stress measurements

The XRD stress analysis carried out on a plastically deformed multiphase alloy involves
several possible sources of error, which are discussed in the following. In a multiphase
aggregate not subjected to an external load, the average of the stresses over the whole
body is zero (Noyan and Cohen, 1987):

∫ σ dD = 0 ,
ij

(51)

D

where D is the volume of the body. In case of an austenite-martensite aggregate under
uniaxial tensile stress, the equilibrium condition is, thus, given by:
(1 − f α ' )σ γ + f α ' σ α ' = σ ,

(52)

where σγ is the average stress level in the austenite, σα’ is the average stress level in the
α’-martensite and σ is the applied (macroscopic) stress. Equation 52 can be used to
assess the reliability of the stress measurement results. The stress level calculated
according to the equilibrium condition is plotted as a function of strain and compared
with the macroscopic stress measured by strain gauges in Figure 43. Deviation of the
calculated stress from the measured macroscopic stress is observed. The calculation
overestimated the stress level at the low strains and underestimated it at the high strains.
One reason for the deviation may be the difference in the extent of stress relaxation in
each phase after the straining, as the austenite and α’-martensite phases exhibited

77
different stress levels. There are also other important sources of error, which are
discussed in the following.
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Comparison of the stress calculated by equation 52 by using the XRD stress
measurement results and macroscopic stress measured with strain gauges in
EN 1.4318-1 steel

Figure 44 shows the examples of the lattice spacing measurements on the austenite and
α’-martensite phases, from which the elastic strains and stresses were calculated.
Especially the α’-martensite phase showed relatively high deviation from the linear d
vs. sin2ψ behaviour at high plastic strains.
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Examples of the dφψ vs. sin2ψ plots of (a) austenite and (b) α’-martensite phases of
EN 1.4318-1 steel after true plastic strain of 0.35

The deviation from the linearity may be explained in terms of two main reasons: the
presence of texture and non-homogeneous stress state. Probably both factors affected
the observed behaviour. Texture was certainly present in the highly deformed test
material, especially in the strain-induced α’-martensite phase. Furthermore, although
the samples were under uniaxial tensile load, the two phase nature of the test material
may result in a non-homogeneous stress state. For instance, if a small α’-martensite
particle mounted in the austenite is located close to the sample surface, the stress in the
S 3 direction may not be entirely relaxed, resulting in a stress gradient. The irregular
morphology of the α’-martensite may also cause stress concentrations in both the
austenite and α’-martensite phases. However, both the stress gradients and the texture
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are extremely difficult to take into account in the stress analysis (Noyan and Cohen,
1987). Therefore, all data were treated as they were showing linear behaviour. All data
showed consistent d values from both negative and positive ψ angles, i.e., the ψ
splitting did not occur. This indicates that the shear stress components were absent.
The selection of the XRD elastic constants is a critical step when deriving the stress
values from the elastic lattice strains measured with XRD. As described above, in the
present work constant values close to the bulk elastic constants were used. However,
due to the texture evolution and the relatively high elastic anisotropy of austenitic
stainless steels, the XRD elastic constants of the studied phases were certainly affected
by the plastic deformation. Unfortunately, this effect is difficult to take into account
quantitatively. Some estimation can be performed by considering the extremes of the
single crystal elastic constants. For austenitic stainless steels, these are 125 GPa in
<100> directions and 273 GPa in <111> directions (Ledbetter, 1984). Although the
texture evolution occurs, the XRD elastic constants are believed to remain far from
these extreme values.
To summarise, the results of the XRD stress analysis involve error due to the factors
discussed above. However, overall the trends in the stress evolution in each phase are
believed to be representative, i.e., the α’-martensite phase is subjected to a significantly
higher stress than the austenite phase.
4.6

Scanning electron microscopy

The ECC imaging technique proved to be an excellent tool in examining the
deformation microstructures of the studied steels. In particular, a clear contrast was
obtained from the shear bands formed in the austenite phase during the plastic
deformation. Unlike with the TEM, with the ECC imaging it was possible to examine
large areas of material in bulk samples. Furthermore, the risk of affecting the
microstructural features during the specimen preparation was minimal, since the only
specimen preparation necessary was the electropolishing of the sample surfaces. The
most important limitation of the technique was that the identification of the phases or
the nature of the shear bands was not possible. No attempts were made to study the
formation of the α’-martensite phase with the ECC imaging, and the analysis was
limited to the detection of the shear bands.
The most distinct feature observed with the ECC imaging was that the occurrence of the
shear bands in the deformation microstructures was dependent on the chemical
composition, deformation temperature and strain and stress level. Furthermore, a good
correlation between the tendencies to shear band and α’-martensite formation was
found. In all studied series of samples, the shear bands always appeared before the onset
of the α’-martensite transformation.
4.6.1 Deformation microstructures of EN 1.4318-1 and EN 1.4301 steels

The EN 1.4318-1 steel exhibited extensive shear band formation and slip planarity in
the austenite phase at both low and high strain rates at room temperature. Figure 45
shows the deformation microstructures formed at the strain rate 3×10-4 s-1 and Figure 46
the deformation microstructures formed at 200 s-1. Numerous intersecting shear bands
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were present even at low strains and stress levels (ε<0.05). It was impossible to see any
difference between the samples strained at low and high strain rates.

Figure 45

ECC images of deformation microstructures of EN 1.4318-1 steel tensile strained
at strain rate 3×10-4 s-1 at room temperature after true plastic strains of (a) 0.05 and
(b) 0.09

Figure 46

ECC images of deformation microstructures of EN 1.4318-1 steel tensile strained
at strain rate 200 s-1 at room temperature after true plastic strains of (a) 0.05 and (b)
0.09

In contrast, in the stable EN 1.4301 steel more irregular dislocation structures and only
few shear bands occurred at low strains. However, when plastic strain increased, the
number of shear bands and shear band intersections increased gradually. The typical
features of the EN 1.4301 steel strained at 3×10-4 s-1 at room temperature are shown in
Figure 47. After plastic strain of 0.05, no shear bands extending through the austenite
grains could be found, but traces of tangled dislocations and planar defects not
extending through the grains were visible (Figure 47a). When the plastic strain
increased, initially mainly parallel and later also intersecting shear bands appeared. The
shear bands were more sparsely dispersed than in the EN 1.4318-1 steel and also
seemed to be thicker.
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Figure 47

Evolution of the deformation microstructures of EN 1.4301 steel tensile strained at
strain rate 3×10-4 s-1 at room temperature with increasing plastic strain

Figure 48 shows the microstructures of the EN 1.4301 steel strained to true plastic
strains of 0.05 and 0.10 at the strain rate 200 s-1. Whereas in the EN 1.4318-1 steel it
was difficult to see any effect of the strain rate in the shear band formation, in the EN
1.4301 steel the tendency to the shear band formation seemed to be higher at the high
strain rate. This may explain the slightly higher α’-martensite content found at strains
below 0.25 (Figure 18b) at the strain rate 200 s-1.

Figure 48

Deformation microstructures of EN 1.4301 steel tensile strained to true plastic
strains of (a) 0.05 and (b) 0.10 at strain rate 200 s-1 at room temperature
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4.6.2 Deformation microstructures of EN 1.4318-2 steel

The deformation temperature and plastic strain were found to have a strong influence on
the deformation microstructures of the EN 1.4318-2 steel tensile strained at the strain
rate of 3×10-4 s-1. The effect of temperature is illustrated in Figure 49, which shows the
microstructures formed at different temperatures after plastic strain of 0.05.

Figure 49

Deformation microstructures of EN 1.4318-2 steel strained to true plastic strain of
0.05 at strain rate 3×10-4 s-1 at temperatures a) -40°C, b) 0°C, c) +24°C, d) +40°C
and e) +80°C

At -40 and 0°C the microstructures were dominated by the shear bands already at the
early stages of the deformation, whereas at the higher temperatures no shear bands
extending through the austenite grains could be observed. The microstructures were
similar to those of the EN 1.4318-1 steel strained at room temperature. At higher
temperatures, the microstructures resembled the microstructures of the EN 1.4301 steel
strained at room temperature, indicating the presence of the tangled dislocations and
narrow planar defects. Furthermore, at high temperatures the shear bands were found to
appear after a certain strain and stress level, as in the EN 1.4301 steel. This is illustrated
in Figure 50, which shows the evolution of the deformation microstructures in the
samples deformed at +80°C to various plastic strains. Well defined shear bands
appeared only at strains higher than 0.2. This corresponds well to the onset of the α’martensite transformation, which took place at about 0.15-0.20 plastic strain (Figure
19).
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Figure 50

4.7

Deformation microstructures of EN 1.4318-2 steel tensile strained to true plastic
strains of a) 0.05, b) 0.09, c) 0.20, d) 0.30 and e) 0.43 at strain rate 3×10-4 s-1 at
+80°C

Transmission electron microscopy

Typical TEM micrographs of the EN 1.4318-1 steel after true plastic strain of 0.05 at
the strain rates of 3×10-4 and 200 s-1 are shown in Figure 51. Higher magnifications
from the samples are shown in Figure 52. Figure 53 shows the microstructure of a
sample strained to true plastic strain of 0.14 at the low strain rate.
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Figure 51

Microstructure of EN 1.4318-1 steel tensile strained to true plastic strain of 0.05 at
strain rates (a) 3×10-4 and (b) 200 s-1 at room temperature

Figure 52

(a) Extended dislocations in EN 1.4318-1 steel tensile strained to true plastic strain
of 0.05 at strain rate 3×10-4 at room temperature and (b) α’-martensite nucleated at
the shear band intersections in EN 1.4318-1 steel tensile strained to true plastic
strain of 0.05 at strain rate 200 s-1 at room temperature

Figure 53

Microstructure of EN 1.4318-1 steel tensile strained to true plastic strain of 0.14 at
strain rate 3×10-4 s-1 at room temperature
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The TEM images showed the same features as the ECC images, i.e., the slip planarity
and the presence of the shear bands. With TEM it was possible to identify the shear
bands as overlapping stacking faults and ε-martensite. No mechanical twins were found.
As shown in Figure 52b, the α’-martensite phase nucleated at the intersections of the
shear bands. All TEM observations were in accordance with the previous TEM
investigations presented in literature.
4.8

Optical metallography

4.8.1 Microstructures

Examples of the optical micrographs of the EN 1.4318-1 steel strained at the strain rate
of 3×10-4 s-1 are shown in Figure 54. A detail of the microstructure shown in Figure 54a
is shown in Figure 55. The micrographs were taken from the cross-sections cut parallel
to the rolling direction and tensile axis. The α’-martensite phase is etched dark, and the
austenite grain boundaries are not etched. The corresponding true plastic strains and α’martensite volume fractions measured with the Ferritescope are indicated in the figures.
The α’-martensite volume fractions were determined also from the micrographs by
quantitative image analysis. At low volume fractions, the image analysis indicated
higher α’-martensite volume fractions than the Ferritescope, but at the higher fractions a
good correlation between the image analysis and the Ferritescope was found.

Figure 54

Optical micrographs showing α’-martensite phase etched dark in EN 1.4318-1 steel
tensile strained at strain rate 3×10-4 s-1 at room temperature to true plastic strains of
(a) 0.094, (b) 0.135, (c) 0.194 and (d) 0.282
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Figure 55

Optical micrograph showing α’-martensite phase etched dark in EN 1.4318-1 steel
tensile strained to true plastic strain of 0.094 at strain rate 3×10-4 s-1 at room
temperature

The morphology of the α’-martensite exhibited the well-known features: the nuclei of
the α’-martensite were small and located at the intersections of the shear bands, which
is well illustrated in Figure 55. However, rather large α’-martensite particles appeared
even at low volume fractions, and with increasing f α' irregular blocky structure of α’martensite was formed. The reliability of the metallographic technique used is difficult
to assess. For instance, anisotropic electropolishing and etching may in some instances
lead to false indications. However, since a good correlation between the α’-martensite
volume fractions measured by the Ferritescope and image analysis was found, the
optical micrographs seem to represent the microstructural features well.
4.8.2 Chord length measurements

Figure 56 presents four typical examples of the measured chord length distributions of
the α’-martensite phase corresponding to different strain levels and α’-martensite
volume fractions. These distributions were measured in the horizontal direction from
the samples cut parallel with the rolling direction and tensile axis. The most important
features of the distributions are the increasing frequency with decreasing chord length,
and the fact that the most distributions showed a maximum between 0.2 and 0.5 µm.
This is obviously a consequence of the limited resolution of the optical microscope,
which falls in the same range (Vander Voort, 1999). Staudhammer et al. (1983)
measured the size distribution of the α’-martensite nuclei with TEM, and reported a
minimum thickness of 50-70 Å and an average thickness of 250 Å. Therefore, the
smallest α’-martensite particles cannot be accurately measured with the optical
microscope. The exact effect of this limitation of the optical microscopy on the
determination of the size distribution is difficult to estimate. However, since the chord
length distributions were broad (i.e., extended to large dimensions), the effect of the
limited resolution on the average chord length was believed to be small.
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Chord length distribution of α’-martensite particles in EN 1.4318-1 steel tensile
strained to various plastic strains at strain rate 3×10-4 s-1 at room temperature

Average chord lengths of the α’-martensite particles were determined in three
directions: parallel and transversally to the tensile axis and also in through-thickness
direction. Figure 57 presents the geometric mean of the average chord lengths and the
standard deviations of the measurements as a function of the α’-martensite volume
fraction. The results indicate that although the α’-martensite nuclei are initially small,
relatively large particles or clusters of α’-martensite appeared even at low α’-martensite
volume fractions. This is also evident from the micrographs shown in Figures 54 and
55.
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Mean chord length of α’-martensite particles in EN 1.4318-1 steel tensile strained
at strain rate 3×10-4 s-1 at room temperature as a function of α’-martensite volume
fraction

4.8.3 Dispersion hardening due to α’-martensite

The chord length measurement results presented above were utilised in the analysis of
the dispersion hardening effect of the α’-martensite. According to the XRD line
broadening analysis results the dislocation density of the austenite increased with
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increasing plastic strain. In contrast, the dislocation density of the α’-martensite was
higher and remained relatively unchanged. Furthermore, the XRD stress analysis
showed that the α’-martensite exhibited higher flow stress compared to the austenite
phase. These features indicate that metastable austenitic stainless steels are plastically
non-homogeneous, i.e., the plastic deformation is largely concentrated in the softer
austenite phase, and the hard α’-martensite particles cause a dispersion hardening effect.
However, there are two fundamental differences between the regular dispersion
hardened alloys and the metastable austenitic stainless steels exhibiting the TRIP effect:
1) in the metastable austenitic stainless steels the volume fraction and the size
distribution of the dispersions (α’-martensite) change as a function of strain and 2) the
phase transformation acts as an alternative deformation mechanism for the slip.
Furthermore, the α’-martensite transformation is accompanied by a slight volume
increase.
During the plastic deformation of any crystalline material, geometrically necessary
dislocations are generated to accommodate the shape change caused by the plastic
deformation. When the material contains non-deforming particles (such as α’martensite), additional dislocations need to be generated in order to preserve the
compatibility between the matrix and the dispersions. The generation of the
geometrically necessary dislocations was studied by Ashby (1971), who developed a
model predicting the amount of the geometrically necessary dislocations as a function
of the size and volume fraction of the hard particles and plastic strain. In the present
study Ashby’s theory was utilised to estimate the dislocation density of the EN 1.4318-1
steel tensile strained at 3×10-4 s-1 by using the chord length measurement results
presented above as the input data. Since Ashby considered only alloys having a constant
fraction of particles of a constant size, the original theory was modified to take into
account the changes in the α’-martensite volume fraction and the particle size.
Furthermore, the α’-martensite particles were assumed to have cubic shape and instead
of shear deformation discussed by Ashby uniaxial tension was considered.
The α’-martensite particles within the austenitic matrix are assumed to be located at
holes with the volume of L3. If the material is plastically deformed by the strain
increment ∆ε, the volume of each hole is increased by ∆εL3. If the α’-martensite
particles are not plastically deformed, and the elastic strains are neglected, to maintain
the compatibility between the phases the volume increase of the holes must be filled by
the plastic deformation of the softer austenite phase. This can occur by the generation of
the prismatic dislocation loops, as indicated in Figure 58. Each dislocation can fill the
volume of bL2, and thus the number of dislocation loops per particle is given by:
nT =

L∆ε
,
b

(53)

where b is Burgers vector of a dislocation loop. In reality, the accommodation may
partially occur due to the α’-martensite transformation strain, due to the volume change
related to the transformation or by the plastic deformation of the α’-martensite, but for
simplicity, these effects were neglected here.
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Figure 58

Schematic illustration of the plastic deformation of plastically non-homogeneous
austenite-martensite mixture: a) the austenitic matrix (white square) is deformed,
whereas the martensite (dark square) remains in the original shape and b) the
formation of the prismatic dislocation loops to accommodate the plastic
deformation of the austenitic matrix

When the volume fraction and size of the α’-martensite particles are known, the number
of particles per unit volume is given by:
Nv =

f α'
.
L3

(54)

The loop density NT (the number of dislocation loops per unit volume) is obtained by
multiplying nT and Nv:
NT = nT Nv =

f α ' ∆ε
.
bL2

(55)

The length of each dislocation loop surrounding the α’-martensite particle is 4L (at
least). Therefore, the increase in the density of the geometrically necessary dislocations
∆ρG per strain increment ∆ε is:
∆ρ G =

4 f α ' ∆ε
.
bL

(56)

The density of the geometrically necessary dislocations was calculated using the chord
lengths of α’-martensite in the EN 1.4318-1 steel strained at 3×10-4 s-1 presented in
Figure 57. For simplicity, the Burgers vector of a perfect dislocation b=2.5 Å was used
in the calculation, and the formation of the partial dislocations, stacking faults and εmartensite was ignored. The square root of the calculated dislocation density is plotted
as a function of the flow stress in Figure 59 (red dots), and compared with the XRD
measurement results (black squares). A fairly good correlation between the measured
and calculated dislocation densities was found, but the calculated dislocation density
was consistently lower than the measured dislocation density. This was obviously
because the onset of the α’-martensite transformation occurred only after about 0.05
plastic strain, corresponding to the flow stress of 400 MPa. Rapid dislocation
multiplication takes place at the early stages of the deformation, and this initial
dislocation density generated before the onset of the transformation was not taken into
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account in the calculation. From the XRD results presented in Figure 59 (as well as
from Figures 38 and 39), the dislocation density of the austenite at the 400 MPa stress
level is found to be about 2.5×1013 m-2 for both EN 1.4318-1 and EN 1.4301 steels. By
adding this initial dislocation density ρ0 to the calculated ρG, the values indicated by the
blue triangles shown in Figure 59 were obtained. These results showed an excellent
correlation with the dislocation densities measured by XRD.
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Square root of dislocation density of austenite phase in EN 1.4318-1 steel tensile
strained at strain rate 3×10-4 s-1 at room temperature calculated by using equation
56 and comparison with experimental results presented in Figure 31

A surprising feature of the results shown in Figure 59 is that the correlation between the
calculated and measured dislocation densities remained good even at high α’-martensite
volume fractions, where the microstructure in fact consists of austenite islands
embedded in the α’-martensite matrix. This condition can be analysed by Figure 60.
When the aggregate having the high α’-martensite volume fraction deforms plastically,
the α’-martensite matrix must deform. Since the austenite islands have a lower
dislocation density and yield strength, they co-deform with the matrix. The
accommodation of the austenite particles occurs by the generation of dislocation loops,
as illustrated in Figure 60.

Figure 60

Schematic illustration of the formation of geometrically necessary dislocations at
high α’-martensite volume fractions: (a) an austenite particle within the α’martensite matrix and (b) plastic deformation and formation of the dislocation
loops
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The density of these dislocations may be calculated equivalently with the treatment
presented above. However, instead of considering the particle size of α’-martensite, the
particle size of austenite is needed for the calculation. In a two-phase system, the matrix
chord length λL, i.e., the distance between the particles having the size of L, is given by
(Underwood, 1985):
λL = L

1 − f α'
.
f α'

(57)

Obviously, the matrix chord length of the α’-martensite corresponds to the chord length
of austenite. Therefore, the density of the geometrically necessary dislocations can be
re-calculated for the situation shown in Figure 60. The number of dislocation loops per
austenite particle is given by:
nT =

λL ∆ε
.
b

(58)

The number of austenite particles per unit volume is:
Nv =

1 − f α'
,
(λL ) 3

(59)

and the density of the loops per unit volume:
NT = nT NV =

(1 − f α ' )∆ε
.
(λL ) 2 b

(60)

Each dislocation loop has the length of 4λL. Therefore, the increase in the dislocation
density per strain increment ∆ε is:
4(1 − f α ' )∆ε
∆ρ G =
.
λL b

(61)

By combining equations 57 and 61, the following result is obtained:
∆ρ G =

4 f α ' ∆ε
,
Lb

(62)

which appears to be equivalent with equation 56. Therefore, the density of the
geometrically necessary dislocations in the austenite phase can be calculated based on
the particle size and volume fraction of the α’-martensite phase even at high α’martensite volume fractions. However, although the model predicted the dislocation
density of the austenite phase correctly, this does not mean that it can predict the
dispersion strengthening effect of the α’-martensite correctly. The upper limit for the
validity of the modified Ashby’s model is probably associated to the percolation
threshold of the α’-martensite. As soon as the α’-martensite phase percolates, it starts to
have a direct contribution to the flow stress. Consequently, the stress needed to deform
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the aggregate is no longer dependent only on the dislocation density of the austenite, but
also the α’-martensite must deform in order to accommodate the shape change.
4.8.4 Clustering of α’-martensite phase

The presence of percolating clusters of the α’-martensite phase was examined in a total
of 26 samples (13 parallel to the tensile axis and 13 in the transverse direction) of the
EN 1.4318-1 steel strained at 3×10-4 s-1 at room temperature. From each sample five
micrographs were taken from arbitrary locations and analysed using the MATLAB
routine. Examples of the analysed micrographs with different f α' are shown in Figure
61. Each cluster of α’-martensite was identified and coloured with an arbitrarily
selected colour. Corresponding α’-martensite volume fractions determined by the image
analysis are indicated in the figures.

Figure 61

Clustering of α’-martensite phase in EN 1.4318-1 steel strained at strain rate
3×10-4 s-1 at room temperature with α’-martensite volume fractions of a) 0.43, b)
0.52, c) 0.66 and d) 0.73

The micrographs shown in Figure 61 illustrate how the percolating clusters of α’martensite were formed with increasing f α'. Figure 62 summarises the presence of
percolating α’-martensite clusters in all analysed micrographs as a function of α’martensite volume fraction. According to the results, the α’-martensite formed a
percolating cluster in the tensile direction first when f α'=0.5. The highest volume
fraction where the percolation did not occur was about 0.6. In the vertical direction, a
percolating cluster existed first time at f α'=0.44 and the highest f α' where the percolation
did not occur was 0.65. A similar behaviour was found in the micrographs taken
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transverse to the tensile axis, but the percolation occurred at slightly lower α’martensite volume fractions. However, taking into account the rather small number and
the limited size of the analysed images, the results were rather consistent. The
percolation threshold was, therefore, close to f α'=0.6, which correlates well with the
theoretical percolation threshold of 0.593 for a statistically distributed two-dimensional
square lattice (Stauffer and Aharony, 1994). Analogously, in a three-dimensional cubic
lattice the theoretical percolation threshold value is 0.312, which was found to be the
critical volume fraction, at which the strengthening contribution of the α’-martensite
phase was found to become stronger. Unfortunately, it is impossible to carry out 3D
percolation analysis on the real samples. However, it is believed that due to the good
correlation between the theoretical and experimental results in the 2D case, the
correlation exists also in 3D case.
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Occurrence of percolating α’-martensite clusters in (a) horizontal and (b) vertical
directions in micrographs taken parallel with rolling direction and tensile axis (RD)
and in (c) horizontal and (d) vertical directions in micrographs taken transverse to
rolling direction and tensile axis (TD) of EN 1.4318-1 steel tensile strained at strain
rate 3×10-4 s-1 at room temperature

The occurrence of the percolating clusters at the α’-martensite volume fractions below
the percolation threshold is a consequence of two factors: when the percolating phase is
statistically distributed, there obviously exists a probability greater than zero that the
phase percolates at a volume fraction below the threshold value. Furthermore, the
analysed sampling areas had only a limited size, far from infinite or even from the size
of the samples. The width of the micrographs was 143 µm, which is more than three
orders of magnitude less than the size of the tensile test samples. Therefore, the
percolating clusters occurred at lower f α' than would be the case in a larger volume.
However, these features are probably not significant, since the results indicated that the
percolation of the α’-martensite did not deviate significantly from the theoretical values.
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5
5.1

DISCUSSION
Microstructural evolution

The comparison between the ECC imaging results and the measured α’-martensite
volume fractions showed that the appearance of the shear bands always preceded the
onset of the α’-martensite transformation. This is in a good agreement with the
literature suggesting that the nucleation of the α’-martensite occurs only at the shear
band intersections. This view was also supported by the TEM findings. Furthermore, the
appearance of the shear bands and the onset of the α’-martensite transformation
exhibited similar dependence on the chemical composition, deformation temperature,
stress and strain, indicating a close relation between these events.
5.1.1 Formation of shear bands

The ECC imaging results indicated that the extent of shear band formation was
essentially dependent on the chemical composition, strain and stress level, temperature
and strain rate: in the EN 1.4318-1 steel tested at room temperature and in the EN
1.4318-2 steel tested at low temperatures, numerous shear bands appeared at even the
very beginning of the plastic deformation. In contrast, in the EN 1.4301 steel tensile
strained at room temperature and in the EN 1.4318-2 steel strained at higher
temperatures the shear bands could be observed only after a certain strain and stress
level. It is well known that the formation of the shear bands is closely related to the
SFE. As the SFE is dependent on chemical composition and temperature, the observed
variation in the shear band formation may be attributed to the compositional and
temperature dependence of the SFE. Recently, also the influence of the applied stress on
the stacking faults has been discussed (Byun, 2003). Here, Byun’s model (equation 10)
was used in order to explain the shear band formation.
The analysis was based on the hypothesis that the appearance of the shear bands
extending through the austenite grains, observed by the ECC imaging, corresponds to
the situation where the stacking faults become unstable and diverge due to the applied
stress, as predicted by Byun’s model. Thus, even a single wide stacking fault was
regarded as a shear band, and the overlapping process of the stacking faults was not
considered. By using the SFEs determined by the XRD (Table 7) as input values, the
curves presented in Figures 63 and 64 showing the stacking fault width as a function of
external tensile stress were obtained. Figure 63 shows the calculation results for the EN
1.4318-1 and EN 1.4301 steels at room temperature. Figure 64 illustrates the effect of
temperature on the stress-dependence of the stacking fault width in the EN 1.4318-2
steel. The influence of temperature on the SFEs was taken into account by using the
temperature coefficient of 0.1 mJ/m2K, typical of the austenitic stainless steels of low
alloy content as shown in Table 1. The curves were calculated by using the highest
possible Schmid factor of 0.5. The angles θ1 and θ2 were assumed to be -30° and 30°,
respectively, corresponding to a perfect screw dislocation possessing the highest
possible stress effect. Hence, the results shown in Figures 63 and 64 represent the width
of the stacking faults in the most favourably oriented slip systems, and the stresses
correspond to the lowest stress level at which the shear bands extending through the
austenite grains should appear. The results predicted that the diverging of the stacking
faults occurred in all cases at a stress level between 200 and 600 MPa. Following the
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hypothesis made above, the shear bands extending through the austenite grains should
appear only in the samples that were stressed above the critical stress levels. This may
be assessed by examining the ECC images presented in section 4.6.
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Calculated stacking fault width as a function of applied tensile stress in EN 1.43182 steel at various temperatures

Numerous densely spaced intersecting shear bands appeared in all studied tensile
strained EN 1.4318-1 steel samples (Figures 45 and 46). Accordingly, the flow stress
was in all cases higher than the calculated critical stress of about 350 MPa. With the EN
1.4301 steel, the formation of shear bands was clearly dependent on the plastic strain
and flow stress. No shear bands were present after the plastic strain of 0.05 (Figure
47a). At this strain, the corresponding flow stress was 466 MPa, i.e., below the
calculated critical stress of 480 MPa. At the plastic strain of 0.09, corresponding to the
flow stress of 582 MPa exceeding the critical value, the SEM examination showed that
shear bands were present in some grains (Figure 47b). Furthermore, at the higher strains
and flow stresses (Figures 47c and d), the number of shear bands increased, and also
intersecting shear bands appeared, indicating the activation of the slip systems of lower
Schmid factors.
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The effect of stress on the shear band formation could be observed also when comparing
samples of the EN 1.4301 steel deformed at different strain rates, as the flow stress
increased with increasing strain rate. Whereas after 0.05 plastic strain at 3×10-4 s-1 no
shear bands were present, after the same amount of plastic deformation at 200 s-1 shear
bands appeared in the microstructure (Figure 48a). Since the flow stress corresponding
to 0.05 true plastic strain at 3×10-4 s-1 was 466 MPa and at 200 s-1 600 MPa, it seems
that the high strain rate promoted the shear band formation by increasing the flow stress.
An excellent correlation between the calculations and the observed microstructures was
found also for the EN 1.4318-2 steel strained at different temperatures. As shown in
Figure 49, at the true plastic strain of 0.05 well-defined shear bands appeared only at
-40 and 0°C. In these cases the corresponding flow stresses were 498 and 496 MPa,
respectively. Comparison with the calculation results presented in Figure 64 reveals that
the flow stresses were significantly higher than the calculated critical stresses for
stacking fault instability at these temperatures. At +24 and +40°C the calculated stresses
and flow stresses were close to each other. Consequently, only weak traces of the shear
bands could be seen. At +80°C the calculated stress (550 MPa) was substantially higher
than the flow stress (419 MPa). Correspondingly, no shear bands were observed.
The deformation microstructures of the EN 1.4318-2 steel deformed at +80°C to several
strain levels were shown in Figure 50. At +80°C the calculated critical stress for the
instability of the stacking faults was about 550 MPa, corresponding to the true strain of
0.12. Again, an excellent correlation between the calculation and observed
microstructures was found. The shear bands appeared only at strain levels higher than
0.2, whereas at the strains of 0.05 and 0.09 no shear bands could be observed.
The stress acting on the partial dislocations is affected not only by the orientation of the
slip system. Also local stress concentrations are present in the microstructure, which
may be caused by, for instance, grain boundaries, dislocation pile-ups and annealing
twins. The presence of the stress concentrations may cause deviation from the behaviour
predicted by the above analysis. Furthermore, the XRD measurements, as well as the
estimation of the effect of temperature on the SFE, involve uncertainty. However, as the
significant number of the samples studied exhibited consistent behaviour, the results
seem to be representative. Furthermore, the ECC imaging technique enabled to study
large areas of the samples, which allowed obtaining a representative picture of the
deformation microstructures.
5.1.2 Structure of shear bands

The above discussion considered only the behaviour of single extended dislocations and
stacking faults. Therefore, it is unable to explain the overlapping process of the stacking
faults, which is obviously essential in terms of the generation of the nucleation sites for
the α’-martensite. Furthermore, with the ECC imaging it was not possible to distinguish
between the stacking fault bundles, ε-martensite and the mechanical twins, which is an
important limitation. However, the X-ray diffraction measurements indicated that the εmartensite formation was favoured by low alloying and low temperature, both
decreasing the stacking fault energy of the steel. Therefore, the results demonstrate that
the low SFE promotes the overlapping of the stacking faults on every second {111}
plane, resulting in the formation of more perfect ε-martensite phase. The role of the SFE
can be rationalised by equation 6, which divides the SFE in surface and volume energy
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components. The surface energy term has been estimated as about 20 mJ/m2 (Olson and
Cohen, 1976b; Miodownik, 1978), which is more than the measured SFEs of the studied
steels. Therefore, if the strain energy contribution is neglected, the chemical free-energy
difference between the FCC and HCP phases ∆Gγ→ε was negative for all the studied
steels, the EN 1.4318-2 steel at +80°C being an exception with SFE=20.3 mJ/m2. As the
HCP phase is thermodynamically more stable than the austenite, the stacking faults tend
to overlap on every second {111} plane in order to form perfect ε-martensite and
minimise the surface energy of the faults. Therefore, the higher chemical driving force
was available (i.e., the lower was the SFE), the more perfect ε-martensite was formed. It
is, however, noteworthy that the ε-martensite reflections were in all cases very broad,
even much broader than the 110 reflections of the α’-martensite located at almost equal
2θ angles (Figure 26). This indicates that the ε-martensite was very highly faulted and
finely dispersed.
The TEM investigation limited only to the EN 1.4318-1 steel did not reveal the presence
of mechanical twins, and the other experimental techniques used were unable to
distinguish the twinning. However, twinning probably did not occur in the present
experiments. The tendency to the mechanical twinning may be assessed by equation 12.
If we assume that (see explanations for the input data in section 1.2.5) γ0=2σ(n)=20
mJ/m2, x=0.5 (Lecroisey and Pineau, 1972), G=77.4 GPa, b=1.47 Å and ξ=0.01 (Olson
and Cohen, 1976b), the twinning should occur only when the SFE is higher than about
30 mJ/m2 within the stress range relevant to the studied steels. As the measured SFEs of
the test materials were significantly lower than 30 mJ/m2, it is reasonable to conclude
that the twins were not observed, and the shear bands found by ECC imaging consist
mainly of bundles of overlapping stacking faults and ε-martensite.
5.1.3 Formation of strain-induced α’-martensite

It is well established that in austenitic stainless steels the shear band intersections act as
the nucleation sites of the α’-martensite phase. The results of the present study
supported the view that the formation of the shear bands and α’-martensite are directly
interlinked, since the presence of the shear bands always preceded the formation of the
α’-martensite. Also the optical and electron microscopy studies demonstrated that the
α’-martensite nucleated at the shear band intersections. Therefore, it is reasonable to
compare the stress-dependence of the stacking fault width (Figures 63 and 64) and the
stress-dependence of the α’-martensite transformation, presented in Figures 22 and 23.
For all steels and deformation temperatures, there was a certain stress level above which
the strain-induced α’-martensite transformation occurred. Obviously, the stress level
corresponding to the onset of the α’-martensite transformation was higher than the
stress level at which the shear bands appeared in the most favourably oriented slip
system. However, qualitatively the dependencies were equivalent.
According to the α’-martensite nucleation mechanisms suggested by Olson and Cohen
(1972; 1976b), Lecroisey and Pineau (1972), Suzuki et al. (1977) and Brooks et al.
(1979a; 1979b), the necessary condition for the α’-martensite nucleation is the
formation of a shear band on one austenite {111} plane, and the activation of the other
intersecting austenite {111}<110> slip system. Furthermore, dissociation of the perfect
dislocations and significant piling-up of the Shockley partial dislocations is necessary
before the partial dislocations can penetrate through the shear band. Consequently, it is
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evident that a higher stress is needed for the nucleation of the α’-martensite compared
to the formation of the shear bands. However, quantitative estimation of the stress level
is difficult.
In the tests carried out at the lowest strain rate, the maximum transformation rate
occurred consistently at f α'=0.3. Apparently, this feature is related to the decreasing
volume fraction of the austenite phase, which leads to the reduction in the volume
fraction of the nucleation sites against the volume of the aggregate. Unfortunately,
accurate and representative quantification of the shear bands is impossible. However,
the dislocation density measurement results of the austenite phase should at least
qualitatively reflect the number of shear bands and shear band intersections, as the
presence of the stacking faults and dislocations is directly interlinked (the stacking
faults are a result from the dissociation of the perfect dislocations). Figure 65 shows the
dislocation density of the austenite per unit volume of the aggregate ρAGG, defined as:
ρ AGG = ρ(1 − f α ' ) ,

(63)

determined by the IBM as a function of α’-martensite volume fraction in the EN
1.4318-1 and EN 1.4318-2 steels tensile strained at 3×10-4 s-1. Although the dislocation
density per unit volume of the austenite kept increasing with increasing plastic strain
and f α' (Figure 30), the plots shown in Figure 65 clearly demonstrate that ρAGG
decreased at higher α’-martensite volume fractions. Due to the limited number of data
points the exact locations of the maxima in the ρAGG-f α' plots were difficult to define.
However, the maxima seemed to be located at about f α'=0.3-0.4, thus, corresponding
well with the location of the transformation rate maxima.
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Dislocation density of the austenite per unit volume of the aggregate in
EN 1.4318-1 and EN 1.4318-2 steels tensile strained at 3×10-4 s-1 as a function of
α’-martensite volume fraction

Furthermore, the percolation of the α’-martensite phase and the associated increasing
contribution of the α’-martensite to the flow stress may affect the plasticity of the
austenite and the generation of the shear bands in such a manner that the α’-martensite
transformation rate is reduced. The flow stress of the austenite measured by XRD
showed a decreasing slope with increasing ε and f α' (Figure 42). This may also affect
the nucleation of the α’-martensite, as the nucleation mechanism is essentially stressdependent.

98
5.1.4 Effect of temperature on strain-induced α’-martensite
transformation

The effect of temperature on the strain-induced α’-martensite transformation was
studied on the EN 1.4318-2 steel within the temperature range of -40…+80°C. The
transformation was found to be suppressed with increasing temperature. The present
results indicate that the temperature dependence (as well as the compositional
dependence) of the austenite stability is mainly accounted by the compositional and
temperature dependence of the stacking fault energy. The results discussed above
demonstrated that the tendency to the shear band formation and the generation of the
energetically favourable nucleation sites for the α’-martensite was determined by the
SFE. Furthermore, the extensive shear band formation always preceded the onset of α’martensite formation, and the onset of both shear band and α’-martensite formation
showed a similar dependence on the temperature and composition. Although the shear
band formation was greatly affected by the temperature, the α’-martensite volume
fractions always reached high values, reaching almost 1 at the temperatures up to
+40°C. Therefore, once the generation of the nucleation sites started, this was followed
by the nucleation of the α’-martensite. This indicates that a significant chemical driving
force ∆Gγ→α’ was available also at the higher temperatures and that ∆Gγ→α’ was not
significantly affected by the temperature. Therefore, the temperature dependence of
∆Gγ→α’ probably has only a minor role in determining the austenite stability with the
chemical compositions and temperatures studied.
The role of the shear bands in the formation of α’-martensite can be assessed by
utilising the Olson-Cohen model. Figure 66 shows the parameters of the Olson-Cohen
model (equation 18) presented in Table 6 as a function of temperature.
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Parameters αOC and βOC of the Olson-Cohen kinetic model determined by least
squares fitting from the α’-martensite volume fraction data of EN 1.4318-2 steel

Parameter αOC, corresponding to the rate of the shear band formation, decreased with
increasing temperature. By a linear extrapolation it would have reached zero at about
+95°C. Recalling equation 10, and by assuming the SFE at +95°C as 22 mJ/m2, the
critical stress for the onset of shear band formation would be 600 MPa, if the Schmid
factor of 0.5 was used. However, since the nucleation of α’-martensite requires the
presence of intersecting shear bands, a lower Schmid factor must be used. If the
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reciprocal of the Taylor factor (0.326) is used, the calculation results in the critical stress
of 900 MPa. By taking into account the decreasing flow stress with increasing
temperature (Figure 16), the flow stress corresponding to the uniform elongation at
+95°C would be about 900 MPa. Therefore, +95°C seems to be the temperature at
which the combination of the SFE and applied stress can no longer lead to the
generation of energetically favourable nucleation sites for the α’-martensite, and the α’martensite transformation is entirely prevented. This occurs although the behaviour of
the parameter βOC, proportional to the probability of the α’-martensite nucleation, does
not predict a significant decrease in the nucleation probability. In fact, the parameter
βOC, although exhibiting a high error, had the highest value at +80°C, which is contrary
to the previous findings (Olson and Cohen, 1975; Hecker et al., 1982) indicating that
βOC goes to zero with increasing temperature.
The rate of the strain-induced α’-martensite transformation was greatly affected by the
deformation temperature, as shown in Figure 21. With the increasing temperature the
maximum of the transformation rate was delayed to a higher strain level and the
maximum value decreased. This feature cannot be explained by Byun’s model, or by the
above discussion. The rate of the α’-martensite transformation is probably governed by
the combination of the SFE and chemical driving force ∆Gγ→α’. As suggested by
equation 15 and by Staudhammer et al. (1983), an α’-martensite embryo has the critical
size of about 57 Å, corresponding to a layer of 27 austenite {111} planes. Therefore,
significant overlapping of the stacking faults must occur before the nucleation of the α’martensite. As the SFE increases with the increasing temperature, the probability of the
formation of the shear bands of appropriate thickness and structure decreases (Olson
and Cohen, 1972). Consequently, the rate of generation of the nucleation sites for the
α’-martensite decreases. Both the XRD results indicating the decreasing formation of εmartensite with increasing temperature and the Olson-Cohen results presented above
support this view.
On the other hand, the chemical driving force affects the critical embryo size through
equation 15. The variation of the critical embryo size with temperature was assessed by
calculating the ∆Gγ→α’ as a function of temperature. This was done according to Breedis
and Kaufman (1971) for two ternary Fe-Cr-Ni alloys. The compositions
17.5%Cr/6.6%Ni and 18.2%Cr/8.1%Ni were used, corresponding to the alloys used in
this study. The input data was taken from Breedis and Kaufman (1971) and Kaufman
(1966). The calculation results are shown in Figure 67. The results (Figure 67a)
predicted higher negative values of ∆Gγ→α’ compared to -1260 J/mole used by Olson
and Cohen (1976b) and Staudhammer et al. (1983). Consequently, the calculated
critical embryo sizes at room temperature were 12 and 14 atom planes for the analysed
compositions, respectively, and smaller than the 27 planes estimated by Staudhammer et
al. (1983). Both ∆Gγ→α’ and the critical embryo size exhibited a linear temperature
dependence. For instance, for the 17.5%Cr/6.6%Ni alloy (corresponding to the EN
1.4318 steel) the calculation predicted that the critical embryo size increases from 12 to
16 overlapping {111} planes, when the temperature increases from -40°C to 80°C.
Based on the analysis, it is difficult to assess whether it is the SFE or ∆Gγ→α’ that has the
most significant effect on the α’-martensite transformation rate. However, an important
result is that although ∆Gγ→α’ decreases with increasing temperature, it still has a
significant magnitude at the higher temperatures. Therefore, although the temperature
affects the nucleation of the α’-martensite through the chemical driving force by
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affecting the critical embryo size, the effect of temperature on the SFE seems to be more
critical, since it defines the rate of the generation of the nucleation sites. If the
generation of the nucleation sites is prevented by the increasing SFE, no transformation
will take place in spite of the existence of a significant chemical driving force ∆Gγ→α’.
-1600

17.5Cr%/6.6%Ni
-2400
-40

-20

0
20
40
Temperature (°C)

60

12

n

-2200

(atom planes)

-2000

16

CR

18.2Cr%/8.1%Ni

∆G

γ−α'

(J/mol)

-1800

18
18.2Cr%/8.1%Ni

14

17.5Cr%/6.6%Ni

80

10
-40

-20

0
20
40
Temperature (°C)

80

(b)

(a)
Figure 67

60

γ→α’

Effect of temperature on (a) chemical driving force ∆G
size nCR of α’-martensite phase in two Fe-Cr-Ni alloys

and (b) critical embryo

5.1.5 Effect of strain rate on strain-induced α’-martensite transformation

The tensile test results of the EN 1.4318-1 steel showed that the α’-martensite
transformation was suppressed by the increasing strain rate. This was manifested by the
decreasing transformation rate and by the shift of the transformation rate maximum to a
higher strain level. An opposite effect was observed with the EN 1.4301 steel, in which
the transformation was promoted at low strains at 200 s-1. However, the effect was weak
and at the high strains the transformation was clearly suppressed at the high strain rates.
According to the temperature measurements carried out during the tensile tests at the
strain rate of 10-1 s-1, the maximum temperature increases due to the adiabatic heating
were 80 and 40 K for the EN 1.4318-1 and EN 1.4301 steels, respectively.
There are three ways by which the increased strain rate may affect the strain-induced
α’-martensite transformation: 1) by decreasing the chemical driving force ∆Gγ→α’ of the
transformation due to the adiabatic heating, 2) by increasing the SFE due to the
adiabatic heating, or 3) by enhancing the shear band formation and α’-martensite
nucleation due to the increased flow stress. In literature, the first explanation seems to
be the most widely accepted (Powell et al., 1958; Bressanelli and Moskowitz, 1966;
Neff et al., 1969; Livitsanos and Thomson, 1977; Hecker et al., 1982; Ferreira et al.,
2004).
The data shown in Figure 67 can be used to assess the effect of the adiabatic heating on
the chemical driving force ∆Gγ→α’. It appears that although according to the calculations
∆Gγ→α’ exhibited clear temperature dependence, overall the change was not large. The
change in ∆Gγ→α’ of the EN 1.4318-1 steel caused by the adiabatic heating would be
about 300 J/mol, corresponding only a 15% decrease in the chemical driving force. This
is not believed to account for the significant reduction of the α’-martensite
transformation at the high strain rates. Instead, the effect of the adiabatic heating on the
SFE seems to be far more important. Figure 68 illustrates the effect of the adiabatic
heating on the SFEs of the EN 1.4318-1 and EN 1.4301 steels tensile strained at 10-1 s-1.
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The curves were obtained by using the temperature measurement results presented in
Figure 15 and the temperature coefficient of 0.1 mJ/m2K. Evidently, the SFE increased
rapidly with increasing plastic strain and temperature. Especially significant was the
increase of the SFE in the metastable steel showing higher adiabatic heating and lower
SFE at room temperature.
22

2

SFE (mJ/m )

20
18
16
14
12
0.0
Figure 68

EN 1.4318-1
EN 1.4301
0.1
0.2
0.3
True plastic strain

0.4

Effect of adiabatic heating on the stacking fault energies of EN 1.4318-1 and EN
1.4301 steels at the strain rate of 10-1 s-1 as a function of true plastic strain

Recalling the discussion in the previous section, the increasing SFE due to the adiabatic
heating decelerates the overlapping process of the stacking faults and, thus, hinders the
formation of the nucleation sites for the α’-martensite. As the critical embryo size at the
same time increases due to the decreasing chemical driving force, the transformation
rate is reduced. However, when considering the high speed deformation the situation is
rather different compared to the deformation occurring at constant temperature. For
instance, in the unstable EN 1.4318-1 steel large number of shear bands formed in the
beginning of the deformation, since the SFE remained relatively constant at the low
strains. When the strain and heating increased, the SFE increased significantly and the
overlapping process was impeded. However, due to the high number of shear bands
formed in the beginning of the deformation, the α’-martensite transformation was still
able to proceed, but the transformation rate was reduced. With the EN 1.4301 steel the
strain-induced α’-martensite transformation was almost entirely prevented at the high
strain rates. This was probably related to the fact that even at the lowest strain rate,
representing the isothermal condition, significant shear band formation and α’martensite transformation occurred only at strains above 0.2. At the high strain rates the
adiabatic heating at this strain level was already so significant that the increase in the
SFE and the decrease in the chemical driving force were enough to prevent the
transformation entirely.
So far, only the adiabatic heating of bulk material has been considered. However,
locally higher temperatures may occur if the strain rate is high. For instance, for the EN
1.4318-1 steel ∆Gγ→α’ was about -2100 J/mol. By taking into account the strain energy
component of 500 J/mol (Olson and Cohen, 1976b), the transformation from the
austenite to the α’-martensite involves a free-energy release of -1600 J/mol. This energy
is converted to heat, which leads to an abrupt local heating of 57 K, if the density is
estimated as 7900 kg/m3 and the specific heat as 500 J/kgK. Therefore, if numerous α’martensite embryos are repeatedly nucleated in the vicinity of each other, this may lead
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to locally higher temperature increases than measured macroscopically. This probably
efficiently restricts further growth of the α’-martensite. Another feature not taken into
account so far is related to the non-homogeneous nature of the plastic deformation of
the metastable steel grades. At the low α’-martensite volume fractions the plastic
deformation is believed to take place mainly in the austenite phase. Therefore, the local
heating of the austenite phase differs from the macroscopic behaviour shown in Figure
15. Furthermore, in the austenite phase the slip activity is concentrated to the shear
bands, which may exhibit locally higher heating than the bulk austenite. Therefore, the
local effects of the adiabatic heating may be more pronounced than the bulk heating
discussed above.
Beyond the adiabatic heating, also the direct effects of the high strain rate and the
associated higher flow stress on the microstructural evolution have been discussed in
literature. Staudhammer et al. (1980), Hecker et al. (1982) and Murr et al. (1982) found
the high strain rate to promote the shear band formation and the strain-induced α’martensite transformation in AISI 304 steel, but did not explain the mechanism. In the
present work the EN 1.4301 steel was found to exhibit similar characteristics at low
strains at the strain rate of 200 s-1. However, the effect was negligibly small and had no
observable influence on the mechanical behaviour. Furthermore, in the EN 1.4318-1
steel no distinguishable effect of the strain rate on the shear band formation was found.
It seems that the higher tendency to the shear band and α’-martensite formation at the
high strain rate is explained in terms of higher the flow stress promoting the instability
of the stacking faults, which promotes the formation of the nucleation sites. The strain
rate has the most pronounced effect on the shear band formation when the value of SFE
is such that the shear bands are not formed at the early stages of the deformation at a
low strain rate. Increasing the strain rate in this condition rises the flow stress above the
critical level, which enhances the formation of shear bands and the α’-martensite phase.
This effect is probably present only at the early stages of deformation, when the
adiabatic heating remains low.
Ferreira et al. (2004) found high strain rate (order of 103 s-1) to promote the formation of
the ε-martensite and stacking faults (i.e., shear bands). This was explained in terms of
the lower energy barrier to nucleate the partial dislocation loops and the higher mobility
of the partial dislocations at the high strain rate compared to perfect dislocations.
However, the analysis ignored the formation of the partial dislocations even
spontaneously according to Frank’s rule in low SFE austenitic stainless steels. This is
observed from the TEM micrographs presented in section 4.7, as well as from numerous
TEM investigations published in literature. Therefore, most probably the behaviour of
the partial dislocations under applied stress and the SFE itself control the formation of
wide stacking faults and ε-martensite, and not the nucleation of the partial dislocations.
5.2

Effect of microstructural evolution on mechanical properties

The results of the tensile tests and the phase identification indicated that the straininduced α’-martensite transformation and the mechanical response of the studied steels
were closely interlinked. The work-hardening rate deviated from the regular
continuously decreasing trend, typical of single phase metals and alloys, due to the
strain-induced α’-martensite transformation. Furthermore, a correspondence between
the rate of the α’-martensite transformation and the work-hardening rate was found, and
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it was found to be independent on the chemical composition and experimental
conditions. Therefore, the present discussion concentrates mainly to the role of the α’martensite phase in the mechanical response.
5.2.1 Effect of α’-martensite transformation on work-hardening rate

The unstable EN 1.4318-1 steel showed a similar work-hardening abnormality (Figure
13) as previously reported in literature (Huang et al., 1989; Fang and Dahl, 1991; De et
al., 2006). The EN 1.4318-2 steel tested at different temperatures showed that the workhardening behaviour was strongly dependent on the temperature, and that the
abnormality disappeared as the temperature increased (Figure 17). According to the
results, this correlated closely with the observed changes in the austenite stability,
emphasising the close relation between the work hardening and the strain-induced α’martensite transformation.
Based on the results, the work-hardening sequence of an unstable austenitic stainless
steel grade may be divided in four stages. The work-hardening stages are illustrated in
Figure 69, which presents the work-hardening rate of the EN 1.4318-2 steel strained at
+24°C at the strain rate 3×10-4 s-1 as a function of true strain. The corresponding α’martensite volume fractions are shown with red circles and dashed line. In the
following, each work-hardening stage will be discussed in detail.
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Stage I
During the stage I the work-hardening rate decreased rapidly. In fact, the WHR of the
unstable EN 1.4318-1 steel reached considerably lower values than that of the stable EN
1.4301 steel after equivalent plastic strain. In the EN 1.4318-2 steel the minimum WHR
was essentially dependent on the temperature and the extent of the α’-martensite
transformation: the lowest work-hardening rates were found at the lowest temperatures,
where the α’-martensite transformation rate was the highest.
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The rapidly decreasing WHR during the stage I has been related to the rapid formation
of ε-martensite by Reed and Guntner (1964) and recently by De et al. (2006). The
softening effect was explained by the appearance of the highest amount of ε-martensite
in conjunction with the WHR minimum. A similar conclusion could be drawn from the
present results. However, this explanation seems to conflict with the elementary
dislocation theory. The formation of ε-martensite is directly related to the formation of
stacking faults and Shockley partial dislocations, which are unable to cross-slip.
Furthermore, the stacking faults and ε-martensite should rather act as obstacles for the
slip than to provide an easy mode of deformation. Therefore, the formation of the
stacking faults and ε-martensite should rather increase than decrease the workhardening rate. Suzuki et al. (1976; 1977) also questioned the explanations related to the
ε-martensite formation, and suggested that the low WHR is related to the nucleation of
the α’-martensite at the shear band intersections. Thus, the nucleation provides a
mechanism, referred to as the window effect, by which two shear bands, which
otherwise would be barriers to each others, can intersect easily. This was proven by insitu TEM experiments on AISI 304 steel. In more general terms, the α’-martensite
nucleation has been suggested to cause a dynamic softening effect due to the α’martensite transformation strain, i.e., by the operation of the phase transformation as a
competing deformation mechanism (Narutani et al., 1982; Olson and Cohen, 1986;
Huang et al., 1989). In terms of thermodynamics, the dynamic softening effect may be
understood as the external load needed to deform the material was facilitated by the
chemical driving force of the α’-martensite transformation. The present results indeed
indicate that the stage I is related to the onset of the α’-martensite formation, as shown
in Figures 13 and 18 (EN 1.4318-1 steel) and Figures 17 and 19 (EN 1.4318-2 steel).
The minimum WHR was always reached, when f α' was about 0.05.
Based on the experimental evidence, Narutani et al. (1982) suggested that the dynamic
softening contribution σS due to the α’-martensite transformation is proportional to rate
of the α’-martensite transformation df α'/dε. Accordingly, the softening rate dσS/dε due
to the transformation is proportional to d2f α'/dε2. This can be proven by a simple
consideration as follows. If the plastic deformation is aided by the chemical driving
force ∆Gγ→α’, the external work needed to induce the deformation is decreased by σSdε.
Therefore, provided that the softening contribution due to ∆Gγ→α’ is assumed to be
constant, the relation between the reduction in the mechanical work and the transformed
volume fraction is:
− σ S dε ∝ ∆G γ →α ' df α ' .

(64)

By rearrangement and differentiating the following relation is obtained:
−

dσ S
d 2 f α'
∝ ∆G γ →α '
,
dε
dε 2

(65)

which verifies the experimental findings of Narutani et al. (1982). Figure 70 shows the
comparison between the WHR and the second derivatives of the f α'-ε curves of the EN
1.4318-2 steel presented in Figure 19. An excellent correlation between both the
location and magnitude of the maximum d2f α'/dε2 and minimum WHR was found. The
minimum WHR was in all cases reached slightly before the maximum d2f α'/dε2. This is
probably because the increasing α’-martensite volume fraction causes an increasing
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dispersion hardening effect, which is not taken into account in the above treatment.
Therefore, the minimum WHR, i.e., the shift from stage I to II occurs when the
combination of the dynamic softening and hardening effects of α’-martensite reaches
the lowest value.
dσ/dε (MPa)

5000

2 α'

d ƒ /dε

2

400
0
200
2 α'

d ƒ /dε
0
0.0

Figure 70

0.1

0.2 0.3 0.4
True strain

0.5

dσ/dε (MPa)

600

2

-40°C
0°C
+24°C
+40°C
+80°C

-5000
0.6

Comparison of work-hardening rates and second derivatives of the f α'-ε curves of
EN 1.4318-2 steel tensile strained at strain rate 3×10-4 s-1

Evidence of the softening effect was obtained also from the σ vs. ρ1/2 plots presented in
Figures 38 and 39. The unstable EN 1.4318-1 steel showed lower slope than that of the
stable EN 1.4301 steel when f α'<0.3, i.e., at a given dislocation density the unstable
steel showed lower flow stress.
Stage II
The shift from the stage I to the stage II, corresponding to the minimum work-hardening
rate, occurred always slightly after the onset of the α’-martensite transformation, at
about f α'=0.05. This feature could be observed even with the stable EN 1.4301 steel at
the lowest strain rate, where the WHR minimum occurred at the true strain of 0.42
(Figure 14). As discussed above, the stage I is characterised by the dynamic softening
effect due to the α’-martensite transformation. The stage II involving the increasing
WHR, therefore, begins when the strengthening effect of the α’-martensite phase starts
to dominate the work hardening. The results of the present investigation indicate that
the α’-martensite increases the flow stress and the work-hardening rate of an austeniteα’-martensite aggregate by two mechanisms:
1. When the α’-martensite volume fraction remains below the percolation threshold
(f α'=0.3), the microstructure consists of hard α’-martensite dispersions or clusters
mounted in a softer austenite matrix. Due to the non-homogeneous plastic
deformation, the dislocation generation in the austenite is enhanced, which was well
evidenced by the XRD dislocation density measurements. The enhanced dislocation
generation gives a rise in the flow stress and work-hardening rate. This mechanism
is believed to be operative during the stage II.
2. When the α’-martensite volume fraction exceeds the percolation threshold, the α’martensite forms a percolating cluster extending through the whole aggregate, which
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further increases the work hardening. This mechanism is believed to be operative
during the stage III.
The calculated density of the geometrically necessary dislocations in the austenite phase
of the EN 1.4318-1 steel correlated well with the measured dislocation density (section
4.8.3). The contribution of the dislocation generation in the austenite to the flow stress
may be assessed by remembering that the flow stress is related to the square root of the
dislocation density (equation 50). Thus, the work-hardening rate contribution due to the
generation of the geometrically necessary dislocations may be assessed based on ρG
with equation 50. The slope α0Gb=1.937×10-5 obtained from XRD broadening analysis
(Figure 38) was used in the calculation. The work-hardening rate, plotted with red dots
in Figure 71, was then obtained by numerical differentiation of the calculated stress
against the true plastic strain. The calculated WHR showed similar behaviour as the
transformation rate (Figure 20), and therefore, its maximum was located at about
f α'=0.3, corresponding to the percolation threshold of the α’-martensite. Furthermore, a
rather good correlation between the measured and calculated work-hardening rates was
observed during the stage II. The work-hardening rate of the two-phase aggregate,
however, continued to increase further when the percolation threshold of f α' was
exceeded. Therefore, the results indicate that the work-hardening rate is dominated by
the generation of the geometrically necessary dislocations only up to the percolation
threshold of the α’-martensite, after which another mechanism must account for the
increasing WHR.
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Stage III
The onset of the stage III is related to the formation of a percolating cluster of the α’martensite. This occurs when the α’-martensite volume fraction exceeds the percolation
threshold of 0.3. The percolation of the α’-martensite phase was well illustrated by the
image analysis carried out on the optical micrographs. The formation of the percolating
cluster became evident also in the σ-(f α')1/2 and σ-ρ1/2 plots (Figures 24 and 38,
respectively), which exhibited an abrupt change in the slope at the stress level
corresponding to the percolation threshold. After exceeding the percolation threshold
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also the stress level in the austenite phase deviated significantly from the macroscopic
stress (Figure 42). These features indicate that above the percolation threshold the flow
stress is no longer determined by the dislocation density of the austenite phase alone.
The strengthening effect of the α’-martensite phase above the percolation threshold may
be understood as follows. Once a percolating cluster is formed, it extends through the
whole body. Thus, the plastic deformation of the aggregate can no longer be fully
accommodated by the plasticity of the austenite, but also the α’-martensite must
deform. As the α’-martensite phase possesses higher dislocation density and yield
strength compared to those of the austenite, it is reasonable that the external load needed
to deform the aggregate increases rapidly after the formation of the percolating cluster.
Furthermore, as the α’-martensite volume fraction further increases, the strength of the
α’-martensite cluster increases. Correspondingly, the work-hardening rate keeps on
increasing with the increasing f α'.
Although the contribution of the α’-martensite on the flow stress becomes more and
more dominant as its volume fraction increases, the austenite phase undergoes
significant plastic deformation even at high α’-martensite volume fractions. This is
supported by two observations: 1) the austenite showed markedly larger change in the
dislocation density with increasing plastic strain, indicating the occurrence of the plastic
deformation, and 2) the generation of the geometrically necessary dislocations in the
austenite phase correlated well with the measured dislocation densities. The behaviour
of the austenite before and after the percolation threshold of the α’-martensite is well
illustrated in Figure 72, which shows the comparison of the applied macroscopic stress
and the stress in the austenite phase measured with XRD as a function of ρ1/2 of the
austenite. The stress level in the austenite was lower due to the stress relaxation that
occurred during the in-situ stress measurements. However, an excellent linear fit
between the dislocation density and the stress level in the austenite phase was found,
and the plot representing the macroscopic stress deviated from the linear trend at the
point at which f α' exceeded 0.3.
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Stage IV
The onset of the work-hardening stage IV was associated to the maximum workhardening rate, and during the stage IV WHR decreased. At the strain rate 3×10-4 s-1 the
shift from the stage III to IV occurred when the α’-martensite volume fraction reached
0.6-0.7. This was valid for both the EN 1.4318-1 and EN 1.4318-2 steels at all
deformation temperatures. One might attribute this to the 2D percolation threshold of
the α’-martensite (f α'=0.593), or to the 3D percolation threshold of the austenite (f α'=10.312=0.688). In any case, at high volume fractions the role of the deformation of the
α’-martensite phase in accommodating the shape change of the aggregate becomes
more and more important. This was also indicated by the XRD stress analysis, which
showed that the stress level in the α’-martensite and the macroscopic stress coincided at
about f α'=0.7, corresponding to the 3D percolation threshold of the austenite phase.
Latest at this point the plastic deformation of the aggregate becomes dominated by the
plasticity and dynamic recovery of the α’-martensite phase, and the material behaviour
starts to resemble the behaviour of a single phase material again. Accordingly, the
work-hardening rate starts to decrease.
However, the above discussion applies only to the isothermal conditions. At the high
strain rates the stage IV started in the EN 1.4318-1 steel prematurely, i.e. at the α’martensite volume fractions much less than 0.7. The behaviour is probably related to the
adiabatic heating that decreased the rate of the α’-martensite transformation. As
according to the results the transformation rate affected directly the WHR, the
decreasing transformation rate caused the WHR to decrease. When only little α’martensite was formed, as in the EN 1.4301 steel at room temperature and in the EN
1.4318-2 steel at +80°C, the stage IV did not exist at all, because the plastic instability
occurred before the WHR exhibited any decrease.
5.2.2 Effect of shear bands on work-hardening rate

The strain-induced α’-martensite transformation in austenitic stainless steels is
interlinked to the formation of shear bands (i.e., stacking faults, ε-martensite, twins).
Therefore, when assessing the effect of the α’-martensite phase on the mechanical
response, one must be aware of taking into account the influence of the shear bands. It
has been suggested that the formation of the stacking faults, ε-martensite and twins
alone enhance the work hardening of austenitic Co-Ni-Cr-Mo (Rémy and Pineau, 1976)
and Fe-Mn-Cr-C alloys (Rémy and Pineau, 1977), as well as the work hardening of
austenitic stainless steels (Müllner et al., 1993; 1994; Byun et al., 2004). The
strengthening mechanism was explained in terms of the ε-martensite platelets and twins
acting as strong glide obstacles, thus, increasing the work-hardening rate. However, this
mechanism is believed not to be operative in the case of metastable austenitic Cr-Ni
stainless steels. As suggested by several authors (Lecroisey and Pineau, 1972; Suzuki et
al., 1976; 1977; Brooks et al., 1979a; 1979b), the nucleation of the α’-martensite is the
mechanism, which allows the slip to propagate through the intersecting shear bands. As
the process is aided by the chemical free-energy difference ∆Gγ→α’, the combined
formation of the shear bands and α’-martensite initially rather eases the evolution of the
plastic deformation, as discussed in section 5.2.1. Therefore, the formation of the shear
bands is not believed to enhance the work hardening of the studied steels directly, but
through the generation of the nucleation sites for the hard α’-martensite phase. Indeed,
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in the investigations in which the shear band formation has been reported to enhance the
work hardening, the presence of the α’-martensite has not been reported. In such a case,
the ε-martensite and twins may dominate the work-hardening behaviour, since the
nucleation of the α’-martensite phase does not provide the easy mechanism for the slip
systems to intersect.
5.2.3 Effect of α’-martensite transformation on ductility

The experimental results showed that the uniform elongation of the studied steels was
strongly dependent on the work-hardening rate. The uniform elongation, i.e., the onset
of the plastic instability, is defined according to Considére’s criterion by the balance
between the decrease in the load bearing capacity due to the decreasing cross-sectional
area and the increased strength due to the work hardening. In the derivation of
Considére’s criterion the plastic deformation is assumed to be a constant volume
process. In the present case this was, however, not exactly true, since the α’-martensite
transformation is accompanied by a volume increase of about 2%. However, this effect
was considered to be negligible.
According to the present results, the work-hardening rate was closely related to the α’martensite transformation rate. Thus, it is evident that the high uniform elongation of
metastable austenitic stainless steels is related to the enhanced work hardening due to
the transformation, and not directly to the transformation strain or to the volume change
related to the transformation. In fact, the experimental results showed that the highest
uniform elongations were obtained when relatively low amount of α’-martensite was
formed (e.g., the EN 1.4301 steel strained at room temperature and the EN 1.4318-2
steel at +80°C). The EN 1.4301 steel showed a drastic decrease of the uniform
elongation when the steel was deformed at higher strain rates (Figure 14). This was
clearly related to the suppression of the α’-martensite transformation, which reduced the
work-hardening rate, and made the stress-strain and WHR curves to intersect at a lower
strain. On the other hand, the EN 1.4318-2 steel demonstrated that if the α’-martensite
transformation occurs rapidly in the beginning of the deformation, the work-hardening
rate drops rapidly after reaching the maximum, resulting in a low uniform elongation
(Figure 17). In such a case, the high strain rate increases the uniform elongation, since it
decreases the transformation rate and WHR, and shifts the intersection of the WHR and
stress-strain curves to higher strains. Such a behaviour was exhibited by the EN 1.43181 steel (Figure 13), although the effect was weak.
To summarise, the behaviours of the EN 1.4301 steel at room temperature and the EN
1.4318-2 steel at +80°C seem to correspond to the situation, where the highest uniform
elongation is reached in isothermal conditions. However, increase in the strain rate may
in these cases cause a significant decrease in the elongation. This feature is of a
significant importance, since the strain rates used in any sheet metal forming operations
are much higher than the lowest strain rate used in this study. Therefore, in practice the
deformation is seldom isothermal. According to the results, the metastable steel grades
exhibiting significant strain-induced α’-martensite transformation show lower strainrate dependence of the uniform elongation. However, as illustrated by the isothermal
test results of the EN 1.4318-2 steel, the deformation temperature strongly affects the
uniform elongation of the unstable steels.
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5.3

Subjects of further studies

A variety of experimental techniques utilised in the present study enabled the obtaining
of a representative picture of the tensile deformation behaviour of the metastable
austenitic stainless steels. However, there are several areas where further studies are
desirable.
The temperature dependence of the SFE was in the key role in the analysis of the strain
rate and temperature dependence of the austenite stability. The analysis relied on the
temperature coefficients of the SFE taken from literature. The plausibility of the present
conclusions could be improved by determining the temperature dependence of the SFE
for the studied steel grades.
During the recent years the electron backscatter diffraction (EBSD) has been
increasingly used in the field of materials science. Furthermore, it has been successfully
exploited to study deformation microstructures of metastable austenitic stainless steels
(Gey et al., 2005). The EBSD technique would be a unique tool in examining the
crystallographic features of the shear bands and the α’-martensite phase, as well as the
evolution of the deformation textures, which was omitted in the present study. In
particular, in-situ ECCI and EBSD examination during the plastic deformation would
give an excellent insight into the evolution of the deformation microstructures and
textures.
The transmission electron microscopy study included in this thesis was limited. A more
extensive TEM examination would be useful in order to confirm the findings made with
the other experimental techniques, including the ECCI examination of the
microstructures and the dislocation density and stacking fault energy measurements
carried out with the XRD. It must, however, be noticed that the TEM technique involves
severe limitations. The sample preparation for the TEM is laborious and involves the
risk of affecting or losing microstructural features. Furthermore, the TEM examination
of highly deformed microstructures is difficult or even impossible.
The present thesis concentrated only to the experimental research. However, recently
the plasticity of austenitic stainless steels has been investigated also from the mechanics
point of view. The continuum mechanics modelling would be an alternative approach to
study the mechanisms behind the abnormal work-hardening behaviour, and especially
the role of the dispersion hardening effect and the percolation of the α’-martensite
phase.
The use of the metastable austenitic stainless steels in the sheet metal forming has been
hindered by the lack of reliable constitutive models taking into account the TRIP effect,
which has limited the accuracy of the FEM analysis of the forming process. The
knowledge obtained in the present work is believed to serve as a useful basis for the
further development of the constitutive material models.
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CONCLUSIONS

In this thesis the mechanical properties and microstructural evolution during the plastic
deformation of metastable austenitic stainless steels were studied. The austenitic
stainless steel grades EN 1.4318 and EN 1.4301 were tensile tested at different strain
rates and temperatures. The mechanical response was interlinked with the observed
deformation microstructures. Based on the results, the following conclusions can be
drawn:
1. The onset of the formation of the shear bands in the austenite phase is determined by
the balance between the intrinsic stacking fault energy (SFE) and the resolved shear
stress caused by the applied load.
2. The temperature and chemical composition seem to affect the austenite stability
mainly through their influence on the SFE. Although the chemical driving force of
the transformation is also affected, it seems to have only a minor role in determining
the austenite stability.
3. Increasing strain rate decreases the rate of the strain-induced α’-martensite
transformation. This is attributed to the adiabatic heating that increases the SFE and
decreases the chemical driving force of the α’-martensite transformation.
4. XRD line broadening analysis showed that the dislocation density of the austenite
phase increases with increasing plastic strain and α’-martensite volume fraction.
Instead, the dislocation density of the α’-martensite phase remains relatively
constant, and is significantly higher than the dislocation density of the austenite
phase.
5. The deviation of the work-hardening rate of a metastable austenitic stainless steel
from the continuously decreasing trend, referred to as the work-hardening
abnormality, is attributed to the strain-induced α’-martensite transformation. Based
on the observed behaviour, the work-hardening sequence was divided in four stages.
6. During the stage I the work-hardening rate decreases rapidly, and reaches lower
level than in stable steel at the same plastic strain. This is caused by the onset of the
α’-martensite transformation, which by operating as an alternative mechanism of
plastic deformation, aided by the chemical driving force, eases the deformation and
causes the effect referred to as dynamic softening.
7. During the stage II the α’-martensite volume fraction increases so that its
strengthening effect masks the dynamic softening effect. Consequently, the workhardening rate starts to increase with increasing plastic strain. During the stage II the
α’-martensite particles act as hard undeformable dispersions embedded in the softer
austenite matrix, and enhance the dislocation generation in the austenite phase due
to the non-homogeneous plastic deformation.
8. During the stage III the hard α’-martensite phase forms a percolating cluster.
Thereafter, also the α’-martensite phase must deform in order to accommodate the
shape change of the aggregate. Consequently, the work-hardening rate continues to
increase with increasing plastic strain and α’-martensite volume fraction.
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9. During the stage IV the work-hardening rate decreases. In the most cases the stage
IV began when the α’-martensite volume fraction reached about 0.7. Therefore,
during the stage IV the aggregate consists mainly of the α’-martensite phase, and
the material behaviour starts to resemble the behaviour of a single phase material. At
the high strain rates the suppression of the α’-martensite transformation made the
stage IV to begin at lower α’-martensite volume fractions.
10. The strain-induced α’-martensite transformation affects the uniform elongation
through its influence on the work-hardening rate. The highest uniform elongation is
reached when the transformation effectively shifts the intersection of the WHR and
stress-strain curves to high strains.
11. Extensive EBSD and TEM examinations, continuum mechanics modelling and the
development of the constitutive material models are proposed as the subjects of
further studies.
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