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1. Introduction

The modern world is highly reliant on electronic infrastructure powered by

semiconductor devices such as microprocessors and other circuits. The speed

and affordability of these devices owes much to the knowledge of the properties

of silicon, the material on which most of semiconductor technology has been

based since the 70s. By 2015, the number of scientific articles about silicon is

over two million. Although silicon is the basis for most common applications,

in more specialized semiconductor device categories other materials, such as

gallium arsenide and gallium nitride, may be used.

Regardless of the material used for fabrication, the performance and prac-

ticality of the semiconductor device is related to the material properties and

the degree of control over them. These properties include electrical conduc-

tivity (dopability), thermal and chemical stability, optical properties and the

level to which high quality material can be practically grown. These topics

require thorough basic research spanning years (if not decades) within the

global scientific community, a work that may never be fully completed.

A part of this process is the study of crystallographic defects. Most practical

semiconductor materials are crystalline solids where the constituent atoms are

arranged in a periodic lattice. This arrangement, dictated by the forces acting

between individual atoms, determines most of the mechanical as well as elec-

trical properties of the crystal. Defects are discontinuities in the lattice which

can be anything from single missing atoms to large dislocations spanning mil-

lions of atoms. Defects are important because even a small amount of them can

have significant, either desirable or unwanted, effects on material properties.

As an example, theoretical models predict that perfect crystalline tin should

have an elastic limit (force/area before irreversible stretching occurs) over 100

times greater than observed in experiments with real crystals [1]. Defects also

affect the electrical conductivity by generating, trapping and scattering charge

carriers. They are unavoidable because thermodynamic equilibrium demands
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Introduction

at least a small defect concentration at finite temperature. In practice, other

factors greatly increase the defect concentration in real crystals. Computa-

tional models can estimate the formation energy of various defects yet their

accuracy is limited and they do not take into account non-equilibrium effects

which influence defect formation during crystal growth. Various experimental

methods are required.

In this thesis, the primary experimental method is positron annihilation

spectroscopy. This method can be used in a few different configurations which

are all based on implanting the target sample with positrons and then mea-

suring the radiation that is emitted from positron-electron annihilations in

the sample. As positive particles, positrons are repelled by atom cores and

seek empty space in the lattice. In a perfect crystal, the positrons mostly

scan the space between ion cores. In a sample with vacancies, positrons may

trap to empty lattice sites, increasing their lifetime and narrowing the energy

spectrum of the annihilation radiation compared to a perfect sample. Thus,

positron spectroscopy methods are specifically sensitive to vacancy type de-

fects.

The materials that were studied in this thesis include the chalcopyrite-

structured CuGaSe2 and CuInSe2, which are typically used as their alloy

Cu(In,Ga)Se2, an absorber material for thin-film solar cells. Also studied were

the transparent semiconducting oxides (TSOs) SnO2, In2O3 and Ga2O3. Al-

though these material categories have different uses the common issue among

them is that point defects have a significant effect on the optical and electrical

properties. Presently, knowledge on the formation and effects of the defects in

these materials is not on the same level as in for example silicon. Reasons for

this lack of information are two-fold. First, experimental defect studies have

been scarce due to limited availability of high quality samples. Second, the

lattice structures of these materials are relatively complicated: instead of the

simple diamond, zincblende or wurtzite lattices typical of elemental and binary

compound semiconductors the TSO materials of this thesis are found in rutile,

bixbyite and monoclinic lattices with several inequivalent sites for most of the

constituent atoms. The chalcopyrite lattice is similar to zincblende with peri-

odically alternating cation sites, which does aid in interpreting measurement

results.

Fortunately, practical use of these materials does not require profound defect

knowledge as long as the application demands can be met. This is often

achieved with trial and error during material growth. Increased knowledge

is in any case appreciated as it would enable additional uses or increased

10
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effectiveness for previous applications.

Using positron measurements combined with other spectroscopy methods

several questions concerning these materials are answered. In Cu(In,Ga)Se2

solar cell materials, divacancies are detected with concentration depending on

the Cu/(In,Ga)-ratio. The divacancy is a suspected cause for the increase of

absorber performance due to light soaking. In all the TSO materials, cation

vacancies are identified as the main defects observed by positrons. The va-

cancy concentrations depend on various growth parameters such as doping

concentration and post-growth treatments. The effects of the detected vacan-

cies vary in the different materials. In some cases they are a possible cause for

electrical compensation, in others another defect must be involved.

This thesis is organized as follows. In chapter 2, a short introduction to the

various defects found in crystalline solids is presented together with common

defect characterization methods. Chapter 3 describes the methodology most

used in this thesis, positron annihilation spectroscopy. The studied materials

as well as the results and conclusions are presented in chapter 4 for chalcopyrite

materials (Publication I) and in chapter 5 for TSOs (Publications II, III, IV).

Results of theoretical calculations in TSOs are presented in more detail in

Publication V. Finally, chapter 6 summarizes the thesis.
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2. Defects in semiconductors

The semiconductor industry is always searching for new materials with en-

hanced properties such as increased charge carrier mobility for faster transis-

tors, different band gaps for new wavelength LEDs or simply cheaper or better

working alternatives for current materials. As operating tolerances decrease,

the requirements for control of optical and electronic properties increase. This,

in turn, requires understanding and control of defects due to their effects on

the material properties.

Real crystals are never perfect. They deviate from the ideal lattice, often

at random locations. These deviations are called defects and have important

consequences to mechanical and electrical properties of matter. In many in-

dustrial needs, high quality material is preferred, yet defects are often not as

unwanted as they may seem.

There is a wide variety of defect types in both natural and manufactured

crystals, from singular missing atoms to impurity precipitates and grain bound-

aries [2, p. 33]. For this thesis the most relevant defects are vacancies and

vacancy clusters which are usually detectable by positron annihilation. In the

following sections, a brief explanation of defect formation and the different

types of defects is given.

2.1 Structural classification

This thesis deals mostly with point defects. These usually involve one to sev-

eral atoms and can be further divided to intrinsic and extrinsic types. Intrinsic

defects involve only atoms of the host lattice. Examples of intrinsic point de-

fects are vacancies, which are missing atoms, and interstitials, which are extra

atoms located between lattice sites. Extrinsic defects, on the other hand, are

formed by atoms alien to the crystal. The most common extrinsic defect is

a substitutional impurity, where an impurity atom replaces a host atom. Im-
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purities are not always unwanted, as in doping they are added intentionally.

Complexes are combined point defects, such as a vacancy bound to a nearby

substitutional impurity atom.

Larger, extended defects may span over many unit cells and can be classified

as line, planar or bulk defects. A typical line defect is the screw dislocation,

where a group of atoms has shifted in relation to the lattice, forming a kind of

spiral staircase around the dislocation center. Another type of 1D defect is an

edge dislocation, where an extra half-plane of atoms is added to the crystal,

causing tension at the edges of this half-plane [2, p. 48].

Planar defects are divided to grain boundaries and stacking faults. A grain

boundary is formed when the crystallographic direction abruptly changes. The

size of the grain can vary greatly, from a few nanometers to several microm-

eters. A stacking fault is an abnormal sequence of otherwise flawless atomic

planes. As an example, an ABABAB-sequence may break at some point to

form ABBABAB.

Bulk (volume) defects are usually large pores, cracks or voids. Also, impuri-

ties may cluster together to form a small region with a different phase, called

a precipitate.

The range of possible point defects is dependent on the complexity of the

material, more specifically the number of elements and different lattice sites

in the elementary cell. A simple binary compound will have antisites, intersti-

tials for both atoms on different interstitial sites, vacancies for both atom types

and various combinations of these single atom defects. As the range of possi-

ble defects increases so does the difficulty in identifying them. Spectroscopic

methods sensitive to only a subset of defects are highly useful.

2.2 Electronic and optical and effects

In addition to structural classification, defects are also characterized by their

optical and electric properties. A pure, perfect semiconductor crystal has

a well defined band gap and energy bands everywhere in the lattice. Defects

break the lattice symmetry, which may introduce energy levels inside the band

gap. Depending on the density, spatial dimensions and ionization energy of

the defects the induced states may be local or form bands. The states may

trap or donate charge carriers and be optically active, absorbing and releasing

photons. As an extensively studied example, in diamond vacancies are par-

tially responsible for coloration [3]. In metals and insulators defects do not

affect electrical conductivity as significantly.

14
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Both intrinsic and extrinsic defects can induce new states to the forbidden

band of a semiconductor. These states can be divided to shallow and deep

states. A typical shallow state with an orbiting electron resembles a hydrogen

atom while a deep state is more localized. Usually, shallow states have a

binding energy of 75 meV or less, which is sufficiently low to allow thermal

excitation of electrons to or from the induced states. If electrons are exited

from the defect state to the conduction band the defect acts as a donor. If the

defect traps electrons from the valence band the defect acts as an acceptor.

These effects may create conductivity or inhibit it, depending on the defect

type. If the defect opposes the intended conduction, it is a compensating

defect. While shallow defects may be beneficial or detrimental, deep level

defects are always harmful for conductivity. Thermal excitation of electrons

or holes does not occur in sufficient quantities to deep levels, while charge

carriers are trapped to the highly localized states.

In a defect free semiconductor, only light with energy greater than the band

gap is absorbed by electronic transitions while lower frequencies may pass

through or are reflected. When the band gap is in the visible light photon

energy range (1.7 to 3 eV) or wider, the non-absorbed colors define the ap-

pearance of the material. Defects can create optically active states in the

band gap, enabling new transitions. This can often be seen as a change in

the color of the material. For optoelectronics such as solar cells and LEDs,

the additional states are usually highly detrimental since they form alterna-

tive recombination paths for electron-holes, causing unintended or reduced

functionality.

2.3 Defect formation

From a purely energetic view crystals should be perfect since that form maxi-

mizes the binding energy (and minimizes total energy) between atoms. Typical

reasons for the existence of defects can be divided to thermal energy and mi-

gration barriers. The former is the additional energy and entropy that must

be stored into the crystal, divided into all the possible degrees of freedom in-

cluding vibrations, rotations and conduction electron movement. The latter

represents energy barriers which prevent the atoms from rearranging back to

the perfect lattice after a defect has formed.

Although most of the thermal energy is stored as lattice vibrations, occa-

sionally it is locally large enough to dislodge an atom from its site, creating

a defect. The concentration of these defects can be derived by assuming a

15
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thermodynamic equilibrium where the lattice minimizes its Gibbs free energy

[2]. As an example, in the case of a simple monoatomic crystal the equilibrium

number of vacancies is

n = Ne
− Ef

kBT , (2.1)

where N is the number of atoms and kB the Boltzmann constant. Ef is

the energy required to form the defect, e.g. removing an atom and moving it

somewhere else far away. Formulas for the concentrations of other point defects

differ only by a constant dependent on the number of possible arrangements

of the particular defect.

The formation energy is usually calculated from theoretical models by com-

paring the total energy of a lattice with the defect to one without the defect.

For a monovacancy the energy is

Ef
q = Edefect

tot − Ebulk
tot + μi + q (EVBM + EF) , (2.2)

where Edefect
tot is the total energy of the lattice with the vacancy, Ebulk

tot is the

energy without the vacancy, q the defect charge state and EVBM + EF the

energy level of the electron reservoir [4]. μi is the chemical potential of the

element i which is being removed from the lattice. The values for μi are limited

in the i-rich and i-poor cases by requiring that the lattice does not separate

into constituent elements or form additional phases.

For a neutral defect Ef is independent of the Fermi level (the electron chem-

ical potential). For positively (negatively) charged defects Ef increases (de-

creases) with the Fermi level. When creating a positively charged defect, an

electron has to be removed from the defect surroundings and inserted to the

top of the Fermi sea which requires energy if the Fermi level is higher than

the defect bound electron level. For a negatively charged defect the process

is reversed and more energy is required if the defect state is above the Fermi

level. For any particular defect, different charge states can be modeled and

their formation energies as a function of Fermi level calculated. The config-

uration with the smallest Ef is then assumed to be the dominant version of

that particular defect for a given Fermi level. Some charge states may turn

out to be unstable regardless of the Fermi level.

The Fermi level of a sample is usually determined by doping. If the defect

charge transition levels are inside the band gap then these defects will oppose

attempted doping. n-doping increases the Fermi level and is countered by

defects binding electrons, resulting in negative defects. p-doping decreases the

Fermi level and is countered by defects releasing charge carriers, resulting in

positive defects. The strength of this compensation increases as higher doping
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levels are attempted. Fortunately, this usually does not completely negate

the doping as defects are rarely created in sufficient concentrations. In some

cases, however, the formation of the defect is energetically so cheap that it

can completely compensate for one type of doping and even overcompensate,

forcing n- or p-type conductivity. Unless the formation of these types of defects

can be inhibited somehow, the material in question cannot be freely doped.

Values for the formation energy vary wildly depending on type of defect and,

in the case of charged defects, the Fermi level. Typical values for neutral point

defects are in the range of a few electron volts while for charged defects the

energy may even be negative for some values of EF. For many defects the

resulting concentrations are often insignificant below 900 ◦C. Practical defect

densities in semiconductor crystals are often in the 1 × 1015 to 1 × 1021 cm−3-

range, which thermodynamics could only explain at high temperatures. De-

fects formed in high temperature can persist in normal temperatures if the

crystal quickly cools down and there is not enough time to maintain thermal

equilibrium. In general, absolute defect densities cannot be calculated from

Eq. (2.1). However, the equation can be used to compare the relative densities

of different defects to predict the most common defect types in a given crystal.

In manufactured crystals, defects are often introduced by the kinetics of the

growth process itself. In epitaxial layer-by-layer growth, atoms are continu-

ously added on the growth surface. Atoms do not necessarily arrange to their

optimal configuration before being frozen in place, leaving behind a point de-

fect. Particularly high defect densities can be found near layer boundaries

in multi-layer structures, where the lattice constants or lattice types change.

Other sources for defects are impurities in the growth environment and chem-

ical reactions between the various gases and the growth surface. Since the

quality of growth is dependent on many variables, trial and error methods are

often used to find the best growth parameters for a particular material.

2.4 Defect characterization

Since defects have such a significant effect on the properties of semiconductors,

a large variety of experimental defect characterization methods have been

developed for their study. The most common methods can be divided into the

categories of microscopy, optical spectroscopy, electrical measurements and

particle beams [5]. In addition, theoretical models can be used to calculate

defect properties.

Transmission electron microscopy can detect many of the possible defect
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types due to the high, even atomic resolution [6]. However, assessing defect

concentrations from microscope images is next to impossible as they only show

a small section (10×10 nm2) of one lattice plane at a time. In addition, electron

microscope images can only be taken either from the surface of a sample or

from a very thin (100 nm thick) sample. Cutting such layers from a crystal

sample is difficult and certain to introduce additional intrinsic point defects.

Optical methods such as photoluminescence (PL) and photo-absorption spec-

troscopies reveal the presence of optically active defects in the sample through

defect specific transition lines in the spectrum [7]. This information, however,

does not clearly relate to the physical origin of the transition (i.e. intersti-

tial, vacancy etc.) or to the concentration of the defects. Low temperatures

are required during measurement to suppress thermal noise from the PL sig-

nal. Optical methods are most useful in studying transitions in optoelectronic

materials.

Electrical measurement methods include techniques such as Hall effect and

Deep level transient spectroscopy (DLTS) [8]. These reveal many of the basic

electrical features of a semiconducting material including conductivity, charge

carrier type and their concentration. Defects may manifest themselves as

charge carries traps, which DLTS detects. These methods fare somewhat

analogously to the aforementioned optical methods, responding only to de-

fects that are electrically active. They require good electric contacts to the

sample, which is not always as trivial to achieve as it may sound. Also, direct

identification of the detected defects is still lacking.

Defect formation often leads to dangling bonds on the surrounding atoms

and consequently, unpaired electrons. Electron spin resonance-based methods

(ESR) are often used for detecting this type of electron and its properties [9].

The ESR spectrum reveals detailed information about the atomic structure of

the defect, yet it requires that the defect is surrounded by unpaired electrons

and that microwave radiation is not absorbed elsewhere in the sample.

Methods based on using ion beams are destructive for the sample yet power-

ful for detecting constituent elements [10]. Rutherford backscattering involves

directing a high-energy ion beam at the sample and detecting the backscat-

tered ions. The backscattering is dependent on the type of atoms in the

lattice. In addition, displaced atoms increase backscattering compared to a

perfect sample, allowing efficient detection of interstitials. Nuclear reaction

analysis is another beam method which is based on detecting the x-ray or

gamma radiation emitted by excited nuclei. The excitations are induced by

an ion beam with a carefully selected energy and ion type. The energy spec-
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trum of the radiation reveals the type of elements hit by the ions. Rotating

the sample gives additional information on the locations of different elements.

Positron annihilation spectroscopy is a family of defect characterization

methods most sensitive to vacancies. The selectiveness of positron spectro-

scopies has proved very useful in identifying open-volume defects in materials

such as GaN [11], Si [12] and, e.g., Ni [13]. Positron methods are especially

useful with thin-layer samples grown on a substrate of a different material

since these are difficult to measure using many of the other defect sensitive

methods.

Usually several of the aforementioned characterization methods are required

to form a reasonably complete image of the defects in a material.
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3. Positron annihilation spectroscopy
methods

The most used experimental method during this thesis is positron annihilation

spectroscopy. This method is based on implanting the target with positrons

and detecting the 511 keV gamma quanta produced by the subsequent electron-

positron annihilation [5]. Stopping and thermalization of positrons in a crystal

takes a few picoseconds and leaves the positron in a Bloch-like delocalized state

in the crystal. Positrons, being positive particles, are repelled by the charge of

the atom cores. Consequently, neutral and negatively charged vacancy defects

often act as positron traps. In a vacancy, the electron density is reduced

compared to the lattice. Thus, a positron localized to a vacancy has a longer

lifetime than a delocalized positron. In addition, the reduced possibility of

annihilation with high momentum core electrons leads to a narrowing of the

annihilation radiation spectrum. Figure 3.1 illustrates positron densities in a

perfect In2O3 crystal as well as in a SnO2 crystal with one Sn-atom removed.

Positron spectroscopy is particularly useful in crystalline solids, such as met-

als and semiconductors, where the possible types of vacancies are limited and

where these defects have practical significance. Not every type of vacancy

traps positrons. Vacancies with insufficient empty volume or those with pos-

itive charge are such invisible types. This is often the case with the oxygen

vacancy in several compounds. On the other hand, larger vacancies composed

of multiple adjacent missing atoms trap more effectively and have longer char-

acteristic positron lifetimes than singular vacancies. A negatively charged va-

cancy traps much more effectively than a neutral version of the same vacancy

and the trapping also strengthens at low temperatures.

3.1 Positron trapping

The trapping process itself is a quantum mechanical transition where the ther-

mal positron transfers its energy to the crystal when trapping to a localized
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Figure 3.1. Positron density isosurfaces according to theoretical modeling. a) Free positron
in a perfect In2O3 lattice is spread out throughout the crystal. b) Positron
trapped at a monovacancy in SnO2 is strongly localized.

state within the vacancy. Momentum transfer is also significant with the

positron momentum typically increasing. The energy of the positron is trans-

ferred to either phonon or electron excitations. Phonon-based energy transfer

is only relevant with shallow defects with binding energies less than 0.1 eV be-

cause at higher energies phonons are limited by the Debye cutoff energy. Also,

with such low binding energies positron thermal detrapping will render the

shallow vacancies invisible to measurement above cryogenic temperatures. In

metals, electron-hole pair excitation is the dominant mechanism. In semicon-

ductors and insulators, the situation is complicated due to the forbidden band

gap which may be greater than the positron binding energy to the vacancy.

Theoretical considerations suggest defect induced states in the gap may enable

the transitions in this case and result in a trapping coefficient similar to met-

als [14]. In the case of negatively charged vacancies, a long range attractive

potential is induced. This leads to the free positron wavefunction increasing

in amplitude near the vacancy. The trapping coefficient for negative defects,

which also include shallow positron traps, shows a temperature dependence of

T −1/2, an effect particularly visible at cryogenic temperatures.

The total positron trapping rate to defect D, κD, is the product of the defect-

specific trapping coefficient μD and the concentration of the defect cD sensed by

the positron during its diffusion. A value for κD can often be determined from

positron measurements in which case the concentration is simply cD = κD/μD.

Values for μ can be calculated from theory [15] or determined experimentally

by measuring the defect concentration using a different method. As an exam-

ple, in a study of negatively charged P vacancies in GaP using both Hall and

positron measurements, a value of μ ≈ 1.9 × 1015 s−1 was found [16]. Often
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Figure 3.2. Basics of positron lifetime spectroscopy. The decay of β-active 22Na releases
positrons which enter the sample. The resulting annihilation radiation is de-
tected along with the positron creation signal. The delay between the two
gamma quanta is the lifetime of the individual positron.

though, preset values for μ are used. A commonly used room-temperature

value for negatively charged cation vacancies is μ−
V = 2 – 3 × 1015 s−1, while

for neutral vacancies the value μV = 1 × 1015 s−1 is used. Generally, μ is

in the range 1013 – 1016 s−1 at 300 K. The charge state of the vacancy is the

main factor, with positive vacancies having μ-values insufficient for measurable

positron trapping [14].

3.2 Positron lifetime spectroscopy

The number of positrons in a given state annihilate exponentially with decay

rate λ proportional to the overlap of the electron and positron densities (see

section 3.4.2). In a crystal with no trapping vacancies the positron density is

spread out in a Bloch-like state and maximized between atoms. In a crystal

with vacancies the positron may localize to the additional empty space. When

trapped the positron mostly interacts with the electrons nearby the vacancy.

Since electron density in a vacancy is reduced compared to the bulk lattice

the lifetime increases. Typical positron lifetimes in crystalline solids are in

the range 100 – 300 ps. In porous materials, such as plastics and biological

matter, the lifetime may be over a nanosecond.

The lifetime of an individual positron can be observed by measuring the time

difference between the positron emission and annihilation signals (Fig. 3.2).

Typically, the positrons are obtained from β-active 22Na, which also emits
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a 1.27 MeV gamma photon immediately after decay. Positron annihilation

releases two 511 keV gamma quanta. To measure a single lifetime event suc-

cessfully both types of quanta must be detected from the event. Scintillator

detectors are typically used for this task due to their superior time resolution.

The voltage signals from the detectors are digitized and fed to a PC where

signal analysis is performed by fitting a cubic spline to the rising edge of

the pulse. Alternatively, the signal analysis chain can be composed of analog

components, mainly constant fraction discriminators and a time-to-amplitude

converter. Regardless, the pulses can be timed with sub-nanosecond accu-

racy. A typically achievable full width at half maximum (FWHM) of the

time resolution function when using plastic scintillator crystals is 250 ps, with

the limiting factor being the detectors. Better resolutions are possible with

different scintillator material and more complicated setups [17].

By collecting a large number of counts (over 106) a lifetime spectrum is

formed:

− dn(t)
dt

=
∑

i

Ii

τi
e

− t
τi . (3.1)

The experimental lifetimes τi each correspond to an underlying positron state,

modified by trapping and detrapping. The final spectrum is also convoluted

by the spectrometer resolution function. The lifetimes τi and their intensities

Ii can be deduced by fitting a model function to the data. Often only two,

perhaps three lifetime components can be resolved from a spectrum depending

on the lifetimes and their intensities. The most accurate quantity that can be

extracted from a lifetime spectrum is the average positron lifetime

τave =
∑

i

Iiτi . (3.2)

τave is equal to the center of mass of a spectrum, which can be determined

without fitting. With a stable setup and sufficient measurement time τave can

be determined with sub-picosecond accuracy.

The lifetime value of a component is mostly dependent on the size of the

corresponding defect; usually the lifetimes are in the range of 200 – 300 ps in

vacancies in semiconductors. The intensities of the components are dependent

on the concentrations and trapping coefficients of the different defect types. If

the concentration of vacancies which trap positrons is sufficiently low, only a

single component is seen [5]. This also occurs in the case of saturation trapping

of positrons to a high defect concentration (> 1019 cm−3).

Positron lifetime is typically only measured in bulk samples, since the posi-

trons obtained from 22Na have an exponential depth distribution extending to

over 100 μm in the sample. The Na-salt is usually wrapped inside thin (1 to
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Figure 3.3. An example of Doppler broadening in Sn-doped In2O3. The vacuum an-
nealed sample has a higher concentration of vacancies sufficiently large to trap
positrons. This is seen as a narrowing of the spectrum. The uneven back-
ground level is caused by Compton scattering and incomplete charge collection
in the detector. Before analysis the background is removed. The S and W

regions are marked with vertical lines.

3 μm) Al-foil to form the source capsule. Sample pieces are attached on both

sides of the source and the source-sample “sandwich” is then placed between

two scintillator detectors. The system is optimized for time resolution at the

cost of energy resolution.

3.3 Doppler broadening spectroscopy

The energy spectrum of the annihilation radiation also conveys information

about the annihilation environment. Due to conservation of momentum and

energy, the two gamma quanta are emitted in approximately opposite direc-

tions. The deviation from 180◦ and 511 keV is determined by the center-of-

mass momentum of the annihilating particles and the direction the quanta

are emitted compared to the system momentum. Because the thermalized

positron generally has very low momentum compared to bound electrons, the

resulting spectrum is mostly defined by the electron momentum distribution

sensed by the positron.

The deviation from 511 keV is a relativistic Doppler broadening effect with

the particle pair acting as the moving source with velocity v towards the

direction of the detector. The Doppler effect causes a shift in the photon
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frequency from fs to

f =
√

1 − v/c

1 + v/c
fs ≈ (1 − v/c)fs . (3.3)

Since electron velocities are much less than c the relation can be simplified.

The change in energy can be written

ΔE = 1
2pLc , (3.4)

where pL is the center-of-mass momentum of the particle pair in the direc-

tion of the detector. The energy spectrum is directly proportional to the

electron momentum spectrum with 1 keV shift equivalent to a momentum of

0.54 a.u. (atomic units). To detect these small energy shifts in the annihi-

lation peak high purity Germanium (HPGe) detectors are used. A FWHM

of 1.2 keV at the 511 keV annihilation peak is achievable with a good setup.

Even this resolution width is quite significant compared to the typical Doppler

broadening peak FWHM of 3 keV.

A positron trapped to a vacancy has a decreased chance to annihilate with

core electrons compared to the free positron. Consequently, the annihilation

radiation energy spectrum is narrowed in a sample with positron trapping

vacancies compared to a perfect crystal. Every different vacancy type has a

characteristic annihilation spectrum. In a practical measurement the differ-

ent spectra from all the positron states in the sample will be summed and,

contrary to a lifetime spectrum, cannot be resolved to components. Thus, a

Doppler broadening measurement gives more but convoluted information than

a lifetime measurement. Doppler broadening spectroscopy is sensitive to the

surroundings of a vacancy so in some cases it can distinguish vacancies with

similar open volume which a lifetime measurement cannot separate.

The Doppler-broadened peak does not follow any well known probability

distribution so it cannot be accurately described by distribution parameters.

Instead, shape parameters S (shape) and W (wing) are used for fast compar-

ison of spectra. The low momentum parameter S is the fraction of counts in

the central region of the peak, while W corresponds to the fraction of counts in

the wing areas on both sides of the peak. The W parameter is more sensitive

to highly localized core electrons. The integration windows are set symmet-

rically around the peak (see Fig. 3.3). For sufficient statistics, at least half a

million counts should be collected for a spectrum. The absolute values of S

and W are not very descriptive. Instead, changes in the values as functions

of doping concentration, composition or other growth parameters are usually

tracked. A good reference point is a low vacancy concentration bulk sample.
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Each positron annihilation state has its own characteristic (S, W )-value pair.

If there are only two states in a sample, such as (SB, WB) (bulk) and (SD, WD)

(defect), the measured parameter pair from a single sample is a superposition

of the two states: (Sexp, Wexp) = ηD(SD, WD) + (1 − ηD)(SB, WB). If only

the annihilation fraction ηD changes between different samples the measured

(Sexp, Wexp) points form a line. In other words, if measurement results from a

sample series form a line in (S, W )-plane it is likely that positrons are mostly

annihilating in one vacancy type with only the concentration of that vacancy

changing between samples. In this case parameter R, only dependent on the

defect type, can be defined as R = |(SD − SB) / (WD − WB)|. If the (S, W )-

trend follows a growth parameter, e.g. doping concentration, we have a clear

relation between the parameter and vacancy concentration. If the bulk lifetime

for the sample type is known, the vacancy concentration can be estimated with

cD = Nat
λB
μD

S − SB
SD − S

, (3.5)

where Nat is the atom density, λB is the annihilation rate in the host lattice,

μD is the defect specific trapping coefficient, and SB and SD are the S-values of

the bulk and defect states. It should be emphasized that if multiple vacancies

are trapping positrons the resulting parameter values can still lie on a line. In

this case Eq. (3.5) does not apply.

When the positron implantation energy is controllable, S and W can be

measured as function of implantation energy E. When plotted, a depth scan

illustrates the structure of the sample as the mean implantation depth is pro-

portional to E with x̄ ∝ E1.6 [18]. For thin-film samples, three regions can be

often seen in the data. The low energy range (e.g. E ≤ 3 keV) region is distinct

from the rest of the sample as in this range positrons can easily diffuse to the

surface. Depending on the thickness of the sample the substrate may also be

visible at high energies, giving a constant S and W . Between the surface and

substrate lies usually the most interesting part: the deposited thin-layer. The

annihilation parameters for the thin-layer may not be clearly distinguishable

because of a depth-varying defect profile. If the layer is sufficiently thick (e.g.,

500 nm) and homogeneous it should give stable S and W values.

3.3.1 Positron moderation and beams

When studying thin-film samples the positron kinetic energy must be con-

trolled, requiring a variable energy positron beam. Since the fast positrons

from 22Na have a continuous energy distribution a moderator is required to

monochromate the positrons. The moderator is usually a thin film of tungsten
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due to its negative work function for positrons. Thermal positrons in the W

film are ejected from the surface with a constant energy of 3 eV [19].

The moderation efficiency of W moderators is only in the 0.1%-range. Most

of the positrons simply fly through the film without slowing down while some

of the slowed ones annihilate inside the moderator. The selection of the mod-

erator thickness is a balancing act between these two effects. Generally, the

film should be as thin as practically possible, e.g., 1 μm.

Because of the low efficiency of the commonly used tungsten, the positron

source activity must be over 1000 MBq to keep the measurement times rea-

sonable. Other material options have been explored in the hopes of increasing

the moderation efficiency. These include solid neon [20] and SiC with a guid-

ing electric field [21]. Despite the greater efficiency demonstrated by these

options, practical reasons such as ease of use has kept tungsten firmly as the

most common moderator material.

Most slow positron beams follow a similar construction [19, p. 31]: After the

positron source and moderator lies a velocity selector. The construction of it

varies but usually includes static EM-fields and obstacles. The fields are set

such that only positrons which have been properly slowed in the moderator

are guided around the obstacles and enter the beam line. A large longitudinal

magnetic field generated by coils keeps the beam focused. The particles are

accelerated by a tunable electric field before hitting the sample. The beam

line length is usually a few meters to generate sufficient distance between the

positron source and the radiation detectors.

3.4 Theoretical calculations

Both positron lifetime and Doppler broadening parameters can be calculated

for a given lattice or defect model. The practical modeling of these quantities

is based on the density functional theory (DFT) for electron-positron sys-

tems. Once the positron parameters have been calculated, the results can be

compared with measurements to better identify the experimentally detected

defects. The advantage of modeling is the absolute control over the target lat-

tice and its defects, something that cannot be achieved with real life samples.

Unfortunately, due to the approximation required to make the calculations fea-

sible, the results of modeling rarely provide a full match with measurements.

Fortunately, trends between different defects can be identified.

The formulas in this section are in Hartree atomic units (� = me = 4πε0 =

e = 1).
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3.4.1 Formulation of the electron density

The properties of matter can be modeled on the fundamental level using the

Schrödinger equation. The Hamiltonian for a many-body system is

Ĥ = T̂ + V̂ext + V̂int = −1
2

∑
i

∇2
i +

∑
i

Vext(ri) + 1
2

∑
i�=j

e2

|ri − rj | , (3.6)

where the T̂ is the electron kinetic energy, V̂ext the external potential caused by

the nuclei and V̂int the electron-electron interaction energy [22]. The nuclei are

assumed to be stationary classical particles. Solving equation (3.6) numerically

is possible only for a few electrons due to having a many-body wavefunction

with dependence on all spatial coordinates of all electrons.

Density functional theory describes the system using the total electron den-

sity instead of a many-body wavefunction. The ground state properties of the

system are functionals of the density; they depend on the value of the density

in every point in space, similar to an integral of a function. The ground state

density n(r) is itself solved by minimizing the total energy functional

EHK[n] = FHK[n] +
∫

Vext(r)n(r)dr , (3.7)

where FHK[n] is the energy of the interacting electron system, composed of

kinetic energy T [n] and Coulomb energy Eint[n]. Unfortunately, the form of

the functional FHK[n] is unknown. To proceed, equation (3.7) is approximated

by considering a system of non-interacting electrons. The energy of this system

is composed of the classical self energy of the electron cloud (Hartree energy)

EHartree[n] = 1
2

∫
n(r)n(r′)
|r − r′| drdr′ , (3.8)

the kinetic energy of the non-interacting electrons

Ts[n] =
∑

i

∫
ψ∗

i (r)
(

−1
2∇2

)
ψi (r) dr (3.9)

(sum is over occupied states) and the Coulomb energy
∫

Vext(r)n(r)dr. To

account for the many-body effects a correction term Exc[n] is added to form

the Kohn-Sham equation for energy [23]:

EKS[n] = Ts[n] + EHartree[n] +
∫

Vext(r)n(r)dr + Exc[n] . (3.10)

The electron density is calculated from the wavefunctions with

n(r) =
∑

i

|ψi(r)|2 , (3.11)

where the sum is over occupied electronic states. The wavefunctions ψi(r) are

solved from

− 1
2∇2ψi (r) + Veff(r)ψi (r) = εiψi(r) . (3.12)
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The single electron wavefunctions ψi and energies εi should not be interpreted

as true quantities of a many-body interacting system but as single particle

equivalents in a potential which tries to effectively describe the many-body

system. Veff(r) is an effective potential which includes electron charge, nuclei

charge and the correction term:

Veff(r) =
∫

n(r′)
|r − r′|dr′ + Vext(r) + δExc [n]

δn(r) . (3.13)

The electron exchange and correlation correction term Exc [n] compensates

for the lack of correct many-body interaction effects in EHartree and Ts[n].

These effects cannot be expressed accurately with electron density alone in

the general case and must be estimated. Most approximation methods are

based on the homogeneous electron gas, for which the value of Exc can be

calculated accurately and is only dependent on the electron density. Often,

only the density value at the location of the electron is used, in which case

the method is called the local density approximation (LDA). Effectively, each

electron in the lattice is modeled as if moving in a homogeneous electron

gas with electron density equal to the local density around the electron in

question. More advanced methods consider the variation of the density also

around the electron or introduce a fraction of the (orbital-dependent) Hartree-

Fock exchange [24]. However, some of these methods are significantly more

computationally intensive than LDA.

The Kohn-Sham calculation is an iterative process. In the first step, a trial

electron density is assumed based on the atom locations. Then the single

electron wavefunctions ψi are solved from Eq. (3.12). The new ψi describe

a new charge density and a new Hamiltonian, from which ψi can be solved.

This iteration continues until the total energy of the system no longer changes

significantly between iterations. Assuming the correction term is accurate the

resulting total energy and electron density are correct ground state values

for the system. From these, other quantities such as forces on atoms (with

Fi = −∇RiE) can be calculated. The forces are particularly important during

defect modeling because they are required to relax the lattice to its optimal

configuration after atoms have been added or removed.

3.4.2 Calculation of positron annihilation parameters

Positron lifetime and momentum distributions can be calculated once the

positron wavefunction is solved. For this, the total energy of the positron-

electron system must be minimized by varying both the positron and electron

densities. The resulting equations closely resemble those of the normal elec-
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tronic version with additional terms to account for the positron kinetic, self-

and exchange-energies, as well as the positron-ion and positron-electron ener-

gies:

E[n−, n+] = EKS[n−] + Ts[n+] + EHartree[n+] + Exc[n+]

−
∫

Vext(r)n+(r)dr −
∫

n−(r)n+(r′)
|r − r′| drdr′ + Ee−p

c [n] . (3.14)

The electron-positron correlation functional Ee−p
c is required to account for the

effects of many-body electron-positron interactions and the resulting screen-

ing of the positron by electrons. Since at maximum one positron is assumed

to be in the sample at any time the positron self Hartree and Exc[n+] can-

cel each other. In practice, positron self-interaction is ignored. The rest of

the calculation proceeds rather similarly to the one component Kohn-Sham

routine.

The effect of Ee−p
c is difficult to approximate. LDA-based methods are

usually applied. Often, it is sufficient to neglect the effect of the positron

density on the electron density, in which case the positron wavefunction is

simply solved in the effective potential formed by the electrons and the nuclei.

This can be justified by considering the positron and its screening electron

cloud as a neutral quasiparticle, which does not affect the average electron

density. The zero-positron-limit appropriate for delocalized positrons is used

also for localized positrons. For a more rigorous model, electron and positron

densities should be repeatedly solved one after the other, while updating the

effective potential accordingly.

Finally, positron lifetime is given by

1
τ

= λ = πr2
ec

∫
n+(r)n−(r)γ (n−(r)) dr , (3.15)

where re is the classical electron radius, c the speed of light and n+(r) and

n−(r) the positron and electron densities. γ (n−(r)) is an enhancement fac-

tor which takes into account the increased electron density near the positron

caused by many-body interaction effects. Without this correction the lifetimes

would be unrealistically long. LDA is the typical first approximation for this

factor.

Calculated positron lifetimes are comparable with experiments even when

theoretical lifetimes are often shorter than measured lifetimes by around 30 to

40 ps. This difference is usually stable within a given material, which means

that the differences between lifetimes of distinct annihilation states are in line

with experiments.
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The momentum density of annihilating electron-positron pairs can be eval-

uated with the help of the wave functions and the model by Alatalo et al [25].

The momentum distribution is given by

ρ(p) = πr2
ec

∑
j

γj

∣∣∣∣
∫

e−ip·rψ+(r)ψj(r)dr
∣∣∣∣2 , (3.16)

where index j runs over the occupied electronic states and γj is an enhance-

ment factor depending on the electron state.

For comparing with experiments, the calculated distribution must first be

projected to a spatial direction. The correct choice depends on the orientation

of the sample lattice in relation to the radiation detectors which is often un-

known. The variation of the spectra between the different directions depend

on the symmetries of the lattice. Finally, the theoretical spectrum should be

convoluted with a Gaussian to account for the detector resolution.
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4. Vacancies in Cu(In,Ga)Se2

photovoltaic materials

4.1 Overview

Solar cells absorbers have been traditionally manufactured from silicon due to

its wide availability and compatibility with current manufacturing techniques.

Currently, Si has well over 80% market share in the photovoltaics industry [26].

Typically, Si is used in crystalline absorbers with roughly 200 μm thickness.

Thin film technologies, on the other hand, use absorbers thicknesses from the

micrometer scale all the way to a few nanometers. This means that much less

absorber material is required, cutting costs and allowing larger areas to be

covered. The total device mass per area may, however, not be much smaller

due to other components such as protective glass being still required.

As can be seen from Fig. 4.1, thin-film technologies generally do not reach the

highest solar cell efficiencies. Crystalline Si (c-Si) is slightly better while the

best multi-junction cells are almost doubly as effective as thin-films. Among

the best in the thin-film category of photovoltaics are Cu(In,Ga)Se2-based

(CIGS) cells, achieving efficiencies above 20% in laboratory conditions [27].

CIGS is a relevant technology even if its current market share is only a few

per cent of all photovoltaics.

The doping in CIGS is believed to be caused by native defects, such as

vacancies and antisites. These can have both donor and acceptor character

and they can compensate each other, although the sum effect is usually a

p-type CIGS absorber. Defects also act as recombination centers, which are

detrimental to the efficiency.

CIGS-based solar cells show metastabilities created by light soaking or volt-

age pulsing [29, 30]. These are known to affect the net acceptor concentration

and capacitance of the junction, and as such, the efficiency of the photovoltaic

conversion. Generally, light soaking is considered to be a positive effect, which
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Figure 4.1. Photovoltaic efficiency records [28].

relaxes away in dark during a time span of several hours. This does cause the

efficiency to be dependent on the history of the cell, which is a significant issue

for practical use [31].

The metastable behavior has been attributed at least partially to the VSe and

VCu-VSe vacancies, based on theoretical calculations [29, 32]. Both of these

vacancies transform between two atomic configurations when the charge state

changes. The atoms around a neutral Se vacancy can relax inward due to for-

mation of a dimer. Positive ionization of the vacancy breaks this bond leading

to outwards relaxation of the neighboring atoms. The divacancy addition-

ally changes in electrical activity from acceptor to donor. These configuration

changes are usually induced by an external perturbation such as illumination.

The effect is called ‘metastable’ because the swap between the two states is

hindered by an energy barrier, lengthening the time scale of the effect to hours.

4.2 Results and vacancy identification

To identify vacancies in high quality CuxGa1−xSe2 (CGS) and CuxIn1−xSe2

(CIS), we studied epitaxial samples grown by metal organic vapor phase epi-

taxy (MOVPE) on GaAs wafers (Pub. I). Compositions of the samples were

determined using PL by comparing the sizes of donor-acceptor transition peaks

as presented in [33, 34]. The Cu/Ga- and Cu/In-ratio of the samples varied

from 1.2 to 0.6.

As-grown, all of the samples are actually composed of two phases: stoichio-

metric CIGS and Cu selenides. The selenide phase is etched out before PL

and positron measurements were carried out, so the actual samples measured
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were all stoichiometric, i.e. [Cu]/[III]=1. Despite this, the growth conditions

do have a clear effect on the defect structure and the resulting PL spectra. The

[Cu]/[III] ratios listed in the figures are the total average compositions before

etching. In addition to the thin-film samples, bulk crystals of both CGS and

CIS were grown and were measured by PL to be Cu-rich. Thin slabs were cut

from the ingots and etched to remove the CuxSe secondary phase. Practical

solar cell absorbers are made from Cu-poor material due to lack of the CuxSe

phase, leading to higher efficiency [35].
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Figure 4.2. Low momentum parameter S as a function of implantation energy in selected
CGS and CIS samples. Mean implantation depth is also shown.

Results of the measurements are shown in Figures 4.2, 4.3 and 4.4. Figure

4.2 shows S as a function of implantation energy for a selection of CGS and

CIS samples as well as a p-type GaAs reference. The curves for the two

sample types are distinct in form, starting low (high) for CGS (CIS) and then

converging towards the substrate GaAs value. Different epilayer thicknesses

and compositions can be seen in the results. Most samples have an energy

range where the S is relatively constant. Layer specific (S, W )-values were

determined from these ranges. The values have been collected for all CGS and

CIS samples in Figs. 4.3 and 4.4 to form S–W -plots. The figures illustrate

how the annihilation parameters change as the [Cu]/[III]-ratio of the samples

is varied. In addition, data points measured in CGS and CIS bulk crystals are

shown.
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Figure 4.3. S-W plot of CuGaSe2 samples. Each sample is represented by one point. The
[Cu/Ga]-ratios of the samples are listed in the legend.

4.2.1 CGS

A general trend of increasing S and decreasing W with decreasing [Cu]/[Ga]

ratio can be observed. The trend is obeyed by the vast majority of samples.

This indicates that reducing the amount of Cu in the sample growth increases

vacancy concentration, making VCu a good candidate for the observed vacan-

cies.

In addition to CGS data, figure 4.3 also includes the data point for a defect-

free ZnSe reference together with the slopes corresponding to cation (VZn) and

anion (VSe) vacancies [36]. Comparing CGS to ZnSe is relevant as the atomic

structure of ZnSe is very similar to CGS and the Cu and Ga core electron

distributions are very similar to that of Zn. The R values for these vacancies

are R(VZn) = 4.8 and R(VSe) = 1.2, respectively.

Comparing the CGS data in Fig. 4.3 to ZnSe shows that the R parameter of

CGS is halfway between the anion and cation vacancies in ZnSe. The compar-

ison suggests that the defects observed in the CGS samples have the nature

of both cation and anion vacancies, making the divacancy VCu–VSe in CGS a

natural suggestion for the dominant defect responsible for positron trapping.

Further, comparing the data to values from similar III-V and II-VI semicon-

ductors where cations and anions are size-matched, where native cation and

anion vacancies have SV < 1.03 × SB and WV > 0.8WB [37, 36], supports the

conclusion that the observed defects are larger than monovacancies on any

lattice site in CGS. Applying the standard trapping model (Eq. 3.5) we can

estimate the concentrations of the vacancies to be in the 1017 – 1018 cm−3
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range in the samples with smallest [Cu/Ga] ratios.

Theoretical calculations support the role of the divacancy [29]: In Se-poor

and Cu-rich CGS, the formation energy of VCu is less than that of VSe and the

divacancy is energetically favorable. Likely, an excess of Cu vacancies exists in

the material, consuming all of the Se vacancies to form energetically favorable

VCu–VSe.

4.2.2 CIS

Figure 4.4 shows the (S, W ) data for the CIS layers and a p-type CIS bulk

crystal. The data points seem to form two distinct lines with slopes of -0.2

(corresponding to R1 = 4.6) and −0.6 (R2 = 1.8). The different behavior com-

pared to CGS indicates that positrons annihilate from at least three different

states (at least two kinds of vacancy defects) in these samples. Also here a

general trend of increasing S and decreasing W with decreasing [Cu]/[In] ratio

can be observed, indicating an increasing vacancy concentration with decreas-

ing [Cu]/[In] ratio. The correlation is less clear than in CGS yet suggests the

involvement of VCu for both vacancies.

Figure 4.4. S-W plot of CuInSe2 samples. Each sample is represented by one point. The
[Cu]/[In]-ratios of the samples are listed in the legend.

Analyzing the S and W parameter ranges in the two slopes gives SV ≥
1.036 × SB and WV ≤ 0.75WB for R2 = 1.8, and SV ≥ 1.024 × SB and

WV ≤ 0.90WB for R1 = 4.6. With similar arguments as in the case of CGS, the

former requires vacancy defects larger than monovacancies (e.g. divacancies),

while a monovacancy-sized defect could explain the latter. Theoretical models

also support the existence of the divacancy in CIS, similar to CGS [29]. In
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the CIS layers with lowest [Cu]/[In] ratio the dominant vacancy defects that

trap positrons are likely VCu–VSe divacancies, while VCu monovacancy-type

defects dominate at higher [Cu]/[In] ratios. The lower R for VCu–VSe in CIS

than CGS can be explained by the In 4d electrons giving a less important

contribution in the high-momentum area of the annihilation peak, leading to

a lower W -parameter.
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5. Vacancies in transparent
semiconducting oxides

5.1 Overview

Transparency and conductivity are usually mutually exclusive material prop-

erties. Transparency to visible light requires an optical band gap of around

3 eV which also often implies insulating instead of semiconducting material.

Most materials with band gaps greater than this cannot be made conductive

using typical doping methods. Some compounds, however, do have a high

enough band gap to be transparent while conducting electricity. One material

category with these properties is transparent semiconducting oxides (TSOs).

In the case of TSOs the conductivity is caused by shallow donor states, which

do not significantly influence the band gap or absorb light. The most com-

mon TSOs in practical use are In2O3, SnO2, ZnO and β-Ga2O3. For current

typical electronic use cases, these materials are heavily n-doped and called

transparent conducting oxides (TCOs) due to the metal-like high conductiv-

ity. In this form these materials find applications in fields such as flat-panel

displays and photovoltaics. TCOs are typically used as simple transparent

contacts and the requirements for material quality are equally simple: High

conductivity and transparency. The most common TCO in industrial use is

heavily Sn-doped In2O3 (ITO) mainly due to its high conductivity, but all of

the four mentioned TSOs find some amount of practical use. In addition to

use as TCOs, applications for these materials include oxidation catalysts and

solid state gas sensors [38, 39].

Of the TSO materials, In2O3 is the most expensive. Most of the available

indium metal is used in the production of ITO. Unfortunately, indium is not

very earth-abundant and a significant part of global reserves is already in use

[40]. Due to the high demand combined with the scarcity, the price of In has

kept in the range of $500 – $800/kg, a high price compared to e.g. $20/kg
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for Sn and $2/kg for Zn. Clearly, substituting In with a cheaper material has

industrial interest. So far, none of the possible substitutes have been able

to reach both the electrical properties and manufacturing practicality of ITO

[41].

The high n-dopability of In2O3 is one of the reasons for its success. Optical

transparency is retained even at high doping levels with the Fermi-level pushed

to the conduction band. Transitions between different conduction band states

do not absorb light because the energy difference between the first and second

conduction bands is above the visible light energy near the gamma point [42,

43] as in Fig. 5.1. The figure also illustrates why measuring the band gap for

these kinds of materials is not straightforward: optical absorption from the

VBM to the CBM is suppressed and only transitions from lower valence band

states (∼ 0.8 eV) are allowed.
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Figure 5.1. Band structure of In2O3, adapted from [42, 44, 45]. Intra conduction band
transitions are inhibited by the large energy difference Ec−c. The visualized
band gap of 2.9 eV is the direct band gap, an indirect gap of 2.6 eV also exists.

Without degenerate doping, these materials are called transparent semicon-

ducting oxides (TSOs), being wide band-gap semiconductors and insulating

in their perfectly stoichiometric form. The current interest in these materi-

als is fueled by their possible use in semiconductor devices. If the electrical

properties of TSOs could be controlled similarly to e.g. silicon, a range of

transparent electronics would become possible [45]. So far, however, the high

effect of impurities and native defects on conductivity has inhibited the use of

these oxides as semiconductor material.

Sn, In, Zn and Ga are close to one another in the periodic table, in the II,

III and IV groups. The corresponding oxides have direct band gaps of 3.6 eV
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Table 5.1. Material characteristics. The crystal structures listed are the ones most com-
monly encountered.

Name Band gap [eV] Density [g/cm3] Crystal structure

SnO2 3.6 6.85 Rutile

In2O3 2.9 7.18 Cubic bixbyite

ZnO 3.4 5.61 Wurtzite

Ga2O3 4.9 5.88 Monoclinic

for SnO2 [46], 2.9 eV for In2O3 [47], 3.4 eV for ZnO [46] and 4.9 eV for Ga2O3

[48] according to current results. The band gap values are still debated on.

The crystal structures of these materials vary (see Table 5.1), and most of

them have several alternatives. For SnO2, a common dopant is Sb [49] and

for ZnO, Al [50], forming ATO and AZO, respectively. For Ga2O3, Sn-doping

has proven effective [48].

As mentioned, the TSO-materials studied in this thesis are typically n-type

conductive without extrinsic doping — they are unintentionally doped (uid).

The origin of the doping is not known with certainty, but common suspects

include oxygen vacancies (VO), cation interstitials and hydrogen impurities.

In any case, the formation of n-type dopants is energetically so favorable that

p-doping has not been reliably achieved in any of these materials. Any amount

of p-doping is simply compensated (and often overcompensated) by the donor

defects, producing semi-insulating or n-type material.

The origin of the intrinsic conductivity and difficulty of p-doping has been

investigated in several computational and experimental studies during the last

decade [43, 51, 52, 53, 54, 55, 56, 45]. Calculations of formation energies using

ab-initio theory agree on a low formation energy, and increased equilibrium

concentration, of the donor-type defect VO for low Fermi-levels, leading to

efficient compensation of p-doping. Cation interstitials (Ini, Sni, Zni) have

also received some amount of theoretical support, although there is more dis-

agreement on the formation energies. In addition, the calculated energies

shift depending on if the modeled environment is cation-rich (oxygen poor) or

oxygen-rich (cation poor).

The low formation energy of a charged defect does not yet mean that the

defect will produce charge carriers. The carriers still need to be excited to the

conduction band (electrons) or the valence band (holes) to produce conduction.

This ionization energy is dependent on the difference in energy between the

target band and the charge transition point of the defect. As an example

(according to Ref. [51]), VO in In2O3 is doubly positive when EF is between
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EVBM and ECBM − 300 meV, above which it is neutral. This means that to

excite conduction electrons from the neutral vacancy, 300 meV per electron is

required, which is much more than thermal fluctuations can provide. Similar

results have been obtained for the other TSOs as well [57, 58, 46].

Calculations cannot give final proof if any of the mentioned defects is a deep

or shallow donor as the results are dependent on various computational details.

In summary though, recent calculations in several of the TSO materials ([57,

46, 51]) seem to agree that VO is indeed a deep donor. In this case p-doping

is suppressed while intrinsic n-conduction remains unexplained.

In addition to intrinsic defects, hydrogen impurities have been suggested as

a source of donors in TSOs. According to calculations, Hi is +1-charged even

with high Fermi levels [59, 55, 45]. Hydrogen doping has also been experi-

mentally verified [60]. Hydrogen is a common impurity during growth, yet the

unintentional n-type conduction is detected even in samples grown in a high

purity environment such as with molecular beam epitaxy (MBE). Also, the

conductivity of TSOs is affected by oxygen partial pressure during growth and

any post-growth annealing [61]. Generally, annealing in O2 decreases conduc-

tion electron concentration while annealing in vacuum increases it. This again

contradicts the involvement of hydrogen impurities while suggesting compen-

sation of n-type conduction by acceptor defect Oi [62, 63, 51, 52].

Donor doping is also limited by compensating defects when very high carrier

concentrations are attempted. The nature of the dominant compensating ac-

ceptor remains disputed: Cation vacancies and oxygen interstitials have been

proposed as the main acceptor when the Fermi level is high in the conduction

band [51, 52, 54]. The achievable electron concentration has been calculated

to be 1020 – 1021 cm−3, which is also supported by experiments [49, 45].

In summary, the compensating defects in these materials have been stud-

ied extensively using computational models but results remain inconclusive.

Experimentally, electrical properties have been successfully related to growth

parameters, which means practical fabrication is possible. What is still miss-

ing is experimental defect profiling to gain a more accurate image on what the

compensating defects are and how they relate to doping and other growth con-

ditions. In the next section, results obtained mainly using positron Doppler

broadening spectroscopy are presented for SnO2, In2O3 and Ga2O3.
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5.2 Results and discussion

5.2.1 Overview

Vacancy defects often act as compensating centers reducing the electrical con-

ductivity. If both the dopant and the effective charge carrier concentrations

(Ndopant and Ne) are known, the concentration of the compensating defect

must be relative to [Nd] = [Ndopant] − [Ne]. If the vacancy concentration

matches the compensating defect concentration, it is very likely that the va-

cancy is the compensating donor or acceptor. Identifying the vacancy in bi-

nary oxides is simple because isolated oxygen vacancies are not detected by

positrons due to their small size and often positive charge [64]. Cation vacan-

cies and cation based vacancy complexes can usually be detected, especially

in n-doped material where they tend to be negatively charged.

Layer specific measured S-W -points for SnO2, In2O3 and Ga2O3 are illus-

trated in figures 5.2, 5.5 and 5.7. In all three cases a linear trend in the

parameter values is seen with vacuum annealed In2O3 as the only exception.

The lines all seem to pass nearby or through the bulk (S, W )-point. As dis-

cussed in section 3.3, this implies that positrons are annihilating in two states

with one state being the free positron and the other a vacancy state. The

bulk (S, W )-points were measured in bulk crystal samples which were also

confirmed using positron lifetime spectroscopy to be “vacancy-free”, with the

vacancy concentration being below the detection limit of 1 × 1016 cm−3. Us-

ing a one positron trap model, the vacancy concentrations can be estimated

using Eq. (3.5) for all of the studied materials. The accuracy of the estimation

depends heavily on whether the defect specific (S, W )-point can be reliably

placed on the plot. Even if this is not the case an upper limit on the vacancy

concentration can be determined.

Within one sample group the samples are usually differentiated by either

dopant concentration or annealing. It then stands to reason that the underly-

ing cause for vacancy formation is related to these factors. In some cases the

vacancy concentration is dependent on other, less obvious growth parameters.

Theoretical modeling calculations for SnO2 and In2O3 were performed using

the VASP-program [65]. Electron energy cutoff was set at 420 eV for SnO2

and 550 eV for In2O3 and a 2x2x2 Monkhorst-Pack K-point grid was used.

For vacancy calculations in SnO2 the 6 atom unit cell was repeated to a total

of 162 atoms. The 80 atom unit cell of In2O3 was considered sufficient for

defect modeling. The results are presented in figures 5.3 and 5.6. In most
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cases the different vacancy points also lie on a line or are clustered. This does

not significantly alter the interpretation of experimental results since for both

materials the cation monovacancy is sufficient to explain the observed linear

trend.

In the following, the results of these measurements and calculations are

presented and discussed for each material separately.

5.2.2 SnO2

The SnO2 samples included a series of thin-film Sb-doped layers grown by

plasma-assisted molecular beam epitaxy (PA-MBE) on sapphire (Al2O3) sub-

strates [66, 49]. The Sb-doping concentration of the samples varied between

1018 and 1020 cm−3. One sample (#1) was grown without an Sb-doped layer

and represents the uid state. The Sb-doped films were 545 nm thick. In ad-

dition to the thin-film samples, a high crystal quality bulk SnO2 sample [67]

was included for reference.
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Figure 5.2. S–W plot of SnO2 layer values. One point is drawn for each sample to illustrate
the differences caused by Sb-doping.

An S–W plot with the measurement results is drawn in Fig. 5.2 with a

linear fit to the data points. The points fit the line fairly well, which usually

indicates that positrons are annihilating in only two different states. However,

in this case the samples can be divided into two distinct groups by their

doping concentration. The samples with the least amount of Sb, #1 – #3, are

clustered in the high S low W area. The samples with [Sb] over 1019 cm−3 fall

on the line with a clear trend of increasing S as the Sb concentration increases.

This indicates that two effects are seen.
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In the low doping case the SnO2 layers seem practically identical to positrons.

Changes in doping concentration do not change the results, which indicates

that either the vacancy concentration is constant or that positron trapping is

in saturation.

The highly doped samples #4 – #7 show a typical one trap behavior with

the annihilation fraction in that defect increasing with doping concentration.

This is possibly a separate defect compared to the one in samples #1 – #3.

As the doping effect seems to saturate for samples #6 and #7, it is possible

that saturation trapping at this defect is reached.

It seems that samples with the lowest [Sb] have the highest vacancy concen-

trations. The vacancies themselves must be Sn-related, either singular VSn or

complexed with one or more VO.
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Figure 5.3. Calculated (S, W )-values for various vacancies in SnO2. The axes are scaled
in relation to the bulk value.

The results of theoretical calculations for SnO2 are presented in Fig. 5.3 for

the bulk crystal and several vacancy types (VSn, VSn – nVO with n = 0 . . . 2).

The bulk lattice is in the upper left corner and the different vacancies are

located to the right and down. Two types of trivacancies were modeled. In

the neighbouring case, the two removed oxygen atoms were located nearby

each other. In the opposite case the oxygen vacancies are on opposite sides of

the Sn vacancy. The latter case has clearly distinct annihilation parameters

and the corresponding lifetime is 13 ps longer than in the neighboring oxygen

case.

According to modeling saturation trapping to the aforementioned vacancy

types leads to S-values in the 0.453 to 0.456 range and W -values in the 0.044

to 0.046 range. This is close to the region marked with [Sb] < 1019 cm−3. For

45



Vacancies in transparent semiconducting oxides

larger vacancies the S-values are estimated to be greater than 0.46 which is

well over the range of measurement results and likely not detected in these

samples. Thus, according to calculations any of the VSn, VSn–VO or VSn–2VO

(neighboring) is sufficient to explain the experimentally observed behavior.

Particularly, the samples with [Sb] > 1 × 1019 cm−3 are likely dominated by

singular cation vacancies due to the linear trend and in their case the S-values

follow Sb-concentration. If we assume saturation trapping to VSn at the lowest

[Sb] samples, the vacancy concentrations for the high-doped samples can be

estimated to be in the 1 × 1017 to 1 × 1019 cm−3 range.

The peculiar relation between [Sb] and [VSn] indicates that vacancy formation

follows the thermodynamic trend only at high doping concentrations. With

low [Sb], the controlling factor for vacancy formation could be the low surface

adatom mobility, similar as in InN [68]. Sb is a well-known reactive surfactant

in semiconductor thin film growth, and has been found to have a strong surface

segregation also in SnO2 [69].

Hall measurements confirmed that Sb-doping was effective for all doped sam-

ples and achieved a nearly 1-on-1 relation with conduction electron concen-

tration [49] so no significant compensation is present. Only in samples #6

and #7 is the vacancy concentration high enough to possibly have an effect

on the charge carriers. For the low [Sb] samples no compensation is detected

so either the vacancies are not electrically active at all or the concentration

of the vacancy is small. The latter option is only possible (due to the high

S-value) if the detected vacancy is a cluster with at least two VO next to a

VSn.

5.2.3 In2O3

A series of high quality single crystalline thin-film Sn- and Mg-doped In2O3

samples was prepared using PA-MBE on yttria-stabilized zirconia (YSZ) sub-

strates [70, 63]. Donor doping was performed using Sn and acceptor doping

using Mg with varying intensities. Undoped samples were available in both

thin-film and bulk form. Lifetime measurement indicates that the vacancy

concentration in the bulk sample was below the detection limit of 1016 cm−3.

After growth, all of the samples were thermally annealed either in oxygen or

vacuum to influence the intrinsic defect concentrations. Supposedly, acceptor

type defects such as Oi are formed during oxygen annealing while donor type

defects are suppressed. Conversely, vacuum annealing should increase the

concentration of donor type defects such as VO and reduce that of acceptor

type defects.
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Figure 5.4. S parameter as a function of implantation energy for the Sn-doped samples
after different annealings. In the upper figure, positron implantation profiles
for selected energies are drawn to better illustrate the effective probing depth
as a function of energy.

Figure 5.4 shows the low momentum parameter S as a function of implan-

tation energy for the Sn-doped film samples. The corresponding mean im-

plantation depth is marked on the top axis. The figure also includes a plot of

positron depth distributions for a few implantation energies to illustrate the

shape of the depth profile.

The oxygen annealed samples resemble each other in that the interface be-

tween In2O3 and the substrate is not visible and S transitions smoothly from

the layer to the substrate. The In2O3-layers do give slightly higher S-values

than the bulk sample, indicating that vacancies are detected.

The vacuum annealed samples on the other hand are more interesting. For

Sn-doped #1 and #2 the value of S increases between the layer and the

substrate, indicating that a region forms at the interface. For sample #2, it

seems the interface effect is mostly limited to the energy range matching the

In2O3 layer with the substrate remaining relatively unaffected. In the case of

sample #1 the effect is seen also at much higher energies. For the least doped
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undoped sample #7 and an area for the interface in sample #1 are illustrated.

sample #3 the interface is no longer clearly visible.

The results for the Mg-doped samples are not illustrated in the S–E-plot.

In general they are very close to each other and the In2O3 bulk, although on

the average the vacuum annealed versions show a higher S-value.

Figure 5.5 shows the difference between the oxygen and vacuum annealed

layers. Vacuum annealing causes a general shift to higher S. The total shift is

greatest for sample #1. The three Sn-doped oxygen annealed samples fall on

a line together with the Mg-doped samples, which usually indicates that only

one type of defect is seen by positrons. In this case the vacancy concentration

of the samples can be estimated with Eq. (3.5). The defect concentrations of

samples #1 – #3 can be resolved to be in the ranges 1.5 – 1.9 × 1016 cm−3 for

#1, 0.9 – 1.4 × 1017 cm−3 for #2 and 5.0 – 6.9 × 1016 cm−3 for #3.

Computational modeling results for various vacancies in In2O3 are illustrated

in Fig. 5.6. The resulting (S, W )-points form clusters depending on not only

the size of the vacancy but also the atom selection. The In2O3 lattice has

two inequivalent In sites with both In types neighbored by six O atoms. Con-

sequently, there are several different divacancies (VIn − VO) and trivacancies

(VO − VIn − VO). Only some of the different configurations were modeled. On

average, removing more O atoms moves the vacancy specific point down and

right. Calculated positron lifetimes also increase with the vacancy size.

Sn-doped In2O3 are divided by post-growth annealing in either O2 or vac-

uum and this is evident in the results. Oxygen annealing leads to one vacancy

type and reduced conduction electron concentration ne. Sn-dopant concentra-

48



Vacancies in transparent semiconducting oxides

1 1.02 1.04 1.06 1.08
Relative S parameter

0.85

0.9

0.95

1

R
el

at
iv

e 
W

 p
ar

am
et

er

bulk

In vacancies

V
In

 - V
O

’s

Increasing vacancy

V
In

 - 2V
O

’s

cluster size

Figure 5.6. Calculated (S, W )-values for various vacancies in In2O3. The axes are scaled
in relation to the bulk value.

tion is greater than ne, indicating compensation by electron trapping defects.

The detected defect is most likely the indium vacancy VIn which should trap

electrons when EF is near the CBM. However, the estimated vacancy concen-

trations (in the range of 1 × 1016 to 1 × 1017 cm−3) do not follow the doping

nor are they even in sufficient magnitude to explain the compensation (1 × 1018

to 1 × 1020 cm−3). This means that VIn cannot be the dominating compen-

sating acceptor. A more likely candidate is an interstitial defect such as Oi,

which has been predicted to cluster around Sn dopants [71, 62, 52]. Interstitial

defects rarely trap positrons in room temperature, so this defect would most

likely not be visible in the Doppler spectra.

Vacuum annealing greatly increases ne of the samples while moving the

(S, W )-point to higher S with little change to the value of W . The points are

no longer on a line, which means the type of defect changes. Considering that

vacuum annealing removes oxygen from the samples, formation of VIn – nVO is

the most consistent explanation and also supported by calculations (Fig. 5.6):

the data points are shifted slightly to the right. The increase in ne is most

likely due to the oxygen vacancies themselves since vacuum annealing should

not introduce more H impurities to the samples.

The results for the Mg-doped samples show similar behavior as the Sn-

doped samples, only with reduced scale. No p-type conductivity was detected

in the Mg-doped samples as annealing in O2 turned the films semi-insulating

while vacuum annealing produced n-type conduction. This means that Mg

was always at least balanced by VO. Positron measurements did not detect

any significant cation vacancy concentration. This is reasonable since the
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samples were not heavily n-type, which is required for the vacancies to become

energetically favorable.

5.2.4 Ga2O3

A series of thin-film β-Ga2O3 samples was prepared using MOVPE in low

pressure mode on both n-type conductive Ga2O3 (series G) substrates [72, 73]

and insulating Al2O3 (series A) [74, 75]. Si doping effectiveness as well as the

effect of O2-annealing on material quality was studied. All thin-film samples

were found to be insulating, even the ones with heaviest Si doping, despite Si

having been predicted to be an efficient donor [58].
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For detailed analysis of the positron data, a data point (S, W -value pair) for

a low defect density (< 1016 cm−3 vacancies) crystal is useful as a reference.

The result of the lifetime measurement was a single positron lifetime of 176 ps

with a 260 ps FWHM spectrometer. A similar value has been reported earlier

for a free positron in Ga2O3 [76]. Hence, it is likely that the Ga2O3 substrate

produces S and W parameters representative of the Ga2O3 lattice and that

these can be used as reference values. The long positron diffusion length

obtained in the substrate also supports this conclusion.

An S–W -plot is shown in Fig. 5.7. The points form a line with the bulk

point on one end and with samples A1 to A4 on the other. The bulk point

has the lowest S and highest W -values due to positrons annihilating mostly

in the free state in the bulk.

Several of the samples in the heteroepitaxial A series (A1 – A4) form a tight
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cluster near the low right corner. Changing the Si-doping concentration has

very little effect on the positron results of these samples. Since the cluster

(S, W )-parameters are far from the substrate values (approx 1.066 × SB) it is

likely that the cluster represents the vacancy state. Similar values have been

measured for VGa in GaN [77], a material with constituent atom sizes close to

those of Ga2O3. In addition, the vacancy signal gets stronger with annealing

in O2, supporting this interpretation. Saturation trapping implies that the

VGa concentration in the samples A1 – A4 is at least 5 × 1018 cm−3 [5].

The vacancy concentration of the samples can be estimated by comparing

the annihilation parameters to those of the defect and the defect-free lattice.

In G1 the concentration is 1 × 1017 cm−3, in G2 and G3 5 × 1017 cm−3 and

finally in A5, A6 and G4 in the 1 – 2 × 1018 cm−3 range. Both annealing in

O2 and Si doping strongly increase the concentration of Ga vacancies in the

samples.

All thin-film samples were found to be electrically insulating despite signif-

icant Si-doping. The Ga vacancy concentration is highest in the samples A1

– A4 that were Si-doped from 1016 to 1017 cm−3. This is less than the esti-

mated Ga vacancy concentration (> 5 × 1018 cm−3). Theoretical calculations

predict that the VGa should be in a negative charge state for Fermi levels in

the upper half of the band gap [78], compensating for n-type doping. Hence,

the observed Ga vacancy concentrations in the Ga2O3 films fully account for

the compensation of Si doping. In addition, the n-type conductive substrate

does not contain a significant concentration of Ga vacancies, in line with this

conclusion.
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6. Summary

In this work, positron annihilation spectroscopy was used to study complex,

optically relevant semiconductor materials. The interpretation of the exper-

imental results was assisted by theoretical modeling. Most of the studied

materials have been under research for years yet few vacancy specific studies

have been conducted so far.

The lattice of binary or ternary alloys is generally alternating, meaning that

any atom is surrounded by atoms of other types. Similarly, vacancy complexes

in such materials also contain different vacancy types. This is contrary to sim-

ple materials composed of just one element, such as the thoroughly researched

Si. The wide range of different vacancy cluster types leads to difficulties in

vacancy identification and often the number of vacancies in a cluster cannot

be accurately determined.

Most of the studied materials were grown using epitaxial growth methods

such as metal organic vapor phase epitaxy or molecular beam epitaxy. These

techniques produce thin-film material, which is markedly different from bulk

crystals. The distance from the substrate to the surface may be in the 100 nm

range, in which lattice strains may not completely relax. The growth itself

introduces lattice defects to the material due to atoms not arranging optimally

on the growth surface. A thin-film sample can also be heavily affected by

annealing in different temperatures or atmospheres since the surface is always

close by.

From a measurement perspective, thin-film samples have the disadvantage

of not easily allowing positron lifetime measurements. Lifetime spectroscopy

was only used to confirm that reference bulk samples were vacancy-free, which

does allow for more clear conclusions on the Doppler broadening results.

In many of the materials, vacancy complexes were detected instead of only

monovacancies. The existence of complexes was deduced based on the corre-

lation between the Doppler broadening results and the growth parameters of
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the samples. For CuGaSe2, more vacancies were detected as Cu-concentration

decreased. The trend of the change was a mix between the trends of cation

and anion vacancies. For CuInSe2, most of the samples seemed to be domi-

nated by monovacancies while the samples with least Cu gave distinct results

hinting towards larger vacancies. With SnO2, the main argument for the exis-

tence of clusters is the high S-values detected in the least doped samples. For

the case of In2O3, the measurement results were clearest as vacuum annealing

increases the size of the detected vacancies.

For the studied oxide materials, the sizes of the constituent atoms differ by

a large margin. The radius of oxygen is less than half of that of In or Sn.

Intuitively, the volume of the vacancy complex is then rather insensitive to

the number of VO it contains so that no estimation for this number can be

given. This effect is also seen by calculations where the positron lifetimes of

VIn and VIn–VO are practically identical.

The effects of these various vacancy complexes on the electrical properties

vary. In Cu(In,Ga)Se2, the detected divacancies may be the cause of metasta-

bility by introducing more holes when illuminated. In SnO2, the vacancies

seem to have no effect as Sb-doping is fully efficient. This is not the case in

In2O3, where increasing the size of the vacancies coincides with increase of

conduction electron concentration and is likely caused by donor type VO being

added to VIn. Finally, in Ga2O3 the detected high concentration of compen-

sating acceptor-like VGa is the most likely cause for the failure of n-doping

with Si in the studied samples.
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