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Abstract 

Transversal corner cracking during the continuous casting of micro-alloyed steels is well known to 

be a consequence of the presence of film-like ferrite along the austenite grain boundaries. Surface 

structure control cooling (SSCC) has been found to be a promising technique in order to prevent 

transverse corner cracking. It consists of cooling below the Ar3 temperature and a subsequent 

heating over the Ac3 temperature followed by mild cooling. Cracking is prevented by promoting a 

double phase transformation which results in a ferrite microstructure that is different from the film-

like ferrite along the grain boundaries, and a much more uniform microstructure without any chain-

like precipitation at the grain boundaries. This technique has been studied and applied to the con-

tinuous casting conditions. Experiments based on the SSCC method with a micro-alloyed steel 

containing Nb, V and Ti have been carried out in order to evaluate the different parameters that 

are involved in the process. The SSCC based samples show a finer microstructure than the mild 

cooling samples. In addition, it could be that cooling until 510 °C and holding time at high tempera-

ture of 2 minutes are the most optimal parameters to obtain a microstructure with two different 

austenites, differenced by their carbon content. No other differences were found between the 

SSCC based and the mild cooling (normal cooling concept in continuous casting) samples. 

 
 
 
 
 
 

Keywords  Micro-alloyed steel, transverse corner cracking, hot ductility, surface structure control 

cooling. 
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LITERATURE PART 

1 Introduction 

1.1 General 

Micro-alloyed steels typically contain less than 0.2 % carbon content, up to 2 % 

manganese and small additions of niobium, titanium or vanadium among other ele-

ments (less than 0.1 % each and less than 0.15 % in total). These steels are charac-

terized by cost-effectiveness due to the small amount of alloying elements, high yield 

strength (up to 600 MPa), good toughness, weldability and corrosion resistance. 

Strength is enhanced by fine grained straightening and by precipitation strengthening 

due to vanadium, titanium and niobium precipitates that appear as carbides, nitrides 

or carbonitrides, which precipitate in the austenite and then contribute to dispersion 

hardening during or after austenite to ferrite transformation. [1]–[7] The key ad-

vantage is the weight reduction achievable through substitution, which depend both 

on the difference in strength and in the mode of loading [4]. Some applications of 

these steels are large bridges, high pressure vessels, boilers, oil and gas pipelines, 

construction and farm machinery, heavy-duty highway and off-road vehicles, indus-

trial equipment, storage tanks, mine and railroad cars, off-shore structures, power 

transmission towers, light poles, building beams and panels, lawn mowers, etc. [3], 

[5], [6] 

In the last four decades micro-alloyed steels have been developed a lot, becoming 

an indispensable type of structural steel owing to their properties. Nonetheless, ob-

taining micro-alloyed steels with better quality, lower cost and improved properties is 

still crucial. Despite their benefits, the current total production of micro-alloyed steels, 

which is evenly distributed between long and flat products, only represents about 12 

% of total world steel production (i.e. about 189 million tons from the 1578 million 

tonnes of world crude steel that were produced in 2013) [4], [7], [8]. The main reason 

is that precipitation can cause cracking during other processing stages such as con-

tinuous casting [5]. Thus, further investigation of the continuous casting process of 

micro-alloyed steels is still necessary. Moreover, during the 20th Century continuous 

casting has turned into the most important process in steel production. The demand 

of steel with better quality and properties and the necessity of reduce costs, energy 

and time has caused the investigation and development of continuous casting tech-

nique and the parameters that are involved on it.  

There are still problems during the continuous casting of steels. Transversal corner 

cracking is very damaging in micro-alloyed steels, and has not been studied deeply 

yet. Thus, the investigation of transversal corner cracking becomes very important in 

order to understand the mechanism of this defect and find solutions to minimize and 

avoid it. “Surface Structure Control Cooling” (SSCC) is a method that has been 
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found very promising in the minimization and prevention of transversal corner crack-

ing. SSCC allows the formation of a fine equiaxed microstructure at the surface pe-

riphery of the solidifying strand during secondary cooling before reaching the un-

bending zone in continuous casting process. Thus, the micro-alloyed steel’s prone-

ness to cracking during continuous casting could be prevented. 

1.2 Goals of the final project 

This project has two main goals: 

 Examine deeply the reasons and causes for corner transversal cracking in 

micro-alloyed steels  

 Find solutions to minimize transversal corner cracking in micro-alloyed steels 

and to improve their surface structure 

In order to achieve these goals, this thesis is divided in two parts. The first one con-

sists of a literature review based on theoretical fundamentals concerning continuous 

casting of steel process, problems that occur during continuous casting of micro-

alloyed steels and corner transversal cracking. 

In the second part the SSCC concept is applied and adapted to the continuous cast-

ing process. Laboratory trials, microscope analysis and hardness measurements are 

carried out in order to obtain information about the phenomena involved in the pro-

cess. 

2 Continuous casting of steel 

2.1 Continuous casting process 

Continuous casting is the most important process in steel production, being used to 

produce over 90 % of steel in the world including carbon, alloyed and stainless steels 

with a great number of steel qualities in very wide variety of dimensions. It is the im-

portant linking process between steelmaking and rolling, in which molten steel is 

solidified for subsequent processing. In 1856 the continuous casting method was 

suggested by Bessemer but it was not implemented in wide scale until 1960s. Be-

fore, steel was poured into stationary moulds to solidify as ingots. During 1930s and 

1940s the continuous casting process became a common production method for 

nonferrous metals. However, for steels it was implemented later due to their relative-

ly low thermal conductivity and the required high casting temperatures. In 1980s con-

tinuous casting exceeded the conventional ingot steel casting route, turning into the 

biggest steel casting method. Continuous casting has a lot of benefits compared to 

the conventional ingot casting route such as improvement of steel quality, better 
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yield and saving of energy and manpower. [9]–[12] The principle of continuous cast-

ing is illustrated in Figure 1. 

 

Figure 1. Schematic of steel continuous casting process [9]. 

The molten steel in a ladle is transferred to the caster. When the process starts, the 

nozzle at the bottom of the ladle is opened and the steel flows into the tundish at a 

controlled rate. Then, steel from the tundish flows through a submerged entry nozzle 

(SEN) into one or several moulds, which are generally water cooled moulds. The 

steel should be protected from exposure to air over each vessel by slag cover and 

between vessels by ceramic nozzles. The first solidification occurs at the metal-

mould interface, where the molten steel freezes against the mould walls to form a 

solid shell. The shell thickness increases progressively when the steel is withdrawn 

through the machine. The withdrawn is carried out at a rate or casting speed that 

matches the flow of incoming metal, thus the process ideally runs in steady-state. 

Below the mould exit, the shell thickness must be enough to support the remaining 

liquid. To minimize bulging due to the ferrostatic pressure there are rolls that support 

the steel. Between rolls, water and air mist sprays are utilized to cool the surface of 

the strand in order to maintain its temperature until the molten core is solid. The 

mould and rolls cooling is called the primary cooling, while the spray cooling is called 

secondary cooling. At the machine end, when the centre is completely solid, the 

strand is cut off and transferred to a rolling mill. [9], [11] 

The biggest challenge in continuous casting of steel is to cast steel continuously 

without interruptions and to minimize defects. Although steel cleanliness is mainly 

determined by the preceding operations, continuous casting also influences it. In 

addition, solidification control is important to achieve good surface and internal quali-
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ty. Research and development in the continuous casting field is still being carried out 

in order to cast steels with better quality and to develop methods to cast extra diffi-

cult steel grades with special problems and requirements such as cracking and high 

surface quality. Ecological aspects and energy efficiency are nowadays important 

aspects as well. [9], [11], [12] 

2.2 Conventional continuous casting process 

Continuous casting is, by far, the most important process in steel production. There 

exist three main types of casters, result of the development during the years in order 

to reduce the capital costs and to improve the quality of the steel: simple vertical 

casters, vertical bending casters and curved casters. The length of the casters is 

between 500 and 800 m. [10]–[12] The different types of casters can be observed in 

Figure 2.  

 

Figure 2. Scheme of the different types of casters [13]. 

In addition, according to the strand dimensions the casters are typically named as 

billet, bloom and slab casters. Billets are squares (< 200 x 200mm2), slabs are rec-

tangular (width 1000-2000mm, thickness 100-200mm) and blooms are between 

them. There are also round products and other shapes as beam blanks. [9], [11], [12] 

2.2.1 Vertical casters 

Simple vertical casters were the first industrial continuous casting machines. One 

advantage of vertical casters is that some defects that appear in the other types such 

as transversal cracking can be reduced or even eliminated due to there is no bend-

ing or straightening of the strand. Thus, these casters are especially suitable for high 
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surface quality steel and high alloy steel casting. Another advantage is that non-

metallic inclusions can float up more easily to the meniscus (the upper liquid surface 

in the mould) than in the other casters due to the solidification of the molten steel is 

done in the vertical direction, while in bow type casters some inclusions can may be 

attached to the inner arc of the strand shell when they are flowing up [11], [14], [15]. 

However, the main problem in these casters is that the distance between the mould 

and the point of cutting is limited, what leads to low casting speed and therefore to 

low production rate. In addition in the case of large strand sizes severe defects such 

as segregation and cracking can appear due to the high bulging of the solidified 

strand shell which is caused by the ferrostatic pressure of the liquid steel inside the 

strand. The higher the machine is, the bigger the risk for bulging. Furthermore, verti-

cal casters have large overall height. [10], [11], [16] In the past 10 years these cast-

ers have rarely been used except for a few special steel grades [14]. 

2.2.2 Vertical bending casters 

Further development resulted in vertical bending casters, which consist of bent cast-

ers with straight mould, with an arc continuous casting machine and a straight line 

segment. Three types exist: with bending and straightening of the solid strand, with 

bending and progressively straightening while there is liquid inside the strand and 

bending and straightening while there is still liquid inside the strand [11], [13], [14]. 

These casters, as well as the curved casters, were developed with the target of con-

structing lower and simpler machines with smaller need for space, high flexibility in 

production and maintenance and lower investment costs. The vertical mould pro-

vides improvement of quality and increases of productivity 1.4-1.5 times because the 

distance between the mould and the point of cutting is smaller than in straight verti-

cal casters. Moreover, the risk for bulging is smaller than in straight vertical casters 

as well. In addition, in these casters inclusions can float up better than in curved 

casters. Due to the need for cleanliness in larger strand, especially with slab, vertical 

bending casters are nowadays widely used. [10]–[12] 

However, vertical bending casters have some disadvantages such as early and con-

siderable deformation of the strand shell, there are no driven rolls in the bending 

section, their overall height is large and the degree of straightening deformation is 

high. In addition, the ferrostatic pressure in these casters is higher than that of the 

curved casters, which could causes bulging effect if the mould cannot withstand it. 

[10], [16] 

2.2.3 Curved casters 

Curved casters are bow type casters with a curved mould. Nowadays they are the 

most common casters. There are two different types: with straightening of the solid 

strand and with progressive straightening, while there is still liquid inside the strand. 

[10], [11], [16] 
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The reasons for their extended utilization are: high speed and high production rate 

can be achieved, the height is lower, the risk of bulging is smaller owing to the lower 

ferrostatic pressure of the liquid steel inside the strand and, the most important rea-

son, the strand in this casters leaves the curved mould in an arc without need for 

further bending and just with straightening at the lower part of the machine when 

shell is already relatively thick. However, as explained above, a drawback of these 

casters is that inclusions cannot float up easily to the meniscus. [10], [11], [16] 

2.3 Near net shape casting 

Near net shape casting (NNSC) means casting close to the final dimension and 

shape of the final product. Thus, the hot rolling process can be minimized or even 

omitted and a lot of time, energy and material can be saved. The NNSC methods 

can be classified as thin slab casting, strip casting and near net shape casting of 

long products and rapid solidification processes. [11] 

2.3.1 Thin slab casting 

Thin slab casting is used for slabs that typically have a thickness of 40-80 mm and 

the casting speed is about 4-20 m/min in order to attain the same production rate as 

with the conventional caster. [11] The advantages are savings in investment costs 

and energy owing to less rolling passes in hot rolling and smaller and more compact 

machine construction [17]. The machine length can be diminished from 800 m of 

conventional casting machines to 250 m [17], [18]. However, the problem is that is 

not possible to get very strong work hardening effect than with the conventional 

thicker slabs.  Nowadays, there are many thin slab casters based on conventional 

slab casters. [9], [17], [18] Figure 3 shows a schematic of the thin slab casting pro-

cess. 

 

Figure 3. Schematic of thin slab casting process [18]. 
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2.3.2 Strip casting and near net shape casting of long products 

Strip casting is used to cast thin sheet or strip, in which hot rolling and intermediate 

processes can almost be omitted and very thin strip can even be directly introduced 

into cold rolling. Strip thickness is 5-20 mm and the thickness can be even less than 

1 mm. The casting speed is 10-40 m/min. Due to the high casting speed, the cooling 

rate is high and the solidification takes place in a very short region of the strand rap-

idly, obtaining a fine microstructure with less segregation than in the cast product. 

[11]  In addition, the total length of the line is only about 60 m. [19]  

Strip casting is usually performed by two processes: twin roll process and single pro-

cess. In twin roll process casting is done between two rolls. Single roll process is 

usually used when casting very thin strip. The steel melt is poured and dragged on a 

rotating roll where the steel final thickness is acquired and solidification occurs in-

stantaneously. Advantages of this process are that there are no roughers nor finish-

ers and a reheat furnace is not needed. [11], [19]–[21] 

Strip casting has reached industrial applications in United States, for instance by 

Castrip, for carbon steel grades and for stainless steels, but the methods are still 

under development and still have not reached industrial applications. The reason is 

that it is a complex process which involves complex interactions between fluid flow, 

solidification, shrinkage and stress which leads to quality problems  [21], [22]. Figure 

4 shows a scheme of a twin drum strip caster. 

 

Figure 4. Schematic of a twin drum strip caster [23]. 
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In spite of be only used at pilot-scale, strip casting provides some improvements 

comparing to conventional methods. Hot rolling can be bypassed, anisotropy is re-

duced due to the usually weak primary crystallography, a fine microstructure is ob-

tained owing to the high cooling rate, steel sheets which do not have enough intrinsic 

ductility for rolling can be directly casted and small quantities of high steel grade can 

be profitably produced. [20], [23] 

2.3.3 Rapid solidification processes (RSP) 

Rapid solidification process is used to cast very thin strip, much less than 1 mm, with 

very high cooling rate. Thus, crystallization can be avoided and a non-crystalline 

metallic amorphous metal can be obtained with special metal alloys. It is applied in 

the laboratory scale. The aim is typically to cast wire directly. [11] 

2.4 Fundamentals of solidification in continuous casting of steel 

Solidification control is very important for surface and internal quality. There are 

many important control parameters in solidification such as steel chemistry, casting 

speed, mould level, mould powder, mould oscillation, liquid steel temperature, sec-

ondary cooling conditions and parameters that affect the flow phenomena in the 

mould. [10]–[12], [24] 

2.4.1 Solidification structures 

The cast structure during continuous casting consist of three zones: a chill zone ad-

jacent to the strand surface which structure consist of fine equiaxed crystals, a co-

lumnar zone in which dendrites extend towards the inside from the chill zone, per-

pendicular to the strand surface, and a central equiaxed zone which consist of ran-

domly oriented dendrites (Figure 5). The size of the columnar dendrites is about ten 

times bigger than that of the equiaxed dendrites. Columnar dendrites have higher 

risk of internal cracks formation than equiaxed dendrites and a long columnar zone 

increases the severity of centreline segregation and porosity because columnar 

grains are very long and thin, with long parallel grain boundaries. [11], [12], [24], [25]  

 

Figure 5. Cast structure during continuous casting [25]. 



 

 
15 

 

A dendrite is a tree-like structure that grows when the melt is freezing. It has the pri-

mary arm or the main branch and also secondary arms, tertiary arms, etc. The driv-

ing force for dendrite growth is the undercooling of the melt. When the undercooling 

increases, the Gibbs free energy difference between the liquid and solid state in-

creases and exceeds the energy barrier. Thus, solidification can take place. The 

growing morphology is typically dendritic. The reason is that the surface energy of 

the solid, which is one main reason for the energy barrier, is anisotropic in the case 

of steels and many other metals. Thus, the growth in certain directions is energetical-

ly favoured, typically against the direction of the heat flow. [11], [12], [24] 

Other morphologies such as cellular and planar can take place with special composi-

tions and/or cooling conditions that are not typical for steels. Amorphous solidifica-

tion, which means that the solid is non-crystalline and lacks the long-range order 

characteristic of a crystal, can be obtained with cooling rate high enough. Anyhow, to 

suppress nucleation in metallic systems very high cooling rates are required. That 

cooling rates can only be achieved in special RSP processes. [11] 

In continuous casting of steel, the first nucleation takes place at the mould-metal 

interface. The nuclei grow to the energetically favoured directions forming randomly-

oriented dendrites, which in turn form the outer equiaxed zone close to the surface 

with fine equiaxed dendrites. These dendrites have the favourable growing direction 

towards the heat flow direction. Then the growth continues against the heat flow 

forming columnar dendrites. Generally these dendrites can grow to the centreline of 

the casting if the casting conditions are favourable (typically if the superheat of the 

steel melt is high, even though other parameters can also affect the grow velocity of 

the dendrite tip) and during the growing new dendrites might be formed from the 

higher order arms. This zone is called columnar dendrite zone. However, very often 

a central equiaxed zone is forming as well, again randomly-oriented equiaxed den-

drites. The width of the inner equiaxed zone is related to the amount of superheat in 

the melt (the lower the superheat, the wider the equiaxed zone). The dendrites are 

not symmetrical due to many phenomena occur during the dendrite growth such as 

dendrite engulfing, branching and coarsening. [10]–[12], [24] 

Below the solidus the structure is called as grains. Depending on the dendrite align-

ments just below the solidus a grain can include one or more dendrites. Grain 

boundary movement can take place after solidification and the final grain structure 

can be altered by solid state transformations. The grains are typically growing due to 

the grain surface has extra energy and larger grains have less surface per grain vol-

ume compared to smaller grains. At high temperatures the growth can be fast due to 

fast diffusion, but at low temperatures the growth is small or even non-existent. In-

clusions formed during solidification and precipitations formed during cooling prevent 

the growth due to the pinning effect. Small grain size entails good resistance for 
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cracking during casting and good mechanical properties in the final product. [11], 

[12], [24]  

2.4.2 Microsegregation 

Microsegregation is a phenomenon that takes place during solidification in the scale 

of dendrites. Microsegregation is the variable distribution of chemical composition on 

the microscopic level in a microstructure owing to the difference between the liquid 

and solid composition during solidification. Equilibrium diagrams assume that diffu-

sion is infinite and therefore that the concentration at solidus when all the melt has 

been solidified is homogeneous and the composition is equal to the nominal compo-

sition. However, this is not the reality and in real casting conditions the microsegre-

gation is typically much higher due to small composition gradients that exist after the 

solidification. High microsegregation, especially of the harmful elements, should be 

avoided owing to it can leads to hot cracking, formation of inclusions and eventually 

to macrosegregations. [11], [24], [26] 

The degree of microsegregation of a specific element is influenced by three factors: 

the equilibrium partition coefficient, the diffusion coefficient of the element in the solid 

phase of the alloys and the cooling rate and dendrite spacing. The equilibrium parti-

tion coefficient (Kp) is a coefficient which is defined as Kp=Cs/Cl where Cs is the soli-

dus composition and Cl the liquidus composition. Typically it is smaller than one. 

[11], [27] The diffusion coefficient of the element in the solid phase of the alloys is 

the rate at which a diffusing substance is transported through a unit surface in a unit 

time at a concentration gradient of unity. [28] In steels, the diffusion coefficient of 

many chemical elements are usually higher in ferrite than in austenite, which entails 

that the microsegregation typically is much stronger for high carbon steels than for 

low carbon steels. Diffusion in the steels that contain interstitial elements is fast. In 

the steels that contain a substitutional element diffusion is slow. [11], [27] 

High cooling rate and high arm spacing lead to stronger microsegregation as a sepa-

rate phenomenon. The effect of the cooling rate is twofold, because the cooling rate 

and arm spacing are coupled. High cooling rate reduces the diffusion time and cause 

high segregation but it reduces the arm spacing as well, which leads to reduce the 

segregation. [11], [27] 

 

Microsegregation itself is not usually a serious defect in the as-cast strand due to the 

fast homogenization below the solidus and it can be removed by annealing. Howev-

er, if it is high during solidification it can entail severe defects like hot cracking, for-

mation of inclusions or macrosegregation. In micro-alloyed steels Nb causes more 

segregation than the other microalloying elements since it is the element that shows 

higher equilibrium partition coefficient. Ti also segregates, although less strongly. V 

segregates slightly and Al presents a very small tendency to segregate [11], [24], 

[27] 
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2.4.3 Macrosegregation 

Macrosegregation is non-uniformity of composition on a large scale, mainly caused 

by fluid flow. It is found in the central regions of the continuously cast products and it 

cannot be removed by annealing and it leads to non-uniform mechanical properties. 

Its severity increases as the columnar zone length increases. [11], [24], [27] 

The microsegregated melt which is situated between the dendrites can move either 

outwards to the surrounding bulk liquid or inwards. The inward flow is due to the 

shrinkage of the melt during solidification, in order to compensate the density differ-

ence between the solid steel and the liquid phase. The inward flow causes a positive 

macrosegregation (the concentration of the alloying element is higher than the nomi-

nal) at the surface region and negative segregation (the concentration of the alloying 

element is lower than the nominal) at the centre part of the strand. This kind of seg-

regation caused by the inward flow is as-called inverse macrosegregation. It is diffi-

cult to avoid owing to the shrinkage is a fundamental phenomenon during solidifica-

tion, but is typically very small and therefore not a problem. [11], [26], [29]  

The segregation caused by outward flow might lead to severe macrosegregation as 

to centre-line segregation, mesoscopic scale segregations and white band segrega-

tions. Severe mesoscopic and centre-line segregations can be formed due to bridge 

formations caused by the dendrites through which the melt cannot flow very well, 

especially in billet and bloom casters. The bridges are formed when the microsegre-

gated melt flows into the shrinkage cavity formation in the centre part of the strand. 

In slab casters the microsegregated melt flows into the voids along the centre-line 

that have been developed during the shell bulging near the liquid pool end area. 

Thus, bulging should be minimized as much as possible. In continuous casting typi-

cally mesoscopic scale segregation takes place close to the centre-line and it has 

two names depending of the shape: A-type segregation or freckles, and V-type seg-

regation or channels. These defects are normally not as severe as the centre-line 

segregation in terms of quality and surface damaging. [11], [26], [29]  

2.4.4 Solidification paths 

Figure 6 shows the Fe-C equilibrium diagram up to 6.67 %, the carbon content at 

which Fe3C (cementite) is formed. The data of this diagram can present little varia-

tions depending on the source consulted. At higher C content the product is consid-

ered pure graphite. In practical, all steels and cast irons have less than 6.67 wt% C. 

Three types of ferrous alloys can be distinguished: iron (< 0.008 wt % C), steel (0.08-

2.14 wt % C) and cast iron (2.14-6.7 wt % C). [11], [30] 
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Figure 6. Fe-C equilibrium diagram up to 6.67 wt% C. Solid lines indicate Fe-Fe3C 

diagram. Dashed lines indicate iron-graphite diagram [30]. 

In steel, there are four different solidification paths at high temperature that result 

from three different important points of the Fe-C equilibrium phase diagram 

(C%=0.1, C%=0.18, called as peritectic point, and C%=0.51) [11]. Figure 7 shows 

these points.  
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Figure 7. The left uppermost part of the Fe-C equilibrium phase diagram. The three 

points in the figure divide the solidification of the Fe-C steels into four different areas. 

The four areas are: 1) C= 0-0.1%, 2) C= 0.1-0.18 %, 3) C= 0.18-0.51% and 4) 

C>0.51%. [11] 

All steels typically solidify according to one of these four solidification paths despite 

these values are only for binary Fe-C alloy in equilibrium conditions and non-

equilibrium conditions and alloying alter these values [11], [19]. Since in this thesis 

micro-alloyed steels are considered, only areas 1 and 2 are studied.  

Area 1 (C=0-0.1 %): Solidification takes place with liquid to δ-ferrite phase transfor-

mation, thus the dendrite is fully ferritic at solidus. The diffusion coefficients in ferrite 

are high and therefore microsegregation is small and these steels are not very sensi-

tive to hot cracking. Below the solidus the δ-ferrite transforms to austenite. During 

this transformation the steel shrinks about 0.6 %. If this transformation starts close to 

solidus (in steels close to 0.1 %) the steel can be very sensitive to many types of 

surface defects due to when shrinkage occurs at a thin shell close to solidus, the 

shell is not strong enough to resist deformation. The deformation leads to the for-

mation of air gaps between the shell and the mould, which means reduced heat 

transfer leading to shell reheating and grain growth and uneven heat transfer and 

shell growth. Thus, these steels are sensitive to hot spots, surface cracking and lon-

gitudinal surface cracking. If the δ-ferrite to austenite transformation takes place at 

lower temperature, not close to solidus, the shell is stronger to resist its deformation. 

If the amount of ferrite in the strand is big, the strand should well cooled and sup-

ported to prevent bulging owing to ferrite phase is quite soft. [11], [19] 

Area 2 (C=0.1-0.18 %): Solidification starts with liquid to δ-ferrite phase transfor-

mation. Steels which carbon content is C=0.1 % or close to that are very sensitive to 

surface defects, as occurs to the steels of area 1.  When the carbon content is 0.08 

% the dendrite is fully ferritic. When it is higher the solidification starts with δ-ferrite 
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but when temperature decreases to the peritectic temperature above the solidus, the 

peritectic reaction takes place and the previously solidified δ-ferrite reacts with liquid 

forming austenite. When the temperature is decreasing, the reaction continues and 

the austenite is formed between the liquid and the δ-ferrite phases. Thus the austen-

ite grows towards both to the liquid and solid directions. When the carbon content is 

0.18 % the peritectic reaction ends due to both the liquid and δ-ferrite disappears at 

the same time and therefore the solidus structure is fully austenitic. The austenite 

grain size of these steels will be relatively high and this increases the sensitivity to 

cracking. The peritectic reaction of the steels with carbon content between 0.1-0.18 

% ends when the liquid phase disappears. The remaining δ-ferrite continues to 

transform to austenite just below the solidus. The more the solidification takes place 

with liquid to δ-ferrite transformation the smaller the microsegregation is. Thus, low 

carbon steels are less sensitive to surface defects than higher carbon steels. [11], 

[19] 

It should be noted that the homogenization of the structure below the solidus tem-

perature is in general fast because the diffusion rates are high at high temperatures, 

even if the microsegregation is strong. This is especially notable with interstitial ele-

ments such as C, B, N, O and H. [11] 

2.4.5 Austenite decomposition 

The austenite decomposition of the Fe-Fe3C phase diagram is shown in Figure 8.  

 

Figure 8. The austenite decomposition part of the Fe-Fe3C equilibrium phase dia-

gram [31]. 
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There are three important lines: A3, A1 and Acm, and the so-called eutectoid point at 

C=0.77 %. The A3 line is the starting temperature for the austenite to α-ferrite phase 

transformation. α-ferrite has the same crystallographic structure that the δ-ferrite. 

The Acm line is the start temperature for the austenite to cementite transformation, 

instead of α-ferrite. The A3 lines can also be marked as A3e, A3r or A3c and similarly 

for A1. In this nomenclature e means equilibrium condition, r cooling condition and c 

reheating condition. Typically A3c>A3e>A3r. All carbon steels are fully austenitic al-

ready at high temperatures. [11], [19]  

Low carbon steels have some ferrite after solidification but it rapidly disappears 

through the ferrite to austenite phase transformation. Then, austenite is stable until 

the temperature reaches the A3 or Acm lines. If the carbon content of the steel is low-

er than the eutectoid point (0.77 %) the steel cools down through the A3 line and if 

the carbon content of the steel is higher through the Acm line. During normal cooling 

both α-ferrite and cementite are nucleating and forming at the austenite grain 

boundaries and growing from there to the centre part of the austenite grains. [11], 

[19] 

The ferrite and cementite that are formed prior to the eutectoid transformation are 

referred to proeutectoid ferrite (Figure 9 (a)) and cementite (Figure 9 (b)). The proeu-

tectoid forms of ferrite grown along austenite grain boundaries, typically during slow 

cooling, are called grain boundary allotriomorphic ferrite. Other morphological ferrites 

can appear in special conditions such as Widmanstätten ferrite and acicular ferrite. 

Widmanstätten ferrite appears when the cooling rate is moderately high and the aus-

tenite decomposition is produced with large undercooling (Figure 9 (c)). It typically 

nucleates at grain boundaries but grows as a needle-like towards the centre of the 

grain. This microstructure is undesirable due to its properties are worse than other 

ferrite morphologies. Acicular ferrite appears if the cooling rate is more rapid than 

slow cooling (Figure 9 (d)). It is formed in the inner part of the austenitic grains typi-

cally by direct nucleation on the inclusions, resulting in short randomly oriented fer-

rite needles which especially increases the toughness. Its nucleation is aided by non-

metallic inclusions of a certain type and size, which needs to be numerous enough 

but not so much because too many particles could cause defects on the structure. 

[11], [19] 



 

 
22 

 

 

Figure 9. Different microstructures during austenite decomposition. (a) shows a light 

micrograph of proeutectoid ferrite (white) and pearlite (dark) in a 0.17 C-1.2 Mn-0.19 

Si steel [30], (b) shows a light micrograph of Widmanstätten ferrite (large elongated 

with white crystals) formed in micro-alloyed steel isothermally transformed for 100 s 

at 600 °C etched with Nital [19], (c) shows a light micrograph of cementite network 

on prior-austenite grain boundaries in an Fe-1.5 C-1.12 Cr alloy [30] and (d) shows a 

light micrograph of acicular ferrite in low-carbon weld metal etched with Nital at 500x 

[19].  

Just below the A3 or Acm lines due to the narrow α-ferrite or cementite film in the aus-

tenite grain boundary areas the structure becomes relatively weak especially with the 

grain boundary cementite. The structure can become even weaker with the presence 

of certain precipitates (such as AlN, Nb(C.N), etc.) in the ferrite band. These precipi-

tations can also precipitate at the austenite grain boundaries above the A3 tempera-

ture, weaken the austenite grain boundaries. The structure becomes stronger again 

when the ferrite band grows thicker. [11], [19] 

If the carbon content is very low, the A1 line is not traversed and the structure at 

room temperature is almost totally α-ferrite with almost zero carbon but with some 

cementite in the grain boundary. If the carbon content of steel is higher, α-ferrite is 
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growing until the temperature reaches de A1 line and then after traversing the A1 line 

the remaining austenite transforms to pearlite. This reaction is called as eutectoid 

reaction, where solid austenite transforms to two solid phases forming a lamellar 

eutectic structure formed by cementite and α-ferrite lamellas. Depending on the 

growth the eutectic structure will be coarse when it is slow or fine when it is rapid. 

Thus, the final equilibrium structure at room temperature of the typical carbon steel is 

called ferritic-pearlitic. At the eutectic composition only pearlite is formed. [11], [19] 

Non-equilibrium microstructures such as bainite, martensite and retained austenite 

can be also obtained increasing the cooling rate or due to the alloying elements of 

the steel and the grain size of the austenite. Many systems never reach equilibrium. 

In order to study the formation of non-equilibrium states the continuous cooling trans-

formation (CCT) diagram, which measure the extent of transformation as a function 

of time for a continuously decreasing temperature, and the time-temperature trans-

formation (TTT) diagram, which measure the rate of transformation at a constant 

temperature have been developed and used. [11], [19] 

3 Transversal corner cracking in continuous casting of micro-

alloyed steel 
Transversal corner cracking is a defect that occurs very often in continuous casting 

of micro-alloyed steels which hinders the production continuity of the slabs and re-

duce their hot delivery and casting quality [2], [6]. Transversal corner cracks are re-

lated to the strong cooling of the edges during cooling [33]. Their length ranges from 

some millimetres to 15-20 mm and their depth ranges up to 5-10 mm [34]. They are 

caused due to excessive deformation with low strain rate during the austenite to fer-

rite phase transformation. It is especially remarkable in micro-alloyed steels with high 

N content. [35] In addition, the formation of longitudinal shrinkage stresses when the 

edges of the ingot are excessively cooled has strong influence in the formation of 

transversal cracks. [34] 

Transversal cracks initiate at high temperatures in the mould and are associated with 

segregation in the vicinity of the oscillation marks. [36]–[38] Microalloying elements 

do not influence this stage of transversal crack formation [36]. These cracks become 

larger and more numerous at lower temperatures during straightening or bending 

operation of casting in the secondary cooling segment. In these operations, usually 

carried out within the temperature range of 600-1200 ºC, the slab is exposed to 

strong thermal and mechanical stresses on the top surface and edges. This tem-

perature range coincides with the range where micro-alloyed steels exhibits a ductili-

ty minimum, between 700 and 1100 °C depending on the steel chemistry, with the 

consequent susceptibility to surface cracking. [36], [38]–[44]  
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In the vertical bending type continuous casters the temperature of the slab corners 

decreases dramatically from about 1200 ºC to the temperatures range of the ductility 

trough (700-1000 ºC) during casting because of the intensified cooling due to the 

two-dimensional heat delivery on slab corners. It causes that when bending is made 

the fixed side (outer surface) of the slab is exposed to large tensile stress and cracks 

appear at the troughs. Thus, transversal corner cracks are usually found on the fixed 

side (outer surface) corner of the slabs and rarely on the narrow surface of the loose 

side (inner surface). The notch effect of the trough of oscillation marks has an influ-

ence as well. In addition, the stress at the corner is greater than that of the centre. 

The heat is conducted from the molten steel in the slab centre to both slab surface 

and corner. Thus, their temperatures rise and remain out of the temperatures range 

of the ductility trough. [2], [34]  

Transversal cracks are usually distributed alongside the oscillation marks and along 

prior austenite grain boundaries due to chain-like precipitates and film-like proeutec-

toid ferrite. No slag inclusions can be found in cracks. [2]   Figure 10 shows the 

transversal corner cracks on the slab. 

 

Figure 10. Transversal corner cracks on the slab [2]. 

There is a relation between transversal cracking and hot ductility. As was mentioned 

above, the temperature interval where straightening and bending operations are car-

ried out coincides with the temperature interval where micro-alloyed steels exhibits a 

ductility minimum. When low ductility regions are present, cracking is much more 

likely to take place. As hot ductility is strongly influenced by microalloying elements 

additions, this is the way how these elements affect transversal cracking [36]. Hot 

ductility will be discussed in chapter 4. 
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4 Hot ductility  
The micro-alloyed steels experience a loss of ductility at temperatures generally 

ranging from 700 to 1000 ºC [44]. Hot ductility is usually measured by the reduction 

of area of the samples after hot tensile tests performed up to the fracture point. This 

measurement allows the formation of the so-called hot ductility curves. [38], [42], [44] 

Hot ductility curves are generally obtained by hot tensile testing of the steel at differ-

ent temperatures, showing the temperature versus reduction of area at fracture [44]. 

The advantage of this method is that it is independent of the fracture geometry of the 

sample [38]. In addition, this method is more sensitive to soft changes in precipitation 

than yield and flow strength measurements [45]. Depending on the hot tensile test, 

different authors have given different values of reduction of area to avoid transversal 

cracking (p.e. Bannenberg suggested 75 % [46], Suzuki et al. Suggested 60 % [47] 

and Mintz and Crowther suggested 40 % [48], [49]) [36]. 

The results obtained from the hot ductility curves can be wrong. A large improvement 

of hot ductility at high temperatures in hot tensile testing can occur due to the onset 

of dynamic recrystallization, which is not possible during straightening. [48] 

In a typical hot ductility curve three regions can be distinguished: the high ductility – 

low temperature region (region I), the ductility trough or embrittlement region (region 

II) and the high ductility – high temperature region (region III) [44] A typical hot ductil-

ity curve can be observed in Figure 11: 

 

Figure 11. Typical hot ductility curve recorded for a steel showing the embrittlement 

region at an intermediate temperature range. [44] 
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4.1 Region I: High ductility – low temperature region 

Region I includes temperatures lower than approximately 700 °C. In this region rela-

tively large fraction of ferrite is formed. The recovery rate of the ferrite is higher and 

the grain size is finer compared to that of the austenite from which the ferrite has 

been formed. Thus, strain localization in a thin ferrite film at the austenite grain 

boundaries is restrained. [38], [44] In addition, at these low temperatures higher duc-

tility is observed because the strain in the ferrite decreases and the plastic strain in 

the austenite increases. The reason is that the strength differential between ferrite 

and austenite decreases when the temperature is decreasing and thus the concen-

tration of strain at grain boundaries is minimised. [38] Furthermore, the volume frac-

tion of ferrite is higher with decreasing the temperature. As a result, there is not 

strain concentration. [6] 

In general, at temperatures near to 700 °C the ductility is very good if the percentage 

of ferrite is high. The reason is that at this temperature the recovery in the ferrite oc-

curs with relieve, the flow strain is low and the grain size is large. [38] 

4.2 Region II: Ductility trough or embrittlement region 

The ductility trough region is associated with intergranular fracture and transversal 

cracking appears in a temperature range of approximately 700-1000 °C [38], [44].  

Ductility is reduced because of the formation of a thin film of ferrite in the austenite to 

ferrite phase transformation at the austenite grain boundaries that takes place at this 

temperature range. The strength of the ferrite is lower than that of austenite and 

therefore ferrite absorbs the majority of the deformation. [2], [39], [43], [44] In ferrite 

low flow stresses compared to austenite occurs. Thus, there are strain concentra-

tions in the ferrite film that leads to ductile voiding when the ferrite cannot supports 

the strength generated by stress. Thus, cavities emerge in the films and cracks de-

velop along the grain boundaries leading to their separation. [2], [6], [38] The thick-

ness of the ferrite film has a dominant role on hot ductility. When a thin ferrite film is 

formed at the austenite grain boundaries is when the ductility is minimal due to mi-

crovoid coalescence in the ferrite film. [6] This ferrite film is deformation induced and 

strain induced ferrite can appears at temperatures above the Ar3 temperature and 

often as high as the Ae3 temperature. Its thickness does not experience significant 

changes below the Ae3 temperature until the Ar3 temperature is reached. Following 

reduction in the temperature quickly thickens the ferrite film and ductility is fully re-

covered when approximately 50% ferrite is present before starting the test. [38] This 

recovery of ductility is due to the decrease of deformation in these regions [11].  

In addition, another reason for the ductility loss is the precipitation of second phase 

particles such fine nitrides as AlN when Nb and Al are present together and Nb(C,N)) 

or sulphides (MnS) at the austenite grain boundaries. [38], [42]. These precipitates 

encourage void formation either at ferrite films or during grain boundary sliding and 
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cause the existence of precipitate free zones adjacent to grain boundaries, which 

presents weaker resistance to deformation than the rest of the matrix structure [44], 

[50]. NbC precipitation during austenite to ferrite transformation makes that the car-

bon content near the grain boundary is lower and therefore film-like proeutectoid 

ferrite is formed [2]. Fine precipitation can occurs in the matrix leading to significant 

matrix strengthening as well [38]. Generally finer precipitates leads to lower ductility 

due to a more effective pinning action of grain boundaries, allowing more time for 

crack nucleation and linking and enhancing the hot cracking damage [44]. The effect 

of precipitates is discussed in chapter 5.2. 

Voids usually appears firstly at large inclusions and then progressively at smaller 

particles. The amount of microvoid coalescence increases while lowering the tem-

perature until deformation induced ferrite appears and all the fractures are of this 

type. [38] 

4.3 Region III: High ductility – high temperature region 

Region III includes temperatures higher than approximately 1000 ºC. These temper-

atures lead to the absence of ferrite and to less precipitation in the matrix and at the 

grain boundaries than at lower temperatures [36], [38]. The precipitation at the grain 

boundaries of precipitates such as Nb(C,N), V(C,N), Ti(C,N) or AlN can lead to a 

ductility loss, even at lower strain rates [11]. 

In addition, the formation of (Mn,Fe)S-O precipitates at the austenite grain bounda-

ries can lead to a ductility loss. The reason is that these precipitates have pinning 

effect. Thus, the moving of the grain boundaries is prevented and the structure is 

weak. However, this usually occurs at high strain rates and therefore it is not a major 

problem in continuous casting since the strain rates are too small. [11], [36] 

5 Effect of steel grade  
Grain size and precipitates have high importance in hot ductility of micro-alloyed 

steels, especially the latter [51]. Thus, their effects on hot ductility and therefore in 

transversal cracking are explained in this chapter. 

5.1 Effect of grain size 

The grain size has an important influence on transversal cracking. In general, the 

smaller the grains size of the steel, the better the hot ductility. However, this perfor-

mance might be different in the micro-alloyed steel due to the effect of the precipita-

tion of carbonitrides and impurities at the grain boundaries. [52]  

The austenite grain size is influenced by the austenizing temperature due to austen-

ite grain growth is very retarded by the presence of second phase particles, especial-

ly by fine grain boundary precipitates. Many kinds of cracks, such as transversal 

cracks, are connected with a coarse austenite grain size due to deformation induced 
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ferrite can lead to a wide and deep ductility trough. In this way the tendency of 

cracks can be reduced by preventing the formation of coarse austenite grains. [52] 

Furthermore, grain refinement gives benefits when low-ductility intergranular failures 

occur. The reason is that refined grain decreases the crack aspect ratio, complicates 

the propagation of smaller cracks formed by sliding through triple points, increases 

the specific grain boundary area (which reduces the precipitate density on the grain 

boundaries) and reduces the critical strain for dynamic recrystallization by increasing 

the number of nucleation sites. At 850 ºC, grain refinement from 300 to 150 μm is 

expected to increase the reduction of area value by 15-20 % in tests. [51], [52] The 

austenite grain size does not influence the precipitation kinetics of NbC [45]. 

However, a small grain size can also be harmful to hot ductility. Deformation before 

straightening to refine the grain size has been found not to be feasible due to signifi-

cant strains are required to recrystallize the coarse as cast grain size. [38], [39]. In 

addition, hot ductility is worse when there is dynamic precipitation in a fine form in 

the grain boundaries and in the matrix [38], [39], [49], [51]. Dynamic precipitation is 

the precipitation that takes place when the precipitation rate is increased when strain 

is imposed, for instance during deformation. The reason is that favourable nucleation 

sites are introduced by the deformation process. [36], [38], [52] When the particles 

are less than 50 nm in size, their ductility is reduced. When the particles are about 

10 nm in size they are likely to give rise to serious transversal cracking. [49] 

Despite not having influence on the reduction of area measurement, the grain size 

also has influence in the ease of propagating cracks to a critical depth. Columnar 

grains, which are associated with certain levels of C and Al, have been found to en-

courage the growth of transversal cracks. [38]  

The ferrite grain size has influence on the strength of the steel. Finer ferrite grain 

sizes mean higher yield strength, better toughness and better ductility. [3] 

5.2 Effect of precipitates 

During continuous casting of micro-alloyed steels, many precipitates are formed be-

cause these steels contain Nb, T and V. Nb, T and V are strong nitride and carbide 

formers, which can be formed in different stages and locations such as in the liquid 

steel upon collision of the particles, in the mushy zone between dendrites because of 

rapid diffusion during solidification, and inside the grain or at the grain boundaries 

due to slow solid state diffusion. The role of the precipitates on cracking is very im-

portant and mainly depends on their amount, composition, size distribution, location 

and morphology. [36], [38], [52], [53] The carbides and nitrides precipitate in a chain-

like way at the austenite grain boundaries. Thus, the grain boundary binding force 

will be weakened and movement of the precipitates along the grains will be sup-

pressed, which leads to ductility reduction and cracks propagation along the bounda-
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ries. In addition, precipitates determine the depth, position and width of the ductility 

trough. [2]  

The rate of precipitation is increased when strain is imposed, for instance during de-

formation, because of dynamic precipitation. [36], [38], [52] V precipitates are ran-

domly distributed throughout the matrix whereas Nb(C,N) precipitates are found both 

within the matrix and at the boundaries [38], [51]. 

In general, coarse precipitates are favourable to hot ductility. Coarse precipitates 

means that the particle spacing increases and hence the strength difference be-

tween the grain interior and the precipitate free zone is reduced. Therefore the for-

mation and propagation of microcracks is suppressed. [54] Large volume fractions 

are likely to increase strength and therefore to reduce hot ductility. Thus, it is rec-

ommended to minimize the volume fraction of the precipitates [36], [38], [52], [54]. In 

turn, fine precipitation pin the grain boundaries in the case of grain boundary sliding 

in the austenite when deformation occurs, allowing the cracks to join up. Moreover, 

both precipitates and inclusions cause void formation and the increment of their vol-

ume fraction at the grain boundaries promotes microvoid coalescence failures. [36], 

[38], [52] In any case, there must be a balance in precipitates form and function. If 

they are too large, they cause quality problems because they do not restrict grain 

boundary movement and the corresponding growth. If they are too fine or dissolved, 

they do not have any effect. [53] Figure 12 shows the formation of surface cracks 

and precipitate embrittlement. 

 

Figure 12. Formation of surface cracks and precipitates embrittlement. [53] 

The precipitates also have influence on dynamic recrystallization depending on their 

size and volume fraction. The greatest effect on delaying recrystallization is achieved 
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by large volume fraction of fine particles. The volume fraction of precipitates also has 

influence on the temperature at which ductility begins to recover. [36], [52] 

6 Effect of chemical elements on transversal corner cracking 

of micro-alloyed steel 
Apart from Fe and C, many different elements are present in steels. The common 

alloying elements are Mn, Ni, Cr, Mo, V, Si, B, Al, Ni and Ti but there are many oth-

ers as well. Their presence affects in many ways. For instance they might increase 

the strength by solid solution strengthening (C, Cr, Mn, Ni, Mo, Si, Co) or increase 

hardness by forming carbides (Ti, W, V).  [11], [55] 

The alloying elements strongly affect the stability of the different phases. Phases and 

phase relations during solidification and cooling may be affected due to the alloying 

elements can extend or decrease the phase areas where they are stable and even 

form new intermetallic phases and carbides. They have influence on the important 

points of the Fe-Fe3C equilibrium phase diagram (peritectic, eutectoid, etc.) and lines 

(A3, A1, Acm, etc.). Depending on their influence on austenite and ferrite stability the 

alloying elements can be divided in austenite stabilizing elements (Mn, Ni, Cu, N, 

etc.) and ferrite stabilizing elements (Cr, Si, W, Mo, V, P, Ti, Al, etc.). [11], [55] 

In this chapter, the influence on transversal cracking of the most common elements 

added to the micro-alloyed steels is discussed. They are divided in three different 

categories depending on their influence: microalloying elements, elements with con-

siderable influence and other elements. The composition of the steel analysed in this 

thesis is shown in chapter 11. 

6.1 Microalloying elements 

The elements that have highest influence on transversal cracking of micro-alloyed 

steels are the microalloying elements (Nb, V and Ti). The reason is that Nb, V and Ti 

precipitates are the responsible of the precipitation strengthening during continuous 

casting of the micro-alloyed steel. Thus, cracking can take place. Transversal sur-

face cracking is the only defect that is influenced by these elements [36]. As was 

mentioned in chapter 1.1 micro-alloyed steels typically contain small additions of 

niobium, titanium or vanadium among other elements (less than 0.1 % each and less 

than 0.15 % in total).  

6.1.1 Niobium 

Nb is added to the steel due to its ability to refine the austenite grain size and induce 

precipitation hardening. Thus, high strength and toughness can be obtained. [3], [56] 

Its effect in grain refinement is more effective than that of V. Nb additions of 0.01 % 

increase the yield strength from 35 to 40 MPa. [3]  
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However, this precipitation causes bad surface quality and makes the casting of 

these steels more difficult [56]. The Nb containing micro-alloyed steels exhibit very 

low hot ductility during straightening, suffering transversal surface cracking [40]. The 

effect of niobium is detrimental, decreasing the minimum ductility and especially 

broadening the ductility trough to higher temperatures [36], [57]. In addition, Nb has 

a powerful influence in decreasing the Ar3 temperature, widening the trough at low 

temperatures [56]. Nb additions as small as 0.017 % or even smaller are detrimental 

to hot ductility. Thus, the Nb content should be as low as possible in order to avoid 

transversal cracks. [2], [36], [38]  

The main cause of low ductility at high temperatures is the precipitation of fine 

Nb(C,N) along the austenite grain boundaries, that are particularly effective in pre-

venting grain boundary mobility and reducing ductility [2], [58]. These precipitates 

encourage voiding and the extension of the cracks that are formed by grain bounda-

ry sliding [58]. When Nb(C,N) precipitation occurs at the temperature at which single 

phase austenite forms, it enhances grain boundary sliding in the course of straining 

which leads to low ductility. Intergranular fracture is promoted by the appearance of 

coarse eutectics and precipitate free zones along the grain boundaries. [6], [57], [58] 

Nb(C,N) precipitates can precipitate as fine particles at both grain boundaries and 

grain interiors [40], [58].  

It has also been suggested that Nb(C,N) precipitates delay the initiation of dynamic 

recrystallization by pinning the boundaries. Therefore the cracks are allowed to be 

formed by grain boundary sliding and to join. [6], [36], [44], [58] It has been observed 

that Nb begins to precipitate at the austenite grain boundaries at 1100 ºC, but it 

seems to influence the ductility only under 950 °C owing to the limited kinetics of the 

reaction, what makes the precipitation out of equilibrium and probably incomplete [2], 

[42]. The maximal susceptibility for cracking is observed in the range of 800-900 ºC 

in Nb containing steels [37].  

In Nb-Ti micro-alloyed steels very large precipitates, that play any useful role in refin-

ing grain size, can be found. These precipitates are complex Nb-rich (Nb,Ti)(C,N) 

precipitates, which precipitate at 900-1000 ºC. Their precipitation path is that first 

small nuclei are formed during solidification and/or in high temperature region and 

then the nuclei grow during isothermal holding with equilibrium composition at about 

1000 ºC. The precipitates have three different morphologies: semi-dendritic, dendritic 

and rod-like shapes. Most of them are quite small semi-dendritic precipitates. [1], 

[54] Hot ductility can be improved by reducing their volume fraction or coarsening 

their size [54]. 

In Nb bearing steels reducing the cooling rate (p. e. from 4 to 1 °C/s) improves ductil-

ity because it makes the ductility trough narrower and shallower but in the Nb-free 

steels the cooling rate has no influence [57].  
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6.1.2 Vanadium 

The addition of V to the steel contributes to strengthening by forming precipitates. 

Fine V(C,N) precipitate particles from 5 to 100 µm in diameter are formed during 

cooling. V additions increase yield strength depending on C content and cooling rate. 

It averages 5 to 15 MPa per 0.01 % V. [3]   

However, the presence of V in the steel has a harmful effect on hot ductility. The 

higher is the V content, the worse the hot ductility. [58] The effect of V is less detri-

mental to ductility than that of Nb, even for a steel with 0.1 % of V [36], [38], [49], 

[57]–[59]. The reason is that V has higher solubility in the austenite compared to Nb. 

Thus, V precipitates in a coarser form and a greater volume fraction of precipitate is 

required to deteriorate the ductility. V precipitates are more randomly distributed as 

well. In addition, V containing steels have little VN precipitation, while Nb containing 

steel has a lot of Nb(C,N) precipitation because V precipitates are not as stable as 

Nb precipitates. [3], [36], [49], [51], [58], [59] In steels with V<0.1 % any problem has 

been found [57]. The most effective intra-granular nucleation of ferrite is provided by 

the precipitation of VN [4].  

The maximal susceptibility for cracking is observed in the range of 800-900 ºC in V 

containing steels [37]. Steels that contain both Nb and V shows better ductility at 

temperatures lower than approximately 900 °C but significantly worse ductility at 

higher temperatures than that of Nb containing steels [49], [60]. There are two possi-

bilities for this: One is that V addition to Nb bearing steel increases the carbonitride 

solubility because it decreases the activity coefficient of C and N, slowing down the 

precipitation kinetics. The other is that the precipitation in the austenite is coarser 

and fewer due to the V presence. The solubility of (Nb,V) (C,N) is higher than that of 

NbC. Thus, recrystallization is delayed, increasing the strength and worsening hot 

ductility. [60]  

Work on V-N and V-Nb steels showed that there is a ductility trough in the tempera-

ture range of 700 to 1000 ºC with a minimum at 800 ºC. The hot ductility is better at 

the onset of dynamic recrystallization temperatures, which are 950 ºC and 1050 ºC 

respectively. Thus, it is higher for the V-Nb steel compared to the V-N steel. This 

temperature is higher with the V and N content increasing due to N favours more 

precipitation of VN, retarding recrystallization at the deformation temperature. [60] V 

additions to Nb containing steels improve hot ductility by changing the morphology of 

the (Nb)(C,N) precipitates to coarser precipitates [36], [59]. 

For V containing steels with less than 0.005 % N transversal cracking does not oc-

cur, although at high levels of V and N (for instance 0.15 %V, 0.02 %N) transversal 

cracks appear [36]. 
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6.1.3 Titanium 

Ti additions to the micro-alloyed steels can form a number of compounds that pro-

vide grain refinement, precipitation strengthening and sulphide shape control. Ti is a 

strong deoxidizer, so it can be used only in aluminium deoxidized steels in order to 

ensure that Ti is available for the formation of other compounds than titanium oxide. 

[3]  It does not grain refine the as cast structure but it seems to be the most effective 

microalloying element in reducing transversal cracking [38], [49]. 

The effect of Ti on the hot ductility of the micro-alloyed steels depends on the Ti:N 

ratio which in turn controls the precipitate size [36], [44], [49], [57] The precipitate 

volume fraction is increased when increasing the Ti content for a given N content 

[49]. Ti additions of 0.02-0.04 % reduce transversal cracks and Ti content of 0.15 % 

is required to completely avoid transversal cracking [36]. In addition, transversal 

cracking is considerably reduced for steels which Ti content of 0.015-0.020 % when 

the N content is lower than 0.0045 %. [38], [49] 

However, at the stoichiometric ratio for TiN (3.4:1), when the maximum volume frac-

tion of precipitate can form, it has highly detrimental effect due to the precipitation of 

fine TiN particles at the boundaries [36], [49], [57]. In Nb-Ti steels with high Ti con-

tent and about 0.005 %N the equilibrium volume fraction of precipitates is much 

larger than that of a Nb steel [54]. Work done by Luo et al. [54] shows that in a Nb-Ti 

steel with high Ti content half of the particles precipitate below 1150 ºC. Thus, the 

ductility trough is extended to higher temperatures and ductility is worsened because 

a large volume fraction of fine precipitates could form in the straining stage. [54] The 

Ti micro-alloyed steels without Nb does not possess any higher minimum reduction 

of area values than the Nb bearing steel. In these steels the Ti/N ratio is 2.8, rather 

near the stoichiometrc ratio, and fine TiN precipitation can appears which is detri-

mental to ductility. [57] 

In C-Mn-Nb-Al steels small addition of Ti improves hot ductility and reduces trans-

versal cracking [4], [36], [38], [40], [44], [49], [56] at low Ti/N ratios (≤ 2) and at low 

cooling rates (≤ 1°C/s) [36], [49], [57]. The reason is that the Ti containing particles 

precipitates at the lowest temperature so that they are fine (<10 nm) [49]. The rea-

son for the beneficial effect is that Ti-rich (Ti,Nb)(C,N) relative coarse and finely dis-

persed precipitates are formed at high temperatures by Ti additions as low as 0.005 

% - 0.007 %. Thus, the formation of AlN precipitates, which are more detrimental, is 

prevented and the amount of N available to form Nb(C,N) is reduced. In addition, TiN 

particles can act as preferential nucleation locations for Nb and V precipitates and 

therefore the Nb(C,N) phase is able to occur at higher temperatures obtaining coars-

er precipitates that are too coarse to diminish hot ductility significantly. By the time 

the temperature drops to 1200°C most of the Nb has already precipitated as NbC. 

Thus Nb(C,N) precipitation cannot occur at lower temperatures. [4], [6], [38], [44], 

[49], [52] Moreover, large precipitates of (Nb,Ti)(C,N) are formed, which is beneficial 
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to hot ductility [6]. In these steels, dendritic particles of (Nb,Ti)(C,N) of 50 nm size 

richer in Nb have also been found because TiN and Nb(C,N) are mutually soluble 

[49]. In Nb-Ti the supersaturation of Nb in the austenite is reduced due to the Nb 

contained in the (Ti,Nb)(C,N) and to the delay of the precipitation of strain-induced 

NbC forming in the matrix of Nb-Ti steel [45]. In Nb containing steels with C content 

less than 0.08 % the addition of Ti makes that no scarfing is necessary [38], [49]. 

In V containing Nb free steels with similar Ti and N content very fine TiN particles 

that had precipitated out at low temperatures have been found [49]. 

In steels with 0.005 % N, optimum ductility can be achieved with a low Ti content, 

about 0.01 %, to limit the precipitate volume fraction or high Ti level, about 0.04 %, to 

have a Ti:N ratio of 4-5:1 to favour precipitation at high temperatures and excess Ti 

to encourage growth. [49] 

6.2 Elements with considerable influence 

In addition to the microalloying elements, there are other elements that are common-

ly presented in the micro-alloyed steel and have effect on transversal cracking: Al, B, 

Ca, C, Cu, H, Ni, N, P and S. S, P and the Mn/S ratio have especially importance in 

surface cracking. Furthermore C, S and P have big influence in internal cracking. 

[36] 

6.2.1 Aluminium 

In micro-alloyed steels Al can be harmful due to AlN precipitation, which leads to an 

embrittlement of the steel [33]. In Nb containing steels, the presence of Al even in 

relatively small amounts might deepen and widen the ductility trough especially when 

N content is increased due to the precipitation of AlN at the austenite grain bounda-

ries in addition to that of Nb(C,N). Furthermore, Nb(C,N) precipitates are finer, which 

deteriorates the hot ductility. [36], [38] It has been estimated that the Al content in 

these steels should be lower than 0.03 % [38].  

In Ti containing steels the Al level should be restricted to very low levels to avoid AlN 

precipitation although for a steel with Ti:N ratio of 2:1 and Al level of 0.03-0.04 % the 

hot ductility is better. It has been suggested that the reason is that Al associates with 

the N and instead not producing a precipitate, this effectively increases the amount 

of Ti in solution, what encourages the growth. [49] 

6.2.2 Boron 

Boron is used to increase the hardenability of the steel. It has a beneficial effect at 

temperatures where the austenite and ferrite phases coexist improving the hot ductil-

ity because the precipitation of Fe23(B,C)6 in the matrix that acts as preferential sites 

for ferrite intergranular nucleation and less ferrite is available to form at grain bound-

aries. [40], [61] In addition, Fe23(B,C)6 contains N and therefore its precipitation re-

duces the amounts of N and C available for the precipitation of Nb(C,N) leading to an 
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increment in the density of mobile dislocations [40]. Thus, the interior austenite grain 

is more deformable owing to the soft intergranular ferrite and the number of cracks 

and voids at grain boundaries is diminished [40], [61]. However, B additions must be 

controlled because if it precipitates in a fine form the ductility can be very poor. Hot 

ductility is improved by increasing the B/N ratio when decreasing the cooling rate 

and at the stoichiometric ratio (0.8:1) the best ductility has been found with high cool-

ing rates. [48] 

At austenitic phase temperatures the beneficial effect of boron is not clear. [40], [61] 

It has been suggested that boron addition improves hot ductility by several factors 

such as preferential BN precipitation, retardation of the austenite to ferrite transfor-

mation (avoiding the formation of ferrite films at the austenite grain boundaries) and 

increasing resistance to grain boundary sliding during straightening operation result-

ing in better creep ductility. The best improvement in deformability is observed in 

Ni3Al. In addition strong B segregation, which mainly appears at boundaries between 

new recrystallized grains and deformed original grains, delays the nucleation and 

growing of new grains. The migration of the new grains is delayed because of the 

solute drag force and thus the recristallization is delayed as well. However, the seg-

regation of B impurities at the grain boundaries could deteriorate the hot ductility. 

Soluble B can segregate towards boundaries at high temperature and can occupy 

proper nucleation sites preferentially and lower austenite grain boundary energy. 

Thus, the decomposition of the austenite is suppressed and grain boundary cohe-

sion is increased. Boundary cohesion is also favoured because of the strong tenden-

cy of B to segregate to the grain boundaries but not to cavity surfaces. Moreover 

there is a shift of the ductility trough to lower temperatures due to the boron addition. 

The most likely reason is the decrease in the formation temperature of pro-eutectoid 

ferrite at austenite grain boundaries. [61] 

At 900 and 1000 ºC there is dynamic recrystallization which contributes to high duc-

tility together with the grain boundary sliding phenomena. At 700 and 800 ºC these 

phenomena are not observed. At 800 ºC boron micro-alloyed steels exhibit a region 

of hot ductility loss, thus the hot ductility is worse at this temperature than at 700, 

900 and 1000 º C. The recovery of hot ductility at 700 ºC is due to the high volume 

fraction of ferrite since there is no recrystallization. In addition, it has been found that 

the onset of the dynamic recrystallization is lowered as the B content is higher. In 

certain steels an increment of B from 62 to 105 ppm leads to a reduction of area 

greater than 60 %, which means a further improvement in hot ductility. [61]  

B addition to Nb-containing steel makes that the grain interior can undergoes a con-

siderable amount of deformation and relieve the stress at grain boundaries. [40] 

6.2.3 Calcium 

The effect of Ca is beneficial because its presence entails a reduction in the total 

amount of S in the steel thereby reducing the amount of S in solution or precipitated 
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in a finer form during cooling after solidification [38], [49], [50], [57]. The modification 

of the inclusions cannot be account as the reason for the improved hot ductility in 

calcium treated steels. Precipitation patterns and grain sizes are not modified by Ca 

addition in the as cast specimens. [50]  

In Nb-containing steels Ca addition improves hot ductility [36], [40] although Nb(C,N) 

precipitations remain [50]. When Ca is added to the melt, cleaner steel can be pro-

duced, which can lead, to better hot ductility. The reason is that the sulphides can be 

removal from the liquid by flotation due to the solubility of the sulphide is reduced 

and the sulphide is precipitated in the liquid ahead of solidification. Thus, less S is 

available for further precipitation at the austenite grain boundaries. [50] However, it 

has also been reported that calcium silicide is related with uneven oscillation marks, 

promoting cracking [36].  

The recommended Ca/S ratio is 2 to obtain fully modified calcium sulphides-calcium 

aluminates [50], [57]. The cracking tendency becomes lower with increasing Ca/S 

ratio between 0.5-1.6. [57] 

6.2.4 Carbon 

The carbon content is very important due to its influence in the austenite to ferrite 

transformation. An increasing C content increases the width of ductility trough and 

the transversal cracking tendency is highest at 0.1-0.15 % C. These contents are 

connected with the peritectic reaction, which leads to uneven thickness in the solidi-

fied shell during the transformation from δ-ferrite to austenite. This transformation 

leads to a contraction which favours the formation of a gap between the shell and the 

mould. That gap in turn reduces the heat transfer coefficient and gives rise to hot 

spot areas that lead to the occurrence of a thinner shell in those areas which exhibit 

a lower strength. Moreover this carbon content is characterized by a coarser austen-

ite grain size which also reduces hot ductility. [32], [38], [39], [42], [52] Reducing the 

C content below the peritectic range is positive to hot ductility owing to it means mov-

ing away from the peritectic range [48]. 

In C-Mn-Nb-Al steels with Nb content lower than 0.03 % and C content higher than 

0.05 %, the influence on the position of the ductility trough is small. The reason is 

that Nb(C,N) precipitates have majority influence due to there is a little further in-

crease in the volume fraction precipitated. [38] 

6.2.5 Copper 

Cu residues remain in the steel due to it cannot be preferentially oxidised during 

normal steelmaking and it builds up progressively in the subscale layer, producing 

hot shortness [49]. It is recommended that the Cu level should be low. Cu contents 

greater than 0.15 % have been found to give poor surface quality and cracking. [48] 

Additions of 0.2-0.3% of Cu promote transversal cracking in Nb containing steels 

[36]. 



 

 
37 

 

However, the work of Comineli et al. [62] on steel with 0.1 % C, 1.5 % Mn, 0.015 % 

Ti and 0.03 % Nb showed that the hot ductility of Cu-free steel compared with a steel 

with 0.3 %Cu at a cooling rate of 3.3ºC/s was equal but at slower cooling rate, 

0.4ºC/s, ductility was much better especially for the Cu containing steel in the tem-

perature range 800-1000 ºC, which had significantly coarser precipitation. [62] 

6.2.6 Nickel 

The effect of nickel in the micro-alloyed steels is harmful because it promotes crack-

ing. Low carbon steels containing Ni are more prone to surface defects caused by 

slab surface cracking than other steels grades. [57]  

Despite not affecting the precipitation of Nb, Ti and Al [48], Ni additions of 0.2-0.3% 

promote transversal cracking in Nb containing steels [36]. In Cu free steels small Ni 

additions (< 0.5%) do not influence hot ductility but at higher levels (1-2%) it im-

proves hot ductility due to coarse precipitation. [48], [57] 

The addition of Ni to Ti containing steels deteriorates hot ductility leading to trans-

versal cracking. Although it has been suggested that Ni additions do not introduce 

any change in ductility [49], Kato et al. [63] found that increasing the Ni content from 

0 to 5 % in Nb-Ti containing steel with 0.2 % Cu lead to widen the trough about 100 

ºC, which can be owing to a reduction in the Ae3 and Ar3 temperatures due to the 

high Ni addition [63].  

6.2.7 Nitrogen 

The effect of N is detrimental to the hot ductility only when it is present with Al or 

microalloying additions due to the formation of nitrides or carbonitrides can seriously 

affects hot ductility. The N levels, as well as the Al level, have to be as low as possi-

ble. Typical N levels are < 0.008 %. [36], [49], [64] Increasing N content to 0.01 % 

causes serious deterioration in ductility [56]. Low N content micro-alloyed steels with 

carbon levels in the peritectic range (0.08-0.17 %) do not show transversal cracking 

problems until the Al level is > 0.04 % [64]. 

The effect of N in C-Mn-Nb-Al steels depends on the N level, whether it is above or 

below 0.005 % [49]. (original article by Ouchi and Matsumoto [65], as given by [49]).  

It has also been proposed that if the N level is kept below 0.004 % its effect on 

transversal cracking is minimized [36]. Other target that has been suggested as rec-

ommendable to the N content is 0.003 % and it is unlikely to be reduced due to it us 

needed to provide grain refinement by AlN precipitates. In any case, increasing the N 

content leads to transversal cracking due to it increases the amount of Nb(C,N) and 

AlN precipitated. [38] In Nb containing steels the nitrides precipitate before the car-

bides. If the N content is high, then the composition of the precipitate approaches to 

nitrides more than to carbides, encouraging the precipitation of Nb(C,N) in the aus-

tenite instead of that of NbC. Deterioration in hot ductility is progressive in the range 

0.004-0.011 % N and changes in ductility are very small. They have suggested that 
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an increment in the N content only have a small influence on the volume fraction of 

Nb(C,N) that is precipitated and that the detrimental influence of N on transversal 

cracking is related to the enhancement of AlN precipitation. [49] (original article given 

in reference [66], as given by [49]). In addition, in these steels the formation of AlN 

interacts with the precipitation of Nb(C,N). Nb(C,N) is not affected by AlN due to the 

maximum rate for Nb(C,N) precipitation is achieved at 950 °C and that for AlN is 

achieved at 815 °C .Thus Nb(C,N) precipitates much before cooling and is not af-

fected by AlN. However, it has also been proposed that Al could slow down the diffu-

sion of N atoms. Thus the formation of the Nb(C,N) phase could occur at lower tem-

peratures, and then in a finer form. Experimental results supports that in Nb bearing 

steels the hot ductility is considerably reduced by Al due to a finer precipitation of 

Nb(C,N) particles rather than by the formation of AlN precipitates. [44], [49]  

The role of N is very important in the precipitation strengthening in V containing 

steels. It determines the V(C,N) density and hence the size of precipitation strength-

ening. The reason is that VN is much less soluble than VC. The solubility product of 

VN is approximately two orders of magnitude lower than that of VC. Thus, the first 

formed V(C,N) is N-rich and the C content starts to increase only when all N has 

been consumed. In addition the V(C,N) precipitation can be easily controlled by N 

additions due to all the N content in the steel is normally dissolved in the ferrite be-

fore V(C,N) precipitation. [59] Therefore the effect of N is more is more pronounced 

on V containing steels than that in Nb containing steels although Nb-containing 

steels have worse hot ductility. [49], [56], [64] When the N content cannot be low, a 

combination of Nb and V gives better ductility. C-Mn-V-Al steels are susceptible to 

transversal cracking if the V and N content is very high. Raising these contents leads 

to deterioration on the ductility. When the product [Vt] x [Nt] is grater than 1.2*10-3 

(for example 0.1 %V and 0.012 %N) the ductility is as low as in Nb-N steels. In these 

steels no AlN precipitation has been found owing to VN can form preferentially to 

AlN. [49], [56], [64] In V-N steels increasing the N content favours VN and V(C,N) 

precipitation. Thus, recrystallization at the deformation temperature is retarded and 

the ductility trough becomes wider and deeper. [60] 

In Ti micro-alloyed steels the Ti will combine preferentially with N. Any remaining N 

will combine with Al. N levels should be low in order to keep high Ti/N ratio (4-5:1) 

which encourages precipitate coarsening and improves ductility. In these steels low 

nitrogen should reduce the precipitation temperature for TiN and lead to a smaller 

volume fraction of finer precipitates. [57], [64] 

In high N containing steels small Ti additions are required to avoid transversal crack-

ing because they lead to reduce the fraction of fine particles. The slow secondary 

cooling allows the formation of coarse precipitates that have no influence on the duc-

tility. If there is enough Ti to combine with all the free N, the steel has good ductility 
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at temperatures above 750 ºC and transversal cracking is not observed. [56] In addi-

tion, low Al content is also recommended to prevent further AlN precipitation [64]. 

6.2.8 Phosphorus 

P remains residually in the steel. Small additions of P improve the hot ductility and 

the apparition of transversal cracks during straightening will be more unlikely. One 

possible reason is that P segregates to boundaries and vacant sites and therefore 

prevents the precipitation of fine Nb(C,N). [36], [49] Nonetheless, if the P content is 

high enough to segregate in the austenite grain boundaries then interdendritic liquid 

will be present at a temperature well below the bulk solidus temperature and it will 

leads to transversal cracking. The reason is that when P segregates to the austenite 

grain boundaries, it stabilizes the liquid film. [49] 

6.2.9 Sulphur  

The effect of sulphur is detrimental and can be detected only in as-cast specimens 

[57]. One of the best methods to reduce transversal cracking is reducing S content. 

The S present in the boundary regions is what gives embrittlement, any sulphides 

situated within the matrix only have little influence on hot ductility [38]. 

The total S content shows the quantity of coarse sulphides inclusions in the steel, 

which are either MnS, (CaMn)S or CaS depending on the content of Ca, Al and O. S 

can impair hot ductility by weakening the grain boundary regions due to the for-

mation of fine solid state sulphide precipitates and sulphur segregation on the 

boundary and interfaces. [38], [57] Intergranulate failure is encouraged by FeMnS 

precipitates formed at the boundaries because they lead to the formation of precipi-

tate free zones. FeMnS precipitates are formed in both low (0.6 %) and high (1.4 %) 

Mn steels when the cooling rate is slow enough to allow the intense segregation of S 

to the interdendritic boundaries. In micro-alloyed steels the MnS inclusions are not 

expected to influence the hot ductility by failure by grain boundary in the austenite 

due to MnS inclusions are often an order of magnitude larger than the AlN or 

Nb(C,N) precipitates. [38] However, if the S level is very low, < 0.005 %, transversal 

cracking increases in Nb containing steels [36]. 

FeS is not a problem in micro-alloyed steels owing to the high Mn/S ratio [38]. Fe 

oxysulphides are able to precipitate and strengthen the matrix in a similar manner to 

Nb(C,N) [49], [57]. Maehara and Nagamichi [67] have proposed that unprecipitated S 

segregates to grain boundaries and Nb(C,N) matrix interfaces facilitating decohesion 

and microvoid formation at grain boundary precipitates during straining. They rec-

ommended that the S content should be below 0.001 % to avoid this problem. [49], 

[57] 

Sulphide inclusions reduce hot ductility in the temperature range 750 ºC-Ae3 by de-

laying the onset of dynamic recrystallization and therefore encouraging grain bound-

ary sliding [50]. 
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6.3 Other elements 

There are other elements that are normally presented in the steel but their influence 

is not very remarkable, such as Sb, Mn, Sn, Ce, Y and Zr. 

The Mn content has influence on the AlN precipitation in the way that in low Mn 

steels the AlN precipitation is easier due to Mn increases the solubility of carboni-

trides in the austenite [49]. Mn additions to V containing steels enhances strengthen-

ing owing to it lowers the austenite to ferrite transformation temperature and there-

fore it results in a finer precipitate dispersion. It has a greater effect than in Nb steels. 

[3] 

Sn remains residually in the steel and must be kept as low as possible [48], [49]. 

This residual level, about 0.05%, can leads to worse ductility due to grain boundary 

segregation. Maximum segregation has been found at a cooling rate of 10 ºC/s and 

thus cooling rate should be slow. [48] It is very detrimental to hot ductility in combina-

tion with Cu owing to the formation of precipitates at the austenite grain boundaries. 

Their influence becomes higher as the C content advances to the peritectic range. 

Sb remains residually in the steel. The effect of Sb is likely to be nearly as detri-

mental as that of Sn due to it reduces the solubility of Cu in the austenite. [49] 

Moreover, the addition of Ce, Y or Zr to Nb containing steels improves their hot duc-

tility [40]. 

7 Effect of casting parameters on transversal cracking of mi-

cro-alloyed steel 

7.1 Casting speed 

The casting speed is limited in order to ensure that the shell of the steel has enough 

thickness to withstand the ferrostatic pressure of the liquid core during solidification 

and to be compatible with the steelmaking facilities supporting the caster. Typically 

casting speeds are between 0.6 and 1.3 m/min. [38] The influence of casting speed 

on oscillation mark can be beneficial or not depending on the oscillation strategy 

[37]. Steady casting speed helps to decrease or avoid cracking [32]. Surface tem-

perature of the strand can be significantly increased by a small increase in casting 

speed. It is beneficial if the straightening procedure is carried out on the high tem-

perature-high ductility region due to a reduction in the amount of precipitation and 

the consequently reduction of transversal cracking. [38] 

7.2 Casting temperature 

The casting temperature strongly affects surface cracking. Low degree of superheat 

is beneficial to avoid cracking. If the degree of superheat in liquid steel is higher than 

30 ºC, the risk of cracking is high. [32] The degree of superheat should not exceed 
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20-25 ºC, depending on the C content and the strain rate. In addition, the minimal 

superheat temperature should be controlled at a range between   2 to 4 ºC during 

continuous casting in order to improve hot ductility and surface quality. [68] 

7.3 Cooling rate 

Cooling rate is the factor that has highest influence on the second phase precipita-

tion and the precipitation of proeutectoid ferrite from the austenite matrix [41]. Thus, 

cooling rate influences hot ductility and, consequently, transversal cracking. It has 

been suggested the higher the cooling rate, the worse the ductility. An increase on 

the cooling rate might reduce the grain size, which leads to the formation of finer 

precipitates or inclusions, whereas a reduction on the cooling rate leads to the 

coarsening of Nb(C,N) precipitates and to the reduction in the thermal stresses in the 

strand. Thus, a reduction on the cooling rate would beneficial in order to reduce 

transversal cracking. [38], [49], [52], [54] It has also been found that at slow cooling 

rates (0.5 to 1 °C/s) increasing the cooling rate when the strain rate is slow deterio-

rates the ductility because S segregation has already taken place so that precipita-

tion of sulphides can occur.  Thus, a finer distribution of sulphides at the austenite 

grain boundaries is produced, which are more detrimental to the ductility. [49] 

However, it has also been found that soft cooling is detrimental for surface cracking, 

while the effect of intensive and medium cooling is positive [37]. Intensive cooling 

process makes that inclusions and micro-alloyed elements rarely aggregate in the 

grain boundary because they do not transfer to the grain boundary and the high de-

gree of supercooling that is achieved. Thus, to find chain-like precipitations is diffi-

cult. When cooling rate is increased, the amount of carbonitrides that precipitate from 

the austenite matrix can be controlled and therefore the width of the film-like proeu-

tectoid ferrite becomes smaller. The reason is that austenite transforms more rapidly 

to ferrite and there is a lack of ferrite precipitating in the boundary due to a large 

amount of ferrite nucleates and precipitates in the grain owing to the ferrite in the 

austenite cannot rapidly transfer and separate out along the grain boundary. In addi-

tion, the second phase precipitates extends finely and diffusedly in the grains. There-

fore, ferrite grains are finer and the thermomechanical properties of the slab are im-

proved. Furthermore the difference of incubation time between the grain boundary 

and the grains in the austenite to ferrite transformation decreases. In addition, in-

creasing cooling rate leads to the decrease of starting temperature of the phase 

transformation. The reason is that the atomic diffusion velocity is lower, the degree of 

supercooling is higher and free energy between the old and the new phases is lower. 

The perfect cooling rate to achieve a finer microstructure after phase transformation, 

without film-like proeutectoid ferrite and chain-like precipitation and in which precipi-

tations extends dispersedly is 3-6 ºC/s for a Nb-V-Ti containing steel. Moreover, with 

increasing cooling rate the size of the ferrite grains after phase transformation be-

comes finer. [41] 
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In Nb-Ti steels reducing the cooling rate improves hot ductility in the temperature 

range of 850-1000 ºC [6]. In these steels the higher the cooling rate, the lower the 

amount of Nb and Ti in the (Nb,Ti)(C,N) precipitates [1]. Cooling rates below 1.7 ºC/s 

have a beneficial effect in Nb-Ti steels, which is more significant with a cooling rate 

of 0.4 °C/s [38], [57]. It is suggested as being a result of the precipitation of Nb(C,N) 

on the coarse TiN particles at high temperatures, reducing the amount of soluble Nb 

that could precipitate dynamically in a form of fine Nb(C,N) particles [49], [57]. This 

effect is not detected in plain Nb steel [57]. In addition, at low cooling rates the 

Nb(C,N) precipitates are grower due to they have enough time to grow. As a result 

the interparticles space decreases. Hence, the strength difference between the grain 

interior and the weak precipitation-free zone decreases, therefore suppressing mi-

crocracks formation and propagation. Fast cooling rates leads to produce fine 

Nb(C,N) precipitates at the austenite grain boundaries. Thus, interparticle spacing is 

smaller and pinning is more effective, allowing cracks to join up easily reducing hot 

ductility. In the temperature range of 650-800 ºC the effect of the cooling rate is not 

appreciable. The reason is that large fractions of ferrite appear at the austenite grain 

boundaries that allow recovery and minimize the effect of the cooling rate. At 650º C 

there is an important improvement of hot ductility at high cooling rate (10ºC/s) due to 

austenite transforms faster to ferrite and when the ferrite in the austenite cannot 

quickly transfer and separate out along the grain boundary and therefore at lower 

temperatures a larger amount of ferrite will nucleate and precipitate in the grain. In 

these steels the higher cooling rate lowers the Ar3 temperature, moving the ductility 

trough to lower temperatures. [6] 

For steel with V content of 0.15 % it has been proposed that the optimum cooling 

rate for strengthening is 2.83 ºC/s. If it is lower the V(C,N) precipitates coarsen ex-

cessively and are less effective in strengthening. If it is greater more V(C,N) remains 

in solution and only a small fraction of V(C,N) precipitates. [3] 

At the edge sections of the slab slower cooling should be provided. The reason is 

that the corners have different temperatures during bending and unbending. Thus, 

the temperature of the metal should be kept from dropping to the brittleness interval. 

[34] 

7.4 Multiple points bending 

Multiple points bending is a method in which the straightening is carried out by multi-

point straightening. It might do not improve hot ductility owing to strain rate is re-

duced, which reduces hot ductility. Furthermore, there is more time to dynamic pre-

cipitation. In Nb bearing steels stress relaxation between bending points is minimal. 

[36] In addition, transversal cracking might not be prevented increasing the number 

of bending points, but the depth to which they can propagate below the surface is 

very diminished due to the lower applied surface strain in the region of limited ductili-

ty [38]. 
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7.5 Oscillation marks 

In continuous casting most cracks appears in the vicinity of the oscillation marks on 

the surface of the strand, perpendicularly to casting direction, due to the up and 

down oscillations that take place in the mould [37], [38]. Depending on the type of 

the oscillation marks strain is concentrated on different areas [37].  

Before it was thought that oscillation marks should be minimised in order to minimize 

cracks [2]. The explanation was the following: Generally the frequencies are between 

60 and 120 cycles/min, which leads to depths in the ranges 0.1-1 mm and 5-10 mm 

respectively. These ripples are regions of high interdendritic segregation of elements 

such as P, which is detrimental to hot ductility and therefore increase the risk of 

transversal cracking. In addition there is a gap between the strand and the water 

cooled mould which is bigger in the surface ripples. This gap diminishes the heat 

transfer favouring a thinner shell and coarser grain, which are also detrimental. 

Moreover, the oscillation marks can act as notches, making the material more brittle 

due to the introduction of high localised stress concentration. It has been found that 

in the temperature range 800-1000 increasing the depth of the notch generally re-

duces the elongation. The radius of the notch was found not to be important. [38]  

Nonetheless recent studies have shown that the depth of the oscillation marks is not 

related to the incidence of cracks. Thus, marks are just one of several factors that 

have influence on transversal cracks. [2] What is more, crack susceptibility has also 

been found to decrease with increasing oscillation mark depth. A possible reason is 

that austenite nucleation and growth occurs in the mould. Thus, more severe crack-

ing could takes place in the case of shallower marks due to friction forces. Oscillation 

mark depth can be decreased with higher frequency, lower stroke and lower nega-

tive strip time for peritectic steel grades. [37] 

7.6 Slab measurements 

The slab thickness has been found not to affect crack formation in the mould nor in 

the secondary cooling zone during continuous casting. However, the slab width has 

influence in crack formation. When the slab width is about 1900 mm there is a maxi-

mum of defective slabs. Above this temperature, the higher the width of the slab the 

lower the amount of defective slabs is. [34] 

7.7 Strain rate 

Increasing the strain rate improves the hot ductility in the range of the strain rated 

applicable to straightening operations, which are about 10-3-10-4/s. The upper tem-

perature boundary of the hot ductility curve is displaced to lower temperatures and 

thus the trough is narrower. Increasing the strain rate improves hot ductility for the 

following reason: there is insufficient time for strain induced precipitation, the amount 

of grain boundary sliding is reduced, the formation and diffusion controlled growth of 

voids next to the precipitates and inclusions at the grain boundaries is not possible 
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due to there is not enough time and higher strain rate prevents the formation of de-

formation induced ferrite. [38] 

For Nb-bearing steels increasing strain rate, which means increased casting speed 

for a specific caster, improves hot ductility [68]. 

7.8 Temperature of the straightener 

The temperature of the straightener also has influence on transversal cracking. Dur-

ing straightening the inner arc supports tensile stress and the positive camber sup-

ports compression stress. If the temperature of straightening the slab is in the tem-

perature range of the ductility trough cracks will increase. Thus, the intensity of cool-

ing water must be controlled and asymmetry of the temperatures must be avoided in 

order to minimize cracking. [32] 

At lower temperatures surface cracking is not reduced because of the effective 

gauge length over which the constant total strain is applied is increased, lowering the 

average strain rate and allowing the occurrence of more precipitation, worsen the hot 

ductility. At higher temperatures surface cracking is reduced because stress relaxa-

tion occurs. Higher straightening temperatures can be achieved by increasing the 

casting speed or reducing the amount of secondary cooling. [38] 

7.9 Thermal stresses 

Thermal stresses must be minimised in order to minimize the likelihood of cracking 

[38]. Thermal cycling along continuous caster can generates cracks, even if there is 

not any bending or unbending strain. The minimisation of mechanical loads decreas-

es surface cracking, which is demonstrated by the lack of surface cracks in the cor-

ner regions of soft cooled strand. [37] 

8 Prevention of transversal corner cracking 

8.1 Secondary cooling strategy 

Secondary cooling strategy is important in avoiding transversal cracking. One meth-

od to avoid surface quality problems in conventional continuous casting is to carry 

out bending and straightening operations out at temperatures either above (soft cool-

ing) or below (hard cooling) the zone of the ductility trough (700-1000 ºC) [2], [32], 

[35], [36], [39], [41], [42].  

It has been suggested that the temperature range when straightening is made 

should be either 30 ºC below the Ar3 temperature (when a large amount of ferrite 

exist before deformation, about 40 %) or above the temperature at which dynamic 

recrystallization starts to take place (due to the ferrite film no longer forms and there 

are few coarse precipitates that not influence hot ductility) [48]. In addition, second-

ary cooling must be as uniform as possible to prevent thermal stresses. When soft 
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cooling is used, it is important to maintain the cross section above the critical range, 

especially slab corners. When hard cooling is used, it is important to maintain all 

cooling nozzles to avoid regions within the critical range. [36]  

Cracking has not been prevented completely because of the difficulty of unique 

thermal profile across the slab due to unique subscale formation. This difficulty es-

pecially takes place in the corners, where it is very difficult to avoid the trough range 

because heat is transferred from both the narrow and the wide sides. This problem is 

enhanced in Nb bearing steels [35], [39], [41], [42]. This secondary cooling strategy 

is only possible with the bow type continuous casters but not at the vertical bending 

type continuous casters due to at that range of temperatures the intensive cooling 

before bending is carried out. [2]  

Other method to combat edge cracks is to adjust the area sprayed by the secondary 

cooling zone to provide softer cooling of the slab’s edge sections, especially when 

bending and unbending are carried out. [34] Corner cracks might be eliminated if no 

water is applied to the corner sections of the slab [68]. 

Slab quenching has also been suggested as a strategy to avoid transversal cracking. 

In this technique slab surface rapidly is cooled down below the transformation tem-

perature. Thus, fine grain structure is obtained in the surface which restricts the for-

mation and propagation of cracks. [36] 

8.2 Steel composition 

Other path to reduce surface cracking susceptibility is by controlling the steel chem-

istry. As mentioned before, the steel composition has high influence on cracking, 

especially microalloying elements. The objective is to obtain fewer crack sensitive 

compositions provided the required properties are ensured by other mechanisms or 

by elements that modify the precipitation type and size [42]. The target is to control 

the separation of the fine grain [32]. Some options are minimizing Nb, replacing Nb 

by V and N additions, adding V to Nb bearing steels and considering Ti additions 

[36]. 

8.3 Machine operation 

In the machine operation, important aspects are the type of mould powder used, the 

viscosity, the oscillation marks and ensure good and uniform fluxing [36]. The im-

portance of the oscillation marks has been mentioned before. 

It has been suggested that an increment in the W/(Δ*v) ratio (where W is the width, Δ 

is the conicity of the mould and v is the casting speed) diminishes the amount of 

slabs with cracks. Thus, for a determined slab width, decreasing either the casting 

effect or the conicity of the mould has positive effect on cracking. [34] 
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Superheat control like the one that was explained before (20 to 25 ºC of superheat 

and variation of   2 to 4 ºC) along with secondary cooling control improve hot ductili-

ty. By this control, a reduction of area of only 20 % was established as the limit to 

crack-free slabs in Nb-bearing steels. This value is much lower than others that have 

been published. [68] 

In Shougang steel plant the following measures were applied in order to reduce 

transversal corner cracks. They remained the superheat degree lower than 25 ºC, 

maintained the stability of the casting speed and fluid level of the crystallizer, de-

creased the cooling intensity and increased the casting speed. They obtained suc-

cessfully results, since they achieved increasing the straightening temperature to 

approximately 950 ºC, reducing transversal corner cracks. [32] 

8.4 Surface conditioning  

Conditioning of the surface, such as mechanical scarfing and hot scarfing, are used 

to remove cracks from the slabs surface. The negative point of these measures is 

that the costs are increased and some defects might not be completely repaired or 

missed. [34] 

9 Surface structure control cooling 

SSCC is a technique that improves hot ductility and aids in preventing slab surface 

transversal cracking. It consists in an intense cooling of the strand surface just below 

the mould and further reheating by the heat contained in the product in the second-

ary cooling. The strand is cooled with high cooling rate from the solution treatment 

temperature to the quenching temperature (T1), below the Ar3 temperature (1). It is 

held there for a short time (2) and reheated by the latent heat of solidification re-

leased by the internal liquid steel to the reheating temperature (T2), over the Ac3 

temperature (3). The following step after reheating is the same than in mild cooling 

(4). Mild cooling is the normal cooling concept in continuous casting. As a result, a 

double transformation takes place, bringing a finer austenite and ferrite grain size 

and about a ferrite microstructure with a film-like ferrite-free layer at the strand sur-

face. The distribution of the grain is much more uniform and any chain-like precipita-

tion occurs in the prior austenite grain boundary. New grain boundaries are created 

which do not coincide anymore with the carbonitrides and/or sulphides, therefore 

eliminating their embrittling effect. [35], [39], [42], [43] Figure 13 shows an example 

of the SSCC thermal story. 
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Figure 13. Thermal story of SSCC [43]. 

Because of the high cooling rate, there is uniform dispersion or solution of the micro-

alloyed elements precipitates in the matrix. Ferrite and very fine precipitates, even 

less than 20nm in diameter, precipitate simultaneously both inside and at the austen-

ite grain boundary. The minimum temperature during initial intensive cooling must be 

lower than Ar3 to avoid cracking susceptibility. Ferrite starts to precipitate when the 

temperature reaches below the Ar3 temperature and the precipitates precipitate sim-

ultaneously. [35], [39], [42], [43] In addition, high cooling rate makes that the differ-

ence of incubation time between the grain boundary and the grain decreases. Aus-

tenite transforms more rapidly to ferrite with an increase in the cooling rate. When 

the ferrite is not able to rapidly transfer in the austenite and separate out along the 

grain boundary, a large amount of it nucleates and precipitates in the grain. Thus, 

there is a lack of ferrite precipitating in the grain boundaries because it has been 

consumed. [41] This microstructure is different from the film-like ferrite along grain 

boundaries microstructure obtained in conventional cooling, where grain boundary 

precipitates are formed at the last stage of secondary cooling due to the slow cooling 

rate. Thus, one of the reasons for the occurrence of a ductility trough and slab sur-

face transversal cracking is avoided. [35], [39], [42], [43] In the reheating process 

some micro-alloyed elements precipitate but it is difficult for them to transfer, and 

therefore, aggregate precipitation increases that leads to the dispersed propagation 

of the precipitates. In addition, during reheating ferrite transforms again to austenite. 

It is difficult for the austenite to grow and coarsen due to the rather low reheating 

temperature. In the subsequent cooling the microstructure turns into finer after phase 

transformation. [41] Work carried out by Kato et al. [35] showed that the austenite 

grain size close to the slab surface is the same under mild cooling and under SSCC. 
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Thus, phase transformation has never completed during the thermal cycle and there-

fore the change in the microstructure is not a due to the refinement of the austenite 

grain by recrystallization. [35] 

 

Figure 14. Scheme of the mechanism of microstructure formation [35]. 

 

Figure 15. Microstructure of slab surface in continuous casting in conventional/mild 

cooling and SSC cooling [35]. 
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Figure 16. Distribution of precipitates at the austenite grain boundary and matrix un-

der SSC cooling (a) and mild cooling (b) [39]. 

T1 has been found to be the most important temperature for the improvement of the 

mechanical properties. When T1 is less than 600 °C the RA values increase, being 

more than 20 % higher than in mild cooling at 550 ºC due to the double phase trans-

formation. [43]  

The cooling rate has a strong influence on the thickness of the film-like ferrite-free 

structure. An increase of the thickness of the film-like ferrite-free layer, which in-

creases with higher cooling rate, reduces transversal cracking. It has been confirmed 

that cracking is surely prevented when the thickness of the film-like ferrite-free layer 

is over 3 mm. [35] 

In C-Mn steels with low S content the ductility in the temperature interval 700-1100 

°C is excellent due to finer austenite grain is achieved (50 µm) after the double 

phase transformation what during the subsequent cooling leads to a rapid transfor-

mation from austenite to fine ferrite pearlite. [42] 

In Nb containing steels the ductility drop associated with the austenite to ferrite trans-

formation is suppressed but there is even widened brittleness in the austenitic range 

owing to finer precipitation of Nb and dislocation accumulation during hot defor-

mation of austenite with a finer initial grain size. The final amount of precipitates is 

higher than in conventional cooling due to some fine precipitation probably occurs 

during the self reheating. [42]  
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EXPERIMENTAL PART 

10 General 
In the experiments the SSCC concept was applied to micro-alloyed steel samples. In 

this concept, the samples go through consecutive cooling and heating periods (de-

scribed in Chapter 9 in the literature part). 

Two main phenomena that were looked for: 

- A double phase transformation during the heat treatment. This means that 

during the cooling, austenite firstly transforms to ferrite. Then, during the reheating 

ferrite transforms again to austenite. This double phase transformation should bring 

a finer austenite and ferrite grain size and an about ferrite microstructure with a film-

like ferrite free layer at the grain boundaries.  

- The growth of new grains from the precipitates located at the grain bounda-

ries. The ferrite would grow at the grain boundaries at temperatures lower than the 

Ar3 temperature and when it transforms back to austenite in the subsequent reheat-

ing the austenite would grow around the precipitates. Thus, new finer grains would 

be created around the precipitates during the reheating process. Two different kinds 

of grains would be obtained, differenced in their size: the bigger former grains and 

the smaller new grains created around the precipitates. Figure 17 shows this phe-

nomenon. It must be noted that this phenomenon is different from the formation of 

precipitates inside the grains used in the previous work, in which the cooling rate 

was much higher and then the precipitates were distributed throughout the matrix. 

[35], [39], [42], [43].  

 

Figure 17. Growth of new grains from the precipitates during the reheating process. 

The parameters used in the SSCC experiments were chosen so that they could be 

applied to a real continuous casting process. The cast strand is the most vulnerable 

to transversal cracking in the straightening segments where mechanical stresses are 

induced and grain boundaries are weak due to the presence of film-like ferrite. Thus, 

there should be enough time to apply the SSCC concept for the corners so that they 

would be strong enough to withstand the mechanical stresses occurring in the 
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straightening segments. The micro-alloyed steel grade used in the experiments was 

cast in the vertical-bending slab caster with a casting speed of 1.0m/min. As the dis-

tance from the meniscus to the straightening segments is approximately 15 meters, 

the total time for each experiment has been calculated in order to be around 15 

minutes with this casting speed. 

The cooling rate used in this study was much slower (2 - 3.5 °C/s) than in the previ-

ous investigations (20 °C/s) [35], [39], [42], [43]. In addition, limitations in the equip-

ment used in the experiments made that the highest cooling rate that can be 

achieved during the heat treatments was about 3.5 °C/s. This difference in the cool-

ing rate makes that the precipitates will be mainly located at the grain boundaries, 

instead of being located inside the grains. Furthermore, the size of the precipitates 

will be bigger as a consequence of the lower cooling rate. In addition, the grain size 

will be coarser than in the previous studies [35], [39], [42], [43] since the cooling rate 

is lower. 

In order to evaluate all the phenomena involved in the process the samples were 

metallographically prepared. They were analysed by optical microscope and some of 

them by scanning electron microscope. In addition, hardness measurements were 

carried out. 

11 Sample description before the experiments 
The micro-alloyed steel samples used in these experiments were cut off from the 

wide surface of an as-cast slab. The dimensions of the obtained slab piece were 

15x3x3cm3. The chemical composition of the steel is shown in Table 1. 

Table 1. Chemical composition of the micro-alloyed steel (in wt %). 

C Si Mn P S Nb V Mo Ti Cr 

0.147 0.457 1.43 0.014 0.0015 0.045 0.094 0.007 0.013 0.046 

B Ni Al Ca H N Co Cu Pb Sn 

0.0003 0.04 0.034 0.0002 0.00017 0.0042 0.013 0.019 0.003 0.003 

 

The slab piece was cut in smaller pieces of approximately 1x1x1 cm3 and a hole of 2 

mm of diameter was drilled in the corner of the samples. The samples are shown in 

Figure 18. 
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Figure 18. Micro-alloyed steel samples of size 1x1x1 cm3. 

12 Heat treatment experiments 

12.1 Experimental setup 

The experiments were carried out in a furnace Entech ETF 50-175V. The furnace 

has two openings, one on the top and one on the bottom. Table 2 shows the ele-

ments and the characteristics of the furnace. 

Table 2. Elements and characteristics of the furnace. 

Furnace type Entech ETF 50-175V 

Maximum temperature 1750 C 

Heating elements Kanthal SuperTM 1900 Molybdenum disilicide (MoSi2) 

Programmable controller unit Eurotherm 903P 

Furnace tube Alumina 

 

The furnace atmosphere during the experiments was argon with a purity of 99.999 % 

and the flow rate was 0.05 l/min. The argon is blown from the top of the furnace. 

The temperature profile of the furnace is vertical and it was measured before the 

experiments. The sample temperature during the experiments was measured by a B-

type thermocouple (Pt-30%Rh vs. Pt-6%Rh). The thermocouple is located inside the 

alumina furnace tube so that the tip of the thermocouple is just under the bottom of 

the steel sample. The thermocouple is located in the bottom opening of the furnace 

and allows the movement of the sample through the different temperatures depend-

ing on the thermocouple position. Figure 19 depicts the temperature profile in the 

furnace depending on the thermocouple position.  
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Figure 19. Temperature profile of the furnace. 

The sample was hung in the end of an alumina tube with a platinum wire which is 

tied around the alumina tube and goes through the drilled hole of the samples, join-

ing them together. This platinum wire was protected with alumina tube. Figure 20 

shows this holding of the samples. In the opposite end, the tube is located inside a 

lid which has a hole. The diameter of the alumina tube and the hole of the lid are 

almost equal but the alumina tube is a little bit smaller so that the upward and down-

ward movement of the alumina tube when moving the sample inside the furnace can 

be performed.  

 

Figure 20. Holding of the samples. 

In order to hold the sample inside the furnace during the experiments, a support 

plate made of aluminium silicate fibre Al2O3 55%, SiO2 44% was used. This plate has 
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a hole in the middle, so that the thermocouple tip can be in contact with the bottom of 

the sample. Figure 21 shows a schematic picture of the equipment used in the ex-

periments. 

 

Figure 21. Schematic of the equipment used in the experiments. 

12.2 Experiments 

The sample is introduced in the furnace from the top opening and it is put over the 

sample plate. Thus, the contact between the tip of the thermocouple and the bottom 

of the sample is allowed and the sample temperature is measured during the exper-

iment. Then, the upper opening of the furnace is covered with the lid to seal the fur-

nace. The different temperatures of the samples are achieved by moving the fur-

nace’s alumina tube which contains the thermocouple inside. The temperature in-

creases as the tube is moved upwards and decreases as the tube is moved down-

wards. The larger and faster is the tube movement, the higher the rate.  

When the experiment finished, the lid was removed and the sample was taken out 

from the top opening of the furnace and quenched in water. After that, the platinum 
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wire which joins together the sample and the alumina tube was removed and sent for 

further metallographic preparation. 

It should be emphasized that the temperature control during the experiments was not 

extremely accurate due to the manual performance. The accuracy that has been 

achieved is to control the temperature ± 10 ºC from the given temperature during the 

holdings. 

12.3 Experiment parameters 

All the samples were first heated up to the 1300 ºC and held for 2 minutes at this 

temperature. 1300 ºC is approximately the temperature below the mould during the 

continuous casting. There is no melting of the steel at this temperature. In addition, 

the (Nb, V) (C, N) precipitates are dissolved but the Ti (C,N) precipitates are not dis-

solved because their melting point is greater than 1300 ºC. Thus, the Ti (C, N) pre-

cipitates are expected to be larger than the (Nb, V) (C,N) precipitates. Figure 22 

shows the calculated precipitates during cooling at a cooling rate of 3ºC /s. The cal-

culation was made with IDS software. IDS is a solidification and microstructure mod-

el developed by the Research Group of Metallurgy at Aalto University School of 

Chemical Technology. 

 

Figure 22. IDS calculation of precipitation during cooling at a cooling rate of 3ºC /s. 

Figure 22 shows that mainly titanium carbides but also titanium nitrides start to form 

above 1400 ºC. Niobium carbonitrides start to precipitate at approximately 1100 ºC. 
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There are more niobium carbides than niobium nitrides. Furthermore, vanadium ni-

tride starts to precipitate above 600 ºC. 

In addition, the grain will experience a big growth due to the high temperature. After 

this heating, three different heat treatments were tested: mild cooling treatment, 

SSCC based treatment and SSCC based followed by mild cooling treatment. Finally 

the samples were quenched in water. Mild cooling refers to normal cooling process 

in continuous casting. 

The A3 temperature is very important in these experiments because it is the starting 

temperature for the austenite to α-ferrite phase transformation. It can also be marked 

as A3e, A3r or A3c depending on if it is equilibrium condition (A3e), cooling condition 

(A3r) or heating condition (A3c). In the experiments the Ar3 and Ac3 temperatures are 

used, not Ae3, because the heat treatments consist on cooling and heating. Thus, the 

equilibrium condition is not achieved in these experiments. 

For the estimation of the Ar3 the temperature an equation given by Mintz et al. [69] 

was used. This equation is: 

                   –                  –                            

                  (1) 

The compositional range covered by the equation is 0.04-0.75 %C,  0.31-2.52 %Mn, 

0.01-1.22 %Si,  0.001-0.032 %S, 0.002-0.11 %P, 0.0012-0.014 %N, 0-1.55%Al, 0-

0.042 %Nb and a cooling rate of 10-200 °C /min [69]. Since the steel used in this 

thesis fits inside the limits, the Ar3 temperature was estimated based on this formula. 

The value obtained for Ar3 is shown in equation 2. 

                  –            (2) 

This temperature was also calculated by software package IDS, obtaining a value of 

717 °C.  

For the estimation of the Ac3 temperature Andrews’s equation (3) and Park’s equa-

tion (4) were considered [70].  

                                                        

                                                       (3) 

                                                       

                        (4) 

The results of the Ar3 and Ac3 temperature estimations for the steel used in these 

experiments are compiled in Table 3. 
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Table 3. Ar3 and Ac3 temperature estimations. 

Temperature Reference Temperature value 

Ar3 Mintz et al. equation 650,13 - 0.084 CR (ºC/min) 

Ar3 IDS 717 

Ac3 Andrews equation 791,37 

Ac3 Park equation 897,828 

 

12.3.1 Mild cooling experiments 

In the mild cooling experiments, the samples at room temperature were placed in the 

furnace at the position which equals 1300 ºC and held there for 2 minutes. Then the 

samples were cooled down at 1 ºC/s to a certain temperature and finally they were 

quenched in water. Figure 23 shows the thermal history for mild cooling. 

 

Figure 23. Thermal history for mild cooling. 

Two different temperatures after cooling were used (910 and 750 ºC) (Table 4). 
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Table 4. Mild cooling experiments. 

Sample number Final temperature (ºC) 

1 750 

2 910 

 

These experiments were made in order to check the microstructure under the mild 

cooling path at different temperatures. The expected microstructure was fully mar-

tensite for both samples. 

12.3.2 Low temperature (T1) experiments 

Low temperature (T1) (Figure 24) experiments were performed in order to see if the 

temperature (T1) is low enough to obtain ferritic structure i.e. if the Ar3 temperature 

was reached as it would be needed for the further SSCC process. In this heat treat-

ment, the samples at room temperature were placed in the furnace at the position 

which equals 1300 ºC and held there for 2 minutes. Then the samples were cooled 

down until the T1 temperature. The cooling rate was 3.5 ºC/s in the beginning and 

was progressively reduced until 2 ºC/s in the end of the cooling. The samples were 

held for a certain time at the T1 temperature (H1) and then they were quenched in 

water. Figure 24 shows the thermal history of these samples. 

 

Figure 24. Thermal history for low temperature samples. 
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Three different T1 temperatures (510, 610 and 650 ºC) and two different holding 

times (0 and 5 min) were used.  The experiments which were carried out under this 

heat treatment are shown in Table 5. 

Table 5. Low temperature experiments. 

Sample number T1 (ºC) H1(min) 

3 510 0 

4 510 5 

5 610 5 

6 650 5 

 

These experiments were carried out in order to check the microstructure after the 

cooling at low temperature. Thus, the microstructure expected was martensite with 

some ferrite at the grain boundaries. The morphology of the ferrite growth was ob-

served as well. The lower the temperature and the higher the holding time, the high-

er was the expected amount of ferrite. 

12.3.3 SSCC based experiments 

In SSCC based heat treatment, the samples at room temperature were placed in the 

furnace at the position which equals 1300 ºC and held there for 2 minutes. Then the 

samples were cooled down until the T1 temperature (lower than the Ar3 temperature). 

In the beginning, the cooling rate was 3.5 ºC/s and it was progressively reduced 

down to 2 ºC/s in the end of the cooling. The samples were held for a certain time at 

the T1 temperature (H1) and then they were reheated to the T2 temperature (higher 

than the Ac3 temperature), where they were held for a certain time (H2). Finally, the 

samples were quenched in water. Figure 25 shows the thermal history of the SSCC 

based heat treated samples. 



 

 
60 

 

 

Figure 25. Thermal history for SSCC based heat treatment. 

Three different T1 temperatures (510, 610 and 650 ºC), two different holding times 

(H1) at low temperature (2 and 5 min), three different T2 temperatures (810, 915 and 

975 ºC) and two different holding times (H2) at high temperature (2 and 5 min) were 

used. The experiments which were carried out under this heat treatment are shown 

in Table 6. 

Table 6. SSCC based experiments. 

Sample number T1 (ºC) H1(min) T2 (ºC) H2(min) 

7 510 2 810 2 

8 510 2 810 5 

9 510 2 915 2 

10 510 5 915 2 

11 510 5 915 5 

12 610 2 915 2 

13 610 5 915 2 

14 650 2 915 2 

15 650 5 915 2 

16 650 2 915 5 

17 610 5 975 2 

18 610 5 975 5 
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The aim of these experiments was to observe the effect of the different temperatures 

and holding times, both at low and high temperature, on the microstructure of the 

samples and to check if the aimed phenomena were achieved.  

12.3.4 SSCC based + mild cooling experiments 

In this heat treatment, the samples at room temperature were placed in the furnace 

at the position which equals 1300 ºC and held there for 2 minutes. Then the samples 

were cooled down until the T1 temperature. In the beginning, the cooling rate was 

3.5ºC/s and it was progressively reduced down to 2 ºC/s in the end of the cooling. 

The samples were held for a certain time at the T1 temperature (H1) and then they 

were reheated to the T2 temperature, where they were held for a certain time (H2). 

After that, the samples were cooled down at 1 ºC/s until 750 ºC. Finally, the samples 

were quenched in water. Figure 26 shows the thermal history of the SSCC based + 

mild cooling heat treated samples. 

 

Figure 26. Thermal history for SSCC based + mild cooling heat treatment. 

Two experiments were carried out under these conditions, using two different holding 

times at high temperate (2 and 5 min). They are shown in Table 7. 

Table 7. SSCC based + mild cooling experiments 

Sample number T1 (ºC) H1(min) T2 (ºC) H2(min) 

19 610 5 975 2 

20 610 5 975 5 
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These experiments were performed in order to compare the microstructure after the 

heat treatment with that of the mild cooling samples and to check if the phenomena 

were achieved.  

13 Metallographic specimen preparation 
After the heat treatment, the samples were mounted in epoxy resin by mixing epoxy 

resin (EpoFix resin by Struers, Figure 27 a) and epoxy resin hardener (EpoFix resin 

by Struers, Figure 27 b) in a proportion of 7.5:1. The sample was held in a mould, 

which has been previously impregnated with vaseline to facilitate the removal, (Fig-

ure 34 c) and then the mixture is added. Then the specimens are introduced in a 

vacuum chamber for 15 minutes (Figure 27 d) in order to remove the air bubbles that 

can be formed during the specimen preparation. After approximately 9 hours, the 

specimen is ready for further grinding and polishing (Figure 27 e).  

 

Figure 27. Specimen preparation equipment: epoxy resin (a), epoxy resin hardener 

(b), moulds (c), vacuum chamber (d) and specimen after the preparation (e). 

Grinding was done using water cooled silicon carbide paper and the grit sequence 

used was 150, 240, 400, 800, 1200, 2500 and 4000. This was followed by polishing 

with 1 µm diamond paste. After each grinding step the samples were rinsed with 

water and dried with compressed air and after polishing the samples were rinsed 

with water, cleaned with ethanol and dried with compressed air. Figure 28 shows the 

grinding and polishing equipment. 
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Figure 28. Grinding equipment (left) and polishing equipment (right). 

After the grinding and polishing, the samples were etched using 2% Nital. After the 

etching, the samples were first rinsed with water, cleaned with ethanol and finally 

dried with compressed air.  

14 Optical microscopy 
Optical microscopy (OM) is a technique used to examine materials using visible light 

to provide a magnified image of the micro- and the macrostructure. Grain bounda-

ries, phase boundaries, inclusion distribution and mechanical deformation can be 

observed by OM. Despite the development of electron microscopes, the optical mi-

croscope remains the most important tool for the study of microstructure. [71], [72] 

There exist two basic forms of light-optical microscopes: biological and metallurgical 

microscope (Figure 29). Metals and other materials that cannot easily be made thin 

enough to be optically transparent are examined by the metallurgical microscope. In 

this microscope the image is formed by light reflected from the surface of the speci-

men, which is usually immersed in a chemical etch in order to provide a perfectly 

smooth surface. Most etches preferentially dissolve the regions between individual 

grains of the specimen leaving a grain-boundary groove which is visible as a dark 

line. [71], [72] 
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Figure 29. Schematic diagrams of (a) biological microscope and (b) metallurgical 

microscope. [71] 

The resolution is limited by diffraction and it can be improved by decreasing the 

wavelength of the radiation. The wavelength can be decreased by using oil-

immersion or, for greater improvement, by using ultraviolet radiation. For sample 

preparation grinding, polishing and etching is required. [71], [72] 

The limitations of the light-optical microscopy is its resolution limit (about 1 µm), the 

limited depth of field (cannot focus on rough surfaces), and that it does not give di-

rect chemical or crystallographic information about microstructural characteristics. 

[72] 

In this study the optical microscope Leica DMR was used for analysing the samples 

after their metallographic preparation. A camera is connected on the top of the mi-

croscope in order to take pictures of the samples. Figure 30 shows this device. 



 

 
65 

 

 

Figure 30. Leica DMR optical microscope. 

15 Scanning electron microscopy 
Scanning electron microscopy (SEM) is a relatively easy handling and destruction-

free technique that is used for materials characterization and quality control and to 

obtain information about chemical composition, crystalline structure, orientation and 

texture of the materials. In addition, topographical, morphological and composition 

information can be obtained. Moreover microstructure, fractography and surface con-

taminations can be analysed. Scanning electron microscopes (SEMs) use the differ-

ent signals that are generated under electron bombardment at the surface of solid 

specimens to create an image due to the significant amount of kinetic energy that is 

dissipated by electron-sample interactions when the incident electrons are deceler-

ated in the solid sample. These signals are secondary electrons, backscattered elec-

trons, diffracted backscattered electrons, characteristic x-rays, long-wave radiation in 

the ultraviolet and visible region of the spectrum and heat. [73]–[75]  

The essential components of SEMs include: electron source (gun), magnetic elec-

tron lenses, apertures, scanning coils, detectors for all signals of interest, dis-

play/data output devices, vacuum chamber and computer. SEMs always have at 

least one detector, typically a secondary electron detector, and most have additional 

detectors for other signals. [71]–[75] 

In SEM areas from 1 cm to 5 µm in width can be imaged. In addition, selected point 

locations of the sample can be analysed which is especially useful in qualitative and 

semi-quantitative analysis. [71], [74]  

Depending on the nature of the samples and the required data, sample preparation 

can be minimal or more complex. Minimal preparation consists of the preparation of 
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a sample that fits into the SEM chamber and some accommodation in order to pre-

vent charge build-up on electrically insulating samples. [71], [73], [74] 

In this study the scanning electron microscope Tescan Mira 3 was used in order to 

take pictures of the samples. 

16 Hardness measurements 
The hardness of the steel samples was measured using a Vickers hardness test 

following the test procedure ASTM E-384, which specifies a range of light loads us-

ing a diamond indenter to make an indentation which is measured and converted to 

a hardness value. This test is mostly used for small parts, thin sections or case depth 

work. Sample preparation is required in order to allow the sample to fit into the hard-

ness tester. In addition, the surface of the specimen must be smooth to permit a reg-

ular indentation shape and good measurement and to ensure that the sample can be 

held perpendicular to the indenter. [76] 

The Vickers hardness test consists of indenting the test sample with a diamond in-

denter. The form of the indenter is a right pyramid with a square base and an angle 

of 136 degrees between opposite faces subjected to a load of 1 to 100 kgf  

(kgf = kilogram force) which is usually applied for 10 to 15 seconds. Figure 31 shows 

a schematic of the indentation. After the removal of the load, the two diagonals of the 

indentation are measured using a microscope and the area of the sloping surface of 

the indentation is calculated. Dividing the kgf load by the square mm area of indenta-

tion the Vickers hardness is obtained. The Vickers hardness can be calculated from 

the formula, but usually conversion tables are used. [76], [77] 

 

Figure 31. Schematic of indentation in Vickers hardness test [77]. 

The advantages of the Vickers hardness test are that the measurements are ex-

tremely accurate and just one type of indenter is used for all types of metals and 

surface treatments. However, the Vickers hardness test device is more expensive 

than that of Brinell or Rockwell hardness test. [77] 
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In this study the Vickers hardness measurement of the samples were carried out 

following the test procedure ASTM E-384. The Vickers hardness tester used is the 

Vickers/Knopp/Brinell hardness tester Innovatest Nexus® 4000, shown in Figure 32. 

The applied load was 200 g. In order to have more accuracy and reliable results, at 

least 5 tests were carried out for each sample. Then, the average measurement was 

calculated.  

 

Figure 32. Vickers/Knopp/Brinell hardness tester Innovatest Nexus® 4000. 

17 Results 

17.1 Optical microscope pictures 

The pictures of the samples taken with the Leica DMR optical microscope are shown 

in the following figures. Only the most representative pictures of the samples are 

showed in this study. More pictures can be found in Appendix A. 

17.1.1 Micrographs of the mild cooling experiments 

The micrographs of the mild cooling experiments are shown in Figure 33. 
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Sample 1: Mild cooling 750 ºC (Mag. 
20x) 

 

 
Sample 2: Mild cooling 910 ºC (Mag. 
20x) 

Figure 33. Micrographs of samples 1 (a) and 2 (b). 

A completely martensitic microstructure is clearly observed, as was expected. The 

reason for this is that during the cooling, the Ar3 temperature has not been achieved 

yet (since it is lower than 750 ºC) and therefore the phase before the water quench-

ing was austenite, which after the water quenching transforms to martensite. Very 

large grains can also be observed in this structure, as a consequence of the low 

cooling rate (1ºC /s). In addition, the initial heating to the 1300 ºC causes the appari-

tion of large grains due to the fact that at high temperatures the grain growth is very 

fast, especially over the 900 ºC. The precipitates are not visible with the optical mi-

croscope due to that they are smaller, but theoretically they are located at the grain 

boundaries. 

17.1.2 Micrographs of the low temperature (T1) experiments 

The micrographs of the low temperature (T1) experiments are shown in Figure 34. 
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Sample 3: T1 = 510°C, H1 = 0 min (Mag. 
50x) 

 

 
Sample 4: T1 = 510°C, H1 = 5 min (Mag. 
50x) 

 

 
Sample 5: T1 = 610°C, H1 = 5 min (Mag. 
20x) 

 

 
Sample 6: T1 = 650°C, H1 = 5 min (Mag. 
50x) 

Figure 34. Micrographs of samples 3 (a), 4 (b) , 5 (c) and 6 (d). 

It can be observed that in sample 3 rounded ferrite has grown, probably around the 

grain boundaries because it is the preference location for the ferrite to growth. In 

sample 4 ferrite can also be observed in the grain boundaries, but less clearly than in 

sample 3 (the reason for clearer structure could be that the settings in the micro-

scope has been different and more topographical picture has been obtained from 

sample 3). Theoretically there should be more ferrite in sample 4 than in sample 3 

since the holding time at 510 °C was longer in sample 4. Samples 4 and 5 seem to 

have Widmanstätten ferrite as a result of the cooling rate used in the experiments 

and an orientated growth of the ferrite. It is difficult to confirm which sample has 

higher amount of ferrite, but theoretically sample 4 should contain more ferrite than 

sample 5 due to the temperature achieved with sample 4 was lower (510 ºC for 

sample 4 and 610 ºC for sample 5). The microstructure observed in sample 6 is 

mainly martensitic. No ferrite is observed, maybe because there is no ferrite or be-

cause the amount is so small that it cannot be observed with the optical microscope. 
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Furthermore, the grains observed in these four samples are large due to the initial 

heating up to 1300 ºC. 

Thus, based on these micrographs it can be concluded that ferrite has been formed 

in the samples that have been cooled down to 610 ºC and to 510 ºC but no ferrite 

has been formed when cooling down to 650 ºC or maybe the amount of ferrite is very 

small. In addition, the growth of the ferrite seems to be unidirectional. The reason for 

the differences in the colours of the samples (grey vs. brown) is that the steel was 

very sensitive for etching times (brown samples were over-etched). 

17.1.3 Micrographs of the SSCC based experiments 

The micrographs of the SSCC based experiments are shown in Figures 35 and 36. 
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Sample 7: T1 = 510 ºC, H1 = 2 min,  

T2 = 810 ºC, H2 = 2 min (Mag. 50x) 

 

 
Sample 8: T1 = 510 ºC, H1 = 2 min,  

T2 = 810 ºC, H2 = 5 min (Mag. 20x) 
 

 
Sample 9: T1 = 510 ºC, H1 = 2 min, 

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 
Sample 10: T1 = 510 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 
 

 
Sample 11: T1 = 510 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 5 min (Mag. 20x) 

 

 
Sample 12: T1 = 610 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

Figure 35. Micrographs of samples 7 (a), 8 (b), 9 (c), 10 (d), 11 (e) and 12 (f). 
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Sample 13: T1 = 610 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 
Sample 14: T1 = 650 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 
Sample 15: T1 = 650 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 
Sample 16: T1 = 650 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 5 min (Mag. 20x) 

 

 
Sample 17: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 2 min (Mag. 50x) 

 

 
Sample 18: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 5 min (Mag. 50x) 

Figure 36. Micrographs of samples 13 (a), 14 (b), 15 (c), 16 (d), 17 (e) and 18 (f). 
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It can be seen that the microstructure after the water quenching of all the SSCC 

based samples is martensitic. This martensite proceeds from the austenite phase 

which the samples had before they were quenched in water. No ferrite is observed. 

This means that all the ferrite that could be formed after the cooling has been trans-

formed to austenite during the reheating and the holding at high temperature.  

No grains with different size are observed in these pictures. This indicates that the 

phenomenon of new grain growth from the precipitates located at the grain bounda-

ries has not happened. If it had happened, two different kinds of grains could be ob-

served. Large grains, which would be the prior austenite grains, and smaller grains 

which would come from the growth from the precipitates. The double phase trans-

formation phenomena which brings an about ferrite microstructure without a film-like 

ferrite was clearly not observed either.  

As can be deduced from the pictures, all the ferrite that appeared at low temperature 

has transformed to austenite. During the austenite to ferrite transformation through-

out the cooling, the carbon content of the austenite is higher than that of the ferrite. 

Thus, when this ferrite transforms back to austenite during the reheating it could 

happen that this new austenite has lower carbon content than the former austenite 

and therefore this phenomenon would be reflected in two different martensites after 

the water quenching, with different carbon content. This would happen if the time 

above the Ac3 temperature (when the ferrite starts to transform to austenite) is not 

long enough to allow the carbon to diffuse throughout the sample and then homoge-

nise the carbon content of the martensite. They could be distinguished because the 

martensite with lower carbon content would look darker than the other martensite. In 

addition, the martensite which proceeds from the new austenite could have more 

round form since it would be formed from the ferrite, which is more rounded. 

However, this phenomenon is not observed in the pictures. The samples show a 

martensitic structure which does not suggest that there are two martensites with dif-

ferent carbon content. Only three SSCC based samples, samples 7, 9 and 10, could 

somehow suggest this kind of microstructure. These three samples have the T1 tem-

perature, 510 ºC, and the same holding time at high temperature, 2 minutes. In these 

samples the microstructure is martensitic but there are some areas in which the to-

nality of the martensite can suggest that this phenomenon has taken place. In addi-

tion, some rounded martensite was observed.  

Nevertheless, it must be emphasized that it is very unlikely that this phenomenon 

has happened. The most probable phenomenon that has taken place is that the fer-

rite formed at low temperature has transformed to austenite and the carbon content 

of the sample has been balanced throughout the samples and therefore no different 

martensites exist in their microstructure.  
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Comparing the microstructure of the SSCC based samples with the mild cooling 

samples probably the only difference is that the SSCC based samples has a much 

finer microstructure. The reason for this can be that the cooling rate of the SSCC 

based samples is higher but also the double phase transformation could have 

caused that smaller grains are obtained in these samples.  

17.1.4 Micrographs of the SSCC based + mild cooling experiments 

The micrographs of the SSCC based + mild cooling experiments are shown in Figure 

37. 

 

 
Sample 19: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 2 min (Mag. 20x) 

 

 
Sample 20: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 5 min (Mag. 20x) 

Figure 37. Micrographs of samples 19 (a) and 20 (b) at magnification of 20x. 

The microstructure of these samples is fully martensitic. It seems that the ferritic 

structure obtained after the cooling has been destroyed with the reheating to 975 ºC, 

giving an entirely martensitic microstructure.  

Making a comparison between these samples and sample 1 (mild cooling sample 

until 750 ºC), the microstructure is similar. The only difference is the grain size. The 

microstructure of these samples is much finer than that of the mild cooling samples. 

However, it probably is due to the higher cooling rate of these samples, not due to 

the heat treatment (similarly to the SSCC based samples). 

17.2 SEM micrographs 

SEM micrographs from samples 2 and 10 are shown in Figures 38 and 39. Sample 2 

is a mild cooling sample and sample 10 has gone through SSCC based heat treat-

ment.
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Figure 38. SEM micrographs of sample 2 at 600x (left) and 2000x (right) 

 

Figure 39. SEM micrographs of sample 10 at 600x (a) and 2000x (b) 

The SEM micrographs reveal that the only difference between samples 2 and 10 is 

that the microstructure of sample 10 much finer and the grain size is smaller than 

that of sample 2. However, there is some inconsistency in the SEM results, thus 

these results are not very reliable.  
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17.3 Hardness measurements 

The results of the hardness measurements are given in Table 8. 

Table 8. Hardness measurements. 

Sample 

Meas. 

1 Meas. 2 Meas. 3 Meas. 4 Meas. 5 Meas. 6 Meas. 7 Average 

1 427 461 426 440 425 437 435 436 

2 432 415 409 453 445 437 

 

432 

3 433 441 352 392 405 360 

 

397 

4 376 415 430 426 413 439 

 

417 

5 395 379 350 340 450 440 428 397 

6 445 420 455 400 413 

  

427 

7 454 450 440 446 443 

  

447 

8 437 426 416 460 421 

  

432 

9 444 440 440 459 415 458 

 

443 

10 403 436 428 413 440 

  

424 

11 460 469 470 478 439 451 

 

461 

12 420 419 460 434 432 

  

433 

13 452 416 450 412 435 

  

433 

14 403 443 440 443 410 

  

428 

15 444 458 449 465 461 

  

455 

16 410 426 421 420 440 

  

423 

17 410 417 405 411 440 419 

 

417 

18 442 426 396 421 400 395 433 416 

19 450 448 431 437 451 

  

443 

20 424 423 442 408 427 

  

425 

 

The hardness measurements of the samples confirm that the microstructure of all 

the samples is mainly martensitic. In addition, there is not a considerable difference 
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between the hardness of the samples. Thus, no conclusions can be deduced from 

the hardness measurement. 

Nevertheless, it can be observed that the standard deviation of the low temperature 

samples (samples 3, 4, 5 and 6) is very big. The reason is that the Vickers hardness 

test is not a micro-hardness test. Then, it was not possible to measure the hardness 

of a specific phase or place. Thus, if the indentation is made over a martensitic area 

the value will be high but if it is made over a ferritic area the value will be low. This 

difference in the values can be checked from the measurements of these samples. 

This confirms that ferrite has grown in the grain boundaries. It can be observed that 

the lower the T1 temperature (see Figure 28), the lower the hardness as a result of 

the higher amount of ferrite. The hardness value of the sample 6 is the same in the 

rest of the samples, which confirms that there was no ferrite in this sample (or very 

low amount). 

However, the measurements of the sample 4 are strange since it seems to be harder 

than the sample 3 (due to sample 4 has higher amount of ferrite). It could be due to 

the indentations have been made over martensitic areas of sample 4 or because the 

unidirectional growth of the ferrite in sample 4 makes that its hardness is higher. The 

most probable option is the first one. 

Comparing the results with the values of the graph showed in Figure 40, which 

shows the martensite hardness depending on the carbon content, the hardness 

measurements confirm that the carbon content of the steel is 0.147 or, at least, that it 

is close to that. 

 

Figure 40. Hardness of steels in various states vs. carbon content [78]. 
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18 Discussion 
The microscopic analyses of the heat treated samples showed that the aimed phe-

nomena were not achieved. It seems that the precipitates did not have any effect on 

the microstructure evolution of the heat treated samples. New grains were not gen-

erated from the precipitates during the process in any experiment (or if it happened, 

these new grains were so small that they could not be observed). It could be that the 

precipitate size plays a key role in promoting this effect. In this way maybe smaller 

precipitates, which would precipitate at higher cooling rate, are needed to encourage 

this phenomenon. In addition, it could be necessary that sufficient supercooling has 

to be achieved in order to let the ferrite grow not only at austenite grain boundaries 

but also inside the grain. With high cooling rate, fine precipitates and ferrite would 

precipitate at the same time. The simultaneous formation of precipitates and appear-

ance of ferrite could be favourable to achieve the growth of the grains around the 

precipitates. In the reheating the ferrite would transform to austenite again and in the 

following stage of cooling the ferrite grain would originate from this fine precipitates. 

Nonetheless, as mentioned before the continuous casting conditions do not allow 

using very high cooling rates (for example 20 °C/s, as was used in previous work 

[35], [39], [42], [43]). The only effect of the precipitates could be that they cause an 

orientated growth of the ferrite when the temperature is lower than the Ar3 tempera-

ture.  

In addition, the double phase transformation that brings an about ferrite microstruc-

ture with film-like ferrite free grain boundaries did not take place. It is clear that all the 

ferrite that appeared at low temperature was transformed back to austenite during 

the reheating. However, this austenite has not been transformed again to ferrite. The 

reason is that the final temperature of the SSCC based and SSCC based + mild 

cooling experiments is over the Ar3 temperature and then the austenite to ferrite 

transformation cannot take place.  

The low temperature samples showed that a temperature of 610 ºC after the cooling 

is enough to allow the ferrite to appear. The ferrite starts to nucleate mainly in the 

grain boundaries when the Ar3 temperature is achieved during the cooling. It starts to 

appear with rounded shape and it seems to grow in an orientated way later on be-

cause Widmanstätten ferrite can be observed. The reason for this orientated growth 

could be the presence of the precipitates. As the precipitates are located at the grain 

boundaries, the areas which are close to the grain boundaries but outside of them 

have lower amount in the elements that form the precipitates (Nb, Ti, V, C and N). 

The lack of these elements could be the reason for this orientated growth.  

A phenomenon that could distinguish the SSCC based samples from the mild cool-

ing samples is that the transformation during and after the reheating of the ferrite to 

austenite gives a new austenite with lower carbon content than the former austenite. 

However, this is very unclear and it is just an assumption based on the theory. It 
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seems that, in case that this phenomenon takes place, the lower T1 temperature 

(510 ºC) is favourable and that a holding time at the T2 temperature (both 810 ºC and 

915 ºC) of 2 minutes aids in the appearance of this phenomenon. The reason could 

be that the samples cooled down until 510 ºC have the highest amount of ferrite and 

that if the holding time at high temperature is longer than 2 minutes then the carbon 

content of the whole austenitic structure is equalised and then this microstructure 

disappears. Furthermore, it seems that lower T1 temperature and shorter holding 

time H1 is more effective than higher T1 temperature and longer holding time in pro-

moting this effect. In addition, the microstructure observed in the SSCC based sam-

ples was much finer than that of the mild cooling samples. It could be as a conse-

quence of the higher cooling rate of the SSCC based samples but it could be also as 

a consequence of the double phase transformation. In this context, the double phase 

transformation could give finer grains, which is beneficial to the hot ductility. If this 

finer microstructure is due to the double phase transformation and not due to the 

higher cooling rate, then the SSCC process would improve the hot ductility of the 

analysed steel.  

It could be that very high T2 temperatures and long holding times at this temperature 

are not favourable for the process, maybe because the microstructure achieved at 

low temperature is removed. However, this is only an assumption since the aimed 

phenomena were not achieved in these experiments. 

Furthermore, it is possible that very accurate conditions are needed to allow the 

aimed phenomena to take place. There might have been problems of precision dur-

ing the experiments. The control at a constant temperature during the holding stages 

of the experiments was not very accurate because it was manually controlled and 

due to the temperature profile of the furnace. There was a very big temperature dif-

ference within 1 cm (50 – 100 ºC) and therefore the temperature through the sample 

was most probably not even. This made that the temperature of the sample was var-

ying and was not completely constant (it was controlled in a range of ± 10 °C). The 

heating and cooling rates were very difficult to control as well. In addition, the re-

moval of the sample from the furnace to quench the sample in water took several 

seconds. Thus, changes in the microstructure could take place during this time. Pre-

vious work [35], [39], [42], [43] used Gleeble thermo-mechanical and simulators, 

which are more precise and simulate more accurately the desired conditions. 

19 Conclusions 
Transversal corner cracking has been found as a problem which is very difficult to 

prevent. This cracking mainly occurs due to the presence of a film-like ferrite and 

precipitates at the grain boundaries during the straightening in continuous casting. 

Many strategies have been used already but none of them has completely solved the 

problem. Surface structure control cooling (SSCC) is a new method that seems to be 
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very promising in preventing transversal corner cracking. This method consist of 

cooling until a temperature below the Ar3 temperature with high cooling rate, a hold-

ing there and a subsequent reheating to a temperature above the Ac3 temperature. 

After this, a normal cooling takes place. As a result a double phase transformation 

takes place, giving a microstructure with finer grains and with the precipitates distrib-

uted throughout the matrix or with lower cooling rates at the grain boundaries. In 

SSCC method precipitates induce non-directional ferrite growth around them result-

ing in a stronger structure than in the case of normal mild cooling in continuous cast-

ing. As a consequence of this mild cooling ferrite starts to grow in the grain bounda-

ries in a film-like form which is very sensitive for cracking especially in the presence 

of stresses.   

In order to apply this method to the continuous casting of the micro-alloyed steel, 

several experiments have been carried out. In these experiments, the parameters 

have been adapted to the real continuous casting conditions and the effect of the 

different temperatures and holding times has been tested. Thus, the cooling rate 

used in the experiments is much lower than which were used in the previous work 

[35], [39], [42], [43]. As a consequence, in the experiments of this study the precipi-

tates should form at the grain boundaries and not necessarily inside the grains. The 

samples were analysed with the microscope in order to check if new grains have 

been created from the precipitates and if a double phase transformation which avoid 

the film-like ferrite in the grain boundaries has occurred. 

The results show that new grains were not created from the precipitates and that the 

double phase transformation did not take place. There are three samples that some-

how suggest that the ferrite obtained at temperatures lower than the Ar3 temperature 

transforms to austenite during the reheating. This new austenite could have less 

carbon content than the former austenite. Thus, a microstructure with two different 

austenites, differenced in the carbon content, would be obtained. However, it is nec-

essary to stand out that this is just an assumption based on theory and it is possible 

that it has not happened. In case that this effect occurs, it seems that a temperature 

of 510 °C (with higher ferrite content at low temperature) and a holding time of 2 

minutes (longer time seems to eliminate this effect because carbon would have more 

time to diffuse and then the carbon content of the austenite would be the same in all 

the parts of the sample) are the optimal parameters. In addition, the SSCC gives a 

finer microstructure than the mild cooling. It is not clear if this effect is due to the 

higher cooling rate only or also due to the phase transformations that are involved in 

the process. 

Furthermore, some recommendations for future work are proposed in order to 

achieve better and clearer results that clarify the phenomena involved in the process. 
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20 Future work 
For future work, I would recommend to use more accurate equipment because these 

heat treatments probably require high precision. Thus, more sophisticated equipment 

would be helpful, such as thermo-mechanical simulator Gleeble. Furthermore, I 

would recommend melting the sample in order to improve the results. I think that by 

melting the samples the continuous casting conditions are better simulated. In addi-

tion, all the precipitates will be dissolved (in the experiments of this thesis the Ti 

(C,N) precipitates were not dissolved, according to the calculation showed in Figure 

22) and therefore the precipitates would be smaller which probably would aid in 

achieving the desired phenomena. 

More experiments at low temperature are necessary in order to check the growth 

morphology during the holding at low temperature (T1) and to understand the mech-

anism of this growth.  

In addition, I suggest performing more SSCC based + mild cooling experiments with 

a lower final temperature at which the ferrite is able to appear. The comparison of 

that microstructure with the microstructure of the mild cooling samples cooled until 

the same temperature (both with normal cooling rate and with the cooling rate used 

in the SSCC experiments) is important in order to check if there is any difference in 

the grain size and in the ferrite growth due to the double phase transformation of the 

SSCC process. For instance, temperatures that could be used are 610 ºC and 550 

ºC. 

Furthermore, a SEM investigation would be helpful in order to check precisely the 

microstructure and precipitations and the phenomena that take place at the grain 

boundaries of the samples. 
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Appendix A. Microstructure of the samples 
 

Micrographs of samples 1 and 2. 

 

 

Sample 1: Mild cooling 750 ºC (Mag. 20x) 

 

 

Sample 1: Mild cooling 750 ºC (Mag. 50x) 

 

 

Sample 2: Mild cooling 910 ºC (Mag. 20x) 

 

 

Sample 2: Mild cooling 910 ºC (Mag. 20x) 
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Micrographs of samples 3, 4 and 5. 

 

 

Sample 3: T1 = 510°C, H1 = 0 min (Mag. 20x) 

 

 

Sample 3: T1 = 510°C, H1 = 0 min (Mag. 20x) 

 

 

Sample 4: T1 = 510°C, H1 = 5 min (Mag. 20x) 

 

 

Sample 4: T1 = 510°C, H1 = 5 min (Mag. 20x) 

 

 

Sample 5: T1 = 610°C, H1 = 5 min (Mag. 20x) 

 

 

Sample 5: T1 = 610°C, H1 = 5 min (Mag. 50x) 
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Micrographs of samples 6, 7 and 8. 

 

 

Sample 6: T1 = 650°C, H1 = 5 min (Mag. 20x) 

 

 

Sample 6: T1 = 650°C, H1 = 5 min (Mag. 20x) 

 

 

Sample 7: T1 = 510 ºC, H1 = 2 min,  

T2 = 810 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 7: T1 = 510 ºC, H1 = 2 min,  

T2 = 810 ºC, H2 = 2 min (Mag. 50x) 

 

 

Sample 8: T1 = 510 ºC, H1 = 2 min,  

T2 = 810 ºC, H2 = 5 min (Mag. 20x) 

 

 

Sample 8: T1 = 510 ºC, H1 = 2 min,  

T2 = 810 ºC, H2 = 5 min (Mag. 50x) 
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Micrographs of samples 9, 10 and 11. 

 

 

Sample 9: T1 = 510 ºC, H1 = 2 min, 

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 9: T1 = 510 ºC, H1 = 2 min, 

T2 = 915 ºC, H2 = 2 min (Mag. 50x) 

 

 

Sample 10: T1 = 510 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 10: T1 = 510 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 50x) 

 

 

Sample 11: T1 = 510 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 5 min (Mag. 20x) 

 

 

Sample 11: T1 = 510 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 5 min (Mag. 50x) 
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Micrographs of samples 12, 13 and 14. 

 

 

Sample 12: T1 = 610 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 12: T1 = 610 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 50x) 

 

 

Sample 13: T1 = 610 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 13: T1 = 610 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 50x) 

 

 

Sample 14: T1 = 650 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 14: T1 = 650 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 50x) 
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Micrographs of samples 15, 16 and 17. 

 

 

Sample 15: T1 = 650 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 15: T1 = 650 ºC, H1 = 5 min,  

T2 = 915 ºC, H2 = 2 min (Mag. 50x) 

 

 

Sample 16: T1 = 650 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 5 min (Mag. 20x) 

 

 

Sample 16: T1 = 650 ºC, H1 = 2 min,  

T2 = 915 ºC, H2 = 5 min (Mag. 50x) 

 

 

Sample 17: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 17: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 2 min (Mag. 20x) 



 

 
94 

 

Micrographs of samples 18, 19 and 20. 

 

 

Sample 18: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 5 min (Mag. 20x) 

 

 

Sample 18: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 5 min (Mag. 20x) 

 

 

Sample 19: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 2 min (Mag. 20x) 

 

 

Sample 19: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 2 min (Mag. 50x) 

 

 

Sample 20: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 5 min (Mag. 20x) 

 

 

Sample 20: T1 = 610 ºC, H1 = 5 min,  

T2 = 975 ºC, H2 = 5 min (Mag. 50x) 

 

 


