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Effect of nitrogen alloying on the properties of powder metallurgically (P/M) produced 
18Cr18MnN, SiMnCrMoNiN and CrMnTMoNiN high nitrogen austenitic stainless steels was 
studied and compared to commercially available austenitic stainless steels and super alloys. 
Nitrogen was introduced in solid steel powders via gas infusion in fluidized bed furnace. After 
nitrogen gas infusion, steel powders were compacted with hot isostatic pressing (HIP) and 
solution annealed. Microstructures of the steels were studied by means of optical 
microscopy, scanning electron microscopy and electron probe micro analysis. Studied 
properties were mechanical properties, resistance to pitting and crevice corrosion in FeCIg- 
solutions, resistance to general corrosion in various sulphuric acid solutions, resistance to 
sliding wear against stellite and hard chrome, resistance to abrasive wear, resistance to 
impact wear as well as resistance to erosion corrosion in distilled water and sulphuric acid 
solutions. It can be concluded that:

1. Nitrogen in solid solution increases strength of austenitic stainless steels. Nitrogen starts 
to decrease ductility when alloyed in excess of 0,6 - 0,8 wt-%.

2. Nitrogen in solid solution increases resistance to crevice and pitting corrosion in FeCIg- 
solutions.

3. Effect of nitrogen alloying on general corrosion resistance in sulphuric acid solutions 
depends on particular sulphuric acid solution and temperature.

4. Nitrogen in solid solution increases resistance to sliding wear.

5. Nitrogen in solid solution does not increase resistance to abrasive wear. Resistance to 
abrasive wear is determined mainly by presence of hard second phase particles.

6. High oxygen content is deleterious to the mechanical properties of P/M high nitrogen 
austenitic stainless steels.
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1. Introduction

Powder metallurgical^ (P/M) produced structural parts were first used in automobiles. After that P/M 
materials and parts have become a competetive alternative for cast and machined parts. P/M parts are 
used in several fields of industry, for example, in household appliances, business machines and power 
tools. P/M parts can be manufactured using several different techniques, such as sintering and hot 
isostatic pressing (HIP). By selecting a suitable technique P/M parts can be produced to close tolerances 
at high production rates at relatively low labor costs. An other beneficial feature of P/M technology is the 
amount of metallurgical possibilities. Alloying of P/M materials can be done either by conventional melt 
practice, mechanically or, as with the high nitrogen austenitic stainless steels, chemically in solid state by 
gas infusion. All this and the numerous new P/M techniques give a wide variety of possibilities to produce 
high performance materials for various purposes in an economical way.

High-nitrogen austenitic stainless steels are a new group of materials that are of great interest. The term 
"high-nitrogen steel" can be understood to mean steels with nitrogen contents beyond the solubility limit 
at normal atmospheric pressure. More appropriate term would be "nitrogen alloyed steels". Nitrogen 
alloyed steels were first developed during the second world war. The original purpose of nitrogen alloying 
was to reduce the need for nickel, price of which is relatively high and unstable. With nitrogen alloying 
several properties of austenitic stainless steels can be improved, such as sensitization behaviour during 
cooling after heat treatment, corrosion resistance, resistance to stress corrosion cracking, mechanical 
properties and wear resistance. Limiting factors for nitrogen addition are low solubility in liquid and 5- 
ferrite in atmospheric pressure. Expensive investments on high pressure furnaces and manufacturing 
technology are required to overcome the problems faced with conventional melt practice. An alternative 
route to produce high-nitrogen austenitic stainless steels is powder metallurgy. Nitrogen alloying can be 
done in solid state either by nitriding with gas or ammonia or by alloying mechanically with nitrides. The 
possibility arises due to high solubility of nitrogen in austenite, effect of which can be enhanced by 
alloying. Powder nitriding becomes an attractive alternative also, because the distances for diffusion to 
overcome are relatively short in small powder particles.

The aims and goals of the study were to develop powder metallurgical^ manufactured high nitrogen 
austenitic stainless steels for various industrial applications. Effect of nitrogen content together with other 
factors on studied properties was examined and compared to several commercially available alloys. 
Studied properties are corrosion resistance in chloride and acidic environments, mechanical properties 
and wear resistance. Three different groups of steels were involved: SiMnCrMoN steels, 18Cr18MnN 
steels and MnCr/MoNiN steels.

SiMnCrMoN steels were studied to develop wear and corrosion resistant austenitic stainless steels to 
replace AISI 316, Nitronic 60 and Nitronic 50 steels. The main criteria of the study were resistance of 
these steels to sliding wear against stellite, hard chrome and high nitrogen austenitic stainless steel.

18Cr18MnN steels are fully austenitic stainless steels originally used in electric power plant generators 
because of their high strength and nonmagnetism. The main objective was to develop a stainless steel 
for stone crusher applications to replace Hadfield's manganese steel. This requires resistance to impact 
and abrasive wear.

MnCrTMoNiN steels were studied to develop a highly corrosion resistant austenitic stainless steel to 
replace superalloys in extremely aggressive industrial environments. MnCrTMoNiN steels combine the 
positive effects of Cr, Mo and N on corrosion resistance.

A large amount of tests were conducted with various alloys of the three groups mentioned above. 
Nitrogen alloying was found to be beneficial in most of the studied properties. Multiple linear regression 
was applied when ever possible to find effects of alloying, ferrite content, grain size etc. on related 
properties. In most of the cases it was found, that alloying should be planned targetting to maximum 
amount of nitrogen in solid solution, since introducing nitrogen into P/M austenitic stainless steels will be 
beneficial on their properties.
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2. Manufacturing of P/M High Nitrogen Austenitic Stainless Steels

2.1 Introduction

Due to great variety of different technologies, all possibilities are not reviewed here. Only a manufacturing 
route of P/M high nitrogen austenitic stainless steels is introduced. In production of the studied materials 
HIP (Hot Isostatic Pressing) was applied. First stage in manufacturing of HIPped parts is to produce 
powder. This is normally done by atomizing in a chamber. In Figure 2.1 is given a schematic presentation 
of a gas atomization chamber. Gas atomization is beneficial method as compared with liquid atomization, 
because via gas atomization more spherical powder particles can be produced than via liquid 
atomization. Powder particles freeze rapidly in a high velocity nitrogen gas stream in a sphere form. After 
atomizing the steel powder is nitrided if necessary with nitrogen gas mixture in a resistance heated 
fluidized bed furnace. Gas mixture consists of nitrogen, argon and hydrogen. Applied temperatures are 
from 800 to 1000 °C. After nitriding a suitable fraction of powder is collected and inserted into a 
preformed can. After being filled with powder the container is evacuated and sealed. Containers are 
normally manufactured from welded sheet carbon steel, but other materials can also be used. Cans must 
be tested carefully for leaks, because even small leaks can cause thermally induced porosity in product. 
The can is then placed into a hot isostatic pressing apparatus. Apparatus for hot isostatic pressing large 
components (Figure 2.2) consists of water cooled large pressure vessel within which resistance heated 
furnace is located. The furnace is thermally insulated from the pressure vessel. The furnace heats the 
material to be hot isostatically pressed. The pressure in the vessel is applied up to 100 MPa using gas. 
Temperatures are also high; in the case of austenitic stainless steels above 1200 °C.

TUNDI SH

VACUUM CHAMBER

ATOMIZING NOZZLE

.„TOWER

: •* 1 -

COLLECTION CHAMBER

Figure 2.1. Schematic presentation of a gas atomization chamber (Lenel, 1980).
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Figure 2.2. An example of HIP installation. 1 - wire wound furnace, 2- yoke segment 3- end closure, 4- seal, 5- wire winding on HIP
chamber, 6- steel core of pressure vessel (Lenel, 1980).

2.2 Processing Parameters Affecting Properties of HIPped Products

The atomizing parameters affect powder characteristics, such as average particle size, particle size 
distribution, particle shape, particle chemistry and particle structure. Above parameters determine the 
properties of finished product to a great extent. Control of particle shape is of major importance, because 
different shapes are required for different compaction techniques. For hot pressing spherical particles are 
required. Control of apparent density and flow are required in order to ensure uniform flow and amount of 
powder during filling of the mould. Density and flow depend on particle shape, size and size distribution. 
Powder mixing affects uniformity of the powder mix. Other parameters affected by powder characteristics 
are compressibility, compression ratio and green strength of powders. Those factors affect dimensional 
changes during sintering. Dimensional changes depend also on applied sintering technique, type of 
furnace, heat-up rate, sintering time and temperature, cooling rate and sintering atmosphere. (Duggirala 
and Shivpuri, 1992)

Selection of powder particle size and sintering times in manufacturing of P/M parts are important 
parameters in order to obtain desirable properties. The total surface area of powder is a function of the 
particle size and shape. The total surface area of powder in compact can be expressed as follows 
(Duggirala and Shivpuri, 1992):

(2.1)

In Equation 2.1 m is the mass of compact, R is the radius of each particle and p is the density of the 
metal. In Figure 2.3 are presented the effects of particle radius and sintering time on ultimate tensile 
strength of a P/M part. Ultimate tensile strength decreases with increasing powder particle radius and 
decreasing sintering time. It is uncertain whether powder particle radius affect the properties of HIPped 
P/M products. According to Duggirala and Shivpuri (1992) particle size in the compact and grain size in 
the forging (powder forging) for low alloy steel powders are not related. Similar effect may arise with 
HIPped powders. According to Duggirala and Shivpuri (1992) powder forgings produced from coarse 
steel powders possess greater toughness as compared with those produced from fine powders. 
According to Duggirala and Shivpuri (1992) this may be due to oxide content and not directly due to 
particle size. Smaller particle size leads to increased oxide content and, thus, to lower powder particle 
interface strength and toughness.
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1/R mm

Figure 2.3. Ultimate tensile strength versus 1/R for different sintering times. Increasing particle radius (R) and decreasing sintering time
reduce the ultimate tensile strength (Duggirala and Shivpuri, 1992).

During sintering particle bonding occurs by atomic diffusion between contacting powder particles. Finally 
a required density is obtained. Mechanical properties of sintered compacts are usually presented as a 
function of compaction pressure, temperature and time. In hot isostatic pressing all the three parameters 
affect in the same time. All the three parameters affect density. According to Duggirala and Shivpuri 
(1992) mechanical properties of sintered products increase with increased density, compaction pressure, 
sintering temperature and sintering time. Increased sintering time does not cause further increase in 
strength, but ductility continues to increase due to grain growth.

2.3 Effect of Porosity on Properties of HIPped Products

According to Duggirala and Shivpuri (1992b) porosity in P/M structural parts decreases the mechanical 
properties as well as corrosion resistance. In Figure 2.4 is presented the effect of porosity on yield 
strength of a P/M forged steel. Porosity decreases yield strength considerably. The similar effect is 
observed with ductility (Figure 2.5). Ultimate tensile strength decreases at the same rate as yield strength 
with pore concentration. Porosity affects also fatigue strength. According to Duggirala and Shivpuri 
(1992b) fatigue strength increases more rapidly than tensile strength when porosity is removed. They 
assumed, that with increasing density a transition point will be reached, beyond which inclusions become 
more dominant in controlling fatigue strength and crack propagation resistance than residual porosity.
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PCЯССИТ POWOSITT

Figure 2.4. Effect of porosity on yield strength of a P/M forged carbon steel. Two different heat treatments were normalizing and 
spheroidizing. Particle size distribution (standard, coarse) does not affect if manufacturing conditions are otherwise kept constant

(Duggirala and Shivpuri, 1992b).

Normo* red Scheodiied

PERCENT POROSITY

Figure 2.5. Effect of porosity on ductility (true strain at fracture) of P/M forged carbon steel. Two different heat treatments were 
normalizing and spheroidizing. Particle size distribution (standard, coarse) does not affect if manufacturing conditions are otherwise

kept constant (Duggirala and Shivpuri, 1992b).
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2.4 Effect of Impurities on Properties of HIPped Products

According to Arnberg et al. (1988) different types of inclusions in P/M steel are endogenous inclusions, 
oxidized surface layers and exogenous inclusions. Endogenous inclusions originate from reactions within 
the powder particles. These inclusions precipitate from melt prior to or during solidification and their size 
in atomized powder is much finer than in ingot cast materials due to the high cooling rate. Oxidized 
surface layers are unique to P/M materials. Exogenous inclusions originate from the melting furnace, 
atomization pouring tube or from deoxidation products in the melt. Endogenous inclusions and oxidized 
surfaces dominate with respect to volume fraction and number density, but their sizes are usually less 
than a few micrometers. Exogenous inclusions can have sizes equal to the largest powder particles. 
Oxygen is the most important impurity of steel powders, because it is difficult to get rid of. According to 
Duggirala and Shivpuri (1992) oxygen films on the powder particle surfaces are more deleterious than 
oxide particles or inclusions, because they provide a continuous weak path for crack propagation. In 
Figure 2.6 is presented the effect of oxygen content on Charpy V-notch impact energy of Fe-C-0,5Ni- 
0,5Mo-steel powder forging. As the oxygen content increases, the impact energy decreases. The 
problem is attributed also on HIPped stainless steels. The ductility and impact toughness decrease as the 
density of inclusions on powder particle boundaries increases. Yield strength and tensile strength, 
however, are not affected (Duggirala and Shivapuri, 1992).

Upset

Short Upset

Repress

Oxygen Content - PPM

Figure 2.6. Effect of oxygen content on Charpy V-notch impact toughness of 0,5%Ni-0,5%Mo steel powder forgings. Upset, short upset 
and repress are related to manufacturing procedure of P/M forgings. Charpy-V impact energy increases as the true strain (e) in forging

increases (Duggirala and Shivpuri, 1992).

Amberg and Karlsson (1988) studied influence of powder surface oxidation on tensile properties and 
impact toughness of HIPped martensitic chromium steel SS 2317. They concluded that when steel 
powder is heated at temperatures between 200 - 300 °C in air, the oxide layer thickness increases with 
oxidation from 70 Å up to 365 Å at 250 ppm oxygen. During hot isostatic pressing the oxide layers break 
into networks on the powder particle boundaries. The size of the oxide particles was generally less than 1 
pm and the density of particles in the networks increased with increasing surface oxidation. Fracture of 
oxidized materials followed powder particle boundaries, which caused decrease in ductility and impact 
toughness even at moderate degrees of oxidation. Arnberg et al. (1988) measured concentration profiles 
of AISI 316L steel powder surfaces with Auger spectroscopy (Figure 2.7). Oxidation had occurred by the 
oxidation of iron. Chromium content of the surface oxide was low. Arnberg et al. (1988) found the depth 
of the oxide film to vary from 50 Å ( 110 ppm oxygen) to 270 Å (300 ppm oxygen). Thickness did not vary



significantly between small and large powder particles. Arnberg et al. (1988) concluded further, that half 
of the 110 ppm oxygen content ( Figure 2.7) is surface oxide and remainder is bulk oxygen. Oxidation 
from 110 ppm to 800 ppm increased the amount of the total surface oxide by a factor of 5,4. The oxide 
layer was assumed tc extend to the depth where the oxygen concentration was half of that at the surface.

Figure 2.7. Concentration profiles of powder particle surfaces obtained with Auger spectroscopy. Full curves denote reference powder, 
oxygen content of which is 110 ppm. Dashed curves denote oxidized powder with oxygen content of 300 ppm (Amberg et al., 1988).

According to Arnberg et al. (1988) slag particles can decrease both mechanical properties and corrosion 
resistance of P/M austenitic stainless steels. The steels were extruded P/M AISI 316L steels atomized in 
nitrogen atmosphere. Arnberg et al. (1988) studied tensile properties at room temperature. Impact 
toughness was determined with Charpy V-notch impact tests. Fatigue limit was studied with uniaxial 
fatigue tests at a frequence of less than 30 Hz. Resistance to pitting corrosion was measured potentio- 
dynamically at 25 °C in 1M NaCI solution and resistance to general corrosion in boiling HNO3 -solution 
was studied with weight loss measurements. Different types of slags introduced into the specimens are 
presented in Table 2.1. According to Arnberg et al. (1988) different types of slags affect yield strength 
mainly by increasing the scatter with larger slag particles (types C and D). Scatter can be decreased by 
cold work and further annealing. Elongation at fracture and ultimate tensile strength did not show any 
differences between different slag types. Impact toughness appeared to be affected most by type A 
slags. The fatigue strength was noticed to decrease significantly with large slags (types C and D) due to 
crack initiation from the particles. Effect of small slag particles on fatigue strength was not studied. Pitting 
corrosion resistance was affected mainly by slag chemistry and size due to cracks and cavities in the 
particles where solution can be trapped locally. Lowest pitting potentials were measured with type C 
slags. General corrosion resistance was decreased most with large furnace slags (type C). Small 
furnace slags (type E) and AI2O3 slags (type C) appeared to have also a marked effect on decreasing 
the general corrosion resistance, the effect of small furnace slags being higher.

Table 2.1. Different types of slags introduced into extruded P/M AISI 316L steel (Amberq et al. 1988).

Designation Characteristics

A High sulfur concentration: 0,28 wt-%

В Powder oxidized before extrusion to a total concentration of 0,030 wt-% O.

c Exogeneous AI9Oq slag particles mixed with powder before consolidation. Slag size appr. 500 pm.
Total slag content 0,05 wt-%.

D Exogeneous furnace slags (AI-Mn-Ca-silicates) mixed with powder before consolidation.
Slag size appr. 500 pm. Total slag content 0,05 wt-%.

E Exogeneous slags; same as E but slag size appr. 50 pm. Total slag content 0,025 wt-%.



3. Solubility of Nitrogen in Steel

3.1 Phase Equilibria in High Nitrogen Austenitic Stainless Steels

Rawers et al. (1990) presented a schematic phase diagram for Fe-Cr-Ni-N steels (Figure 3.1.).

8

7 & CrN

7 & CrN

Increasing
Nitrogen

Figure 3.1. Fe-Cr-NFN phase diagram (Rawers et al., 1990).

Later Frisk (1992) has studied phase equilibria in Cr-Fe-Mo-Ni-N system. According to her the liquid 
phase can be described with a substitutional solution model. Gibbs energy expression for mixing can be 
written as

Gm =1 x¡°G¡ +RT{'Zx¡ Inx¡)+EGm , 
/ /

(3.1)

where the excess Gibbs energy can be written as

@т * X X X¡Xjl-ij + X X IXiXjXiLijj + *crXFgXNxN¡Lcr,FefJ¿li ■ (3-2)
/ j>i i j>il>j

Symbols i, j and I represent components Cr, Fe, Mo, Ni or N. L parameters represent interactions. Frisk 
(1992) modeled solid phases (bcc, fee and e-phase) using a two-sublattice model, where Cr, Fe, Mo and 
Ni occupy the first sublattice and nitrogen (N) and vacant interstitial sites (Va) occupy the second 
sublattice. The Gibbs energy of mixing for each phase can be written as

Gm=XX У ¡У k °Gr.k + Яла! У/ In y¡ + cl yk In yk )+E Gm + G™9, (3.3)
i k i к

where i is Cr, Fe, Ni or Mo, k is N or Va. Parameter y represents the site fraction. The various °Gik 
parameters represent the Gibbs energy of a hypothetical nonmagnetic state of pure i when k=Va and the 
Gibbs energy of a hypothetical state, where all interstitial sites are filled with N when k=N. °Gfck 
parameters are referred to the enthalpy of the stable state of the element i at 298,15 К and 0,1 MPa.
G™9 is due to magnetic ordering. The excess Gibbs energy can be written as

EG = X ХХУ/Уу (УкЦ.г.к ) + УЛ/УVa (X У¡^r.N.Va ) + УсгУРвУМо X УkLCr,FeMcr.k 

i ¡>¡ к i к

+ УСгУРеУм'£Ук l-Crfe№k + У&У МоУ NiZ У kLCrMofJi:k (3-4)
к к

+У Fey Mo У Ni ХУ k^FeMoMk + X X У/У/Ул/УУа^-/,у:Л/,1/а
к i ¡>¡



In Equation 3.4 i and j represent Cr, Fe, Ni or Mo and к represents N or Va. The L parameters represent 
interactions and the comma separates elements on the same sublattice, whereas the colon separates 
the elements on different sublattices. The е-nitride (hep, M2N) was modeled as a N-rich solution in 
hexagonal Cr, Fe, Mo and Ni. e-nitride can be described with hep phase parameters.The MN nitride was 
regarded as a N-rich solution in fee Cr or Mo, sometimes with some Fe or Ni. 7'-nitride was described 
with the formula (Fe.Ni^N. The л phase has a structure of ß-manganese. Because available data is 
restricted, Frisk (1992) omitted n phase from the analysis. Rawers et al. (1992) proposed a new phase 
diagram for high-nitrogen stainless steel alloys (Figure 3.2). They studied the properties of AISI 304 and 
316 steels with nitrogen contents between 1 and 4 wt pet.

Liquid ic

& CrN

7-Fe

Fe-l5Cr-15Ni

NITROGEN

Figure 3.2. Phase diagram proposal for high-nitrogen stainless steels (Rawers et al., 1992).

3.2 Nitrogen Solubility in Liquid

In Figure 3.3 is presented the effect of temperature on nitrogen solubility in liquid, ferrite and austenite 
phases. According to Feichtinger and Zheng (1990) nitrogen solubility in melt is enhanced by titanium, 
zirconium, vanadium, niobium, chromium, tantalum, manganese, molybdenum and tungsten (Figure 3.4). 
Nitrogen solubility in melt is decreased by copper, tin, cobalt, arsenic, antimony, nickel, aluminium, 
silicon, phosphorus, boron, carbon and nitrogen itself. Addition of chromium changes the solubility to be 
reversely dependent on temperature.

• S»or-KoiOfi. Feechtmçef ene Soetoe« 

flenn rwdC Feicntjngef. Zheng

1000
Temperature

18001400

Figure 3.3. Nitrogen solubility in iron at 0,1 MPa pressure affected by temperature (Feichtinger and Zheng, 1990).
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Figure 3.4. Influence of alloying elements on the nitrogen solubility in iron melts at 1600°C. Influence is plotted as height of the blocks, 
this being proportional to the chromium equivalent coefficient (Feichtinger and Zheng, 1990).

With infinite dilute solutions nitrogen solubility can be represented by Sieverts square root law, which 
results from the dissolution reaction of nitrogen in an iron base melt. According to Feichtinger and Zheng 
(1990) dissolution reaction of nitrogen can be expressed as

(3.5)

The equilibrium constant for this reaction is

К N =
aN fN[wt-%N]

(3.6)

where pWj is the partial pressure of nitrogen, a^ the activity of nitrogen and ffg the activity coefficient
Since nitrogen obeys Sieverts square root law and the activity is unity in pure iron, the activity coefficient 
can be written as

log/)v =Xej¡,(%/) + Xr¿(%y)2 + Zr* (%/)(%*)+..., (3.7)
i j jk

where ejsj and r^ are the first and the second order interaction parameters of the element j. Using the 
interaction parameter method can solubility of nitrogen in multicomponent alloys be expressed as

\og(wt- %N) = -1,16 - (—- - 0,81)Ie^073K (%/)
' T i

1 5132 / 2-1.48)Zr^073K(%y)2 (3.8)
¿ 1 j

-l(5^i-3,06)2;g;i07M(%y)3 +llogp„2
b / j 2

The values of interaction parameters are presented in Table 3.1.



Table 3.1. Values of interaction parameters for multicomponent iron melts (Zheng, 1991 ).
11

Element e j
N

2 * rJN
6*qj

4N

V -363/T + 0.080 17.6Я - 0.006 -0.45/T + 
0.00018

Nb -237/T + 0.055 5.14/Г - 0.0018

Cr -167/T + 0.042 3.3/T - 0.0010 -0.039/T + 
0.000012

Ta -102/T + 0.018

Mn -73/T + 0.022 0.80/T - 0.00038

Mo -34/T + 0.0061

W -3.6/T - 0.0039

Ni 18.4/T + 0.00042

Si 171/T - 0.031

C 274/T - 0.060 -28/T + 0.035

0 1640/T - 1.14

N 320/T - 0.12

Feichtinger and Zheng (1990) presented also a new approach where nitrogen solubility in iron base 
alloys has been expressed vs. chromium equivalent concentration [%Crgq], which is determined for an 
element X, by an equivalent factor cX,:

[%Creq] = cX[%X/]. (3.9)

Equivalent factors are presented in Table 3.2.

Table 3.2. Chromium equivalent factors for the determination of nitrogen 
solubility in iron base alloy melts at 1600°C (Feichtinger and Zheng, 1990).

Element Equivalent tartar c'

Titanium 19.40
Zirconium 13.13
Vanadium 2.05
Niobium 1.05

Increase of nitrogen solubility Chromium 1.00

Tantalum 0.69
Manganese 0.50
Molybdenum 0.27
Tungsten 0.04

Decrease of nitrogen solubility Copper -0.12
Tin -0.16
Cobalt -0.20
Arsenic -0.20
Antimony -0.20
Nickel -0,22
Aluminium -0,65
Silicon -0.90
Phosphorous -1.00
Boron -1.73
Carbon -2.46
Nitrogen -2.70



Equations to calculate nitrogen solubility at 1873 К are 

log[%/V] = -1,354 + 0,5Рл/2 - log fN (3.10)

12

and

log fN = -0,048[%Creq ] + 3,5 • 10~4 [%(>*, f + 0,13[%/V], (3.11)

According to Feichtinger and Zheng (1990) this method can be used in the equivalent chromium 
concentration range of -22 to 42 and at pressures between 0,1 and 10 MPa.

3.4 Nitrogen Solubility in a- and 5- Ferrite

Qiu (1993) studied the thermodynamical properties of Fe-Mn-N system. The bcc phase in the Fe-Mn 
system forms only in a very narrow composition range close to pure iron. According to Zheng (1991 ) the 
solubility of nitrogen in a- and 5-phases of pure iron at standard pressure can be expressed by

log (wt-%N) = -
1875

T
0,8035. (3.12)

Interaction parameters of alloying elements on nitrogen in the ferritic phase have not been reported.

Grieveson and Turkdogan (1964b) studied kinetics of nitrogen solution in a- and 5-iron. They concluded 
that the temperature dependence of diffusivity may be presented by

n,cm v _ . „.-a 18900D(------ ) = 7,8 -10 exp---------
s RT

(3.13)

The rate of reaction was found to be controlled by diffusion in solid phase.

3.4 Nitrogen Solubility in Austenite

Nitrogen is a gaseous element and, thus, the distinction has to be made between gaseous nitrogen and 
nitride solubility. Nitrogen solubility in the austenite phase is higher than in the liquid phase. Zheng (1991 ) 
presented that the nitrogen solubility in austenite of pure iron at standard pressure can be calculated by

441 5
log (wf-%/V) = —p-----1,922. (3.14)

According to Zheng (1991) the activity of nitrogen corresponding to 1 atm reference state is proportional 
to the nitrogen content in austenite

3N=fN[wt-%N], (3.15)

where fN is the activity coefficient of nitrogen in austenite. The activity coefficient fN can be expressed as

(3.16)fN = *N

[wt-%NV [wt-%Ny

Solubility of nitrogen in austenite can be written as

log ( wt - % N ) = ( -1,922) - log fN + - log pN .
T 2 2T

(3.17)
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In the Equation 3.15 the activity coefficient of nitrogen in austenite fN can be achieved by substituting
the interaction parameters in the liquid with the interaction parameters in the austenite to the Equation 
3.3. Interaction parameters of alloying elements with nitrogen in the austenite phase are presented in 
Table 3.3.

Table 3.3. Interaction parameters of alloying elements on nitrogen in the austenite phase (Zheng, 1991).

Cr 320.6e =-------------- f 0.1 127
T

rN = ^p~ 0.0028

«n = -^-p + 0.0028 8 гй* = 1.887 x 10"4

e n" = ~Цр- +0.03567

rN Ni = —■ - 0.005

rMn = 12ål_0-001245

tn H" = ^p-0.00165 fOOMn _ _! 06 X 1 o-4

e¡^° = -0.05

eN = ~r~ + 0.79

Cn° = -- + 0.0215
T

e£ = 0.12. 

e¡Ü = 0.052 

e£| = 0.050

According to Kikuchi et al. (1988) nitrogen concentration in the matrix can be determined by lattice 
parameter measurement with an accuracy of ± 0,005 wt-%. The relation between the lattice parameter 
and the concentration of nitrogen is presented in Figure 3.5.

3.6050 —

“ 3.6000

3.5350

3.5900
да/де (A/wt'.'.N)

25Cr-28Ni-2Mo 0Д 286100011 
250-28 N1 0028810:0014

3.5850

WEIGHT PERCENT NITROGEN

Figure 3.5. Lattice dilation of 25Cr-28Ni and 25Cr-28Ni-2Mo austenitic steels by dissolved nitrogen (Kikuchi et al., 1988).



Wada and Ohta (1989) have studied the effects of alloying elements on properties of a 30Cr-10Ni-10Mn- 
2Mo-1,1N alloy. They suggested that solution annealing temperature (Tr) can be presented as

Tr (°C) = 1,225 + 440(N- 0,72) + 250(C - 0,01) + 32(S/- 0,90)

-10,8(Мл-1,03)-0,273(0-20,2)2 -7,40(0-20,2) . (3.18)

+8,77(M - 10,1) + 3,12(Mo)2 - 31,6(Mo) + 5(Cu) + 10(W)
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Grieveson and Turkdogan (1964) studied kinetics of nitrogen solution in austenite. They concluded that 
when purified reacting gas is used, the rate controlling process is the diffusion of nitrogen into the iron. 
Temperature dependence of diffusivity is

D[^—) = 0,91exp- 
s

40260
RT

(3.19)

If unpurified nitrogen is used, the solution rates were found to be slower. In the presence of impurities, 
such as H2O, chemisorption of nitrogen on the surface is hindered and becomes a rate-controlling 
process for the transfer of nitrogen across the gas-metal interface.

According to Hales and Hill (1977) the diffusivity of nitrogen in 20Cr-25Ni austenitic stainless steel at 
temperatures between 1200-1325 К is

d(—)=2.18.104 exp,
S RT

(3.20)

3.5 Distribution of Nitrogen in Austenite

Nitrogen atom distribution in the austenite phase has been studied by Bugaev et al. (1990) using 
Mössbauer spectroscopy. Studied alloys were Fe-N and Fe-Mn-N. They concluded that nitrogen 
distribution in austenite differs from that of carbon. Nitrogen distribution in austenite is Fe4N type with 
vacant interstitial sites due to nitrogen atoms deficit for complete stoichiometry. Nitrogen atom pairs were 
not detected, i.e., nitrogen is distributed only in the form of single atoms. This is explained by the strong 
mutual repulsion of nitrogen atoms. The physical reason for different carbon and nitrogen atoms 
distributions in austenite is the different interaction energy values of interstitial atoms (vqq = 0,09 eV 
and v^n = 0,11 eV) and the smaller difference in nitrogen atom interaction with the substitutional impurity 
atoms. Manganese in carbon austenite causes the solid solution decomposition to heterogeneous state, 
characterised by Mn- and C-atoms enriched clusters. Nickel causes an increase in formation of C-C atom 
pairs at the nearest interstitial sites, but does not cause the formation of (Fe.Ni^C type phase. Alloying 
nitrogen containing austenite by manganese does not result in solid solution decomposition and causes 
nitrogen atom redistribution preserving its uniform distribution. More uniform distribution of nitrogen atoms 
than carbon atoms is the reason for higher thermal stability of nitrogen alloyed austenite.

Wahlberg et al. (1988) studied interaction between nitrogen and substitutional elements in the austenitic 
phase of duplex austenitic-ferritic stainless steels with transmission electron microscopy and atom probe 
field ion microscopy. He concluded that at least 70 % of the amount of the least abundant of Mo and N in 
the steel formed Mo-N complexes. Mo-N complexes were evenly distributed in the material. The 
interaction energies for Mo-N and Cr-N in austenite at the solution temperature are of the same 
magnitude. He assumed that some of the observed Mo-N complexes were part of Mo-N-Cr complexes. If 
Mo content in steel was low, Cr-N complexes were found as well as Mo-N complexes. Wahlberg et 
al.(1988) suggested that the existence of a dense distribution of Mo-N, Mo-N-Cr or Cr-N complexes is an 
important strengthening mechanism in austenite. Mo-N complexes did not decrease in heavily deformed 
materials.

Oda et al. (1990) have studied interstitial-substitutional atom complexes in 15Cr-15Ni austenitic stainless 
steels with X-ray absorption techique. They concluded that interstitials (C and N) gather around 
chromium atoms to form interstitial - substitutional (l-S) complexes in the solution-treated condition which 
break away during plastic deformation. Low cycle fatigue softening was thought to be a result of the l-S 
complexes. In Figure 3.6 is presented an illustration of lattice distortion induced by nitrogen atom.
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Figure 3.6. Schematic illustration showing lattice distortion induced by a nitrogen atom. Twelve nearest neighbours of the chromium 
atom (0) are numbered from 1 to 12. Occupation of the nitrogen atom at the black point expands the distances between 0 and 1,2, 5, 

8, 9,10,11,12 atoms and contracts the distances between 0 and 3, 4, 6, 7 atoms (Oda et al., 1990).

3.6 Precipitation in High Nitrogen Austenitic Stainless Steels

According to Gavriljuk and Jephimenko (1990) carbon alloyed austenite has low thermal stability. 
Precipitation of chromium carbides on the grain boundaries is detrimental to corrosion resistance of 
austenitic stainless steels. As compared to carbon nitrogen increases thermal stability of austenite and 
shifts the sensitization diagrams to the right on time scale. The most common nitrides in high nitrogen 
austenitic stainless steels are O2N and ON.

The precipitation behaviour of O2N in three CrMn- steels is presented in Figure 3.7. The graphs indicate 
the start of precipitation in solution treated alloys with low dislocation density. Time for the start of 
precipitation is strongly influenced by the nitrogen content. This can be explained by the effect of nitrogen 
on the required solution annealing temperature. Increase in nitrogen content increases the solution 
annealing temperature. As the solution annealing temperature increases, the amount of supercooling 
increases, the free energy of transformation decreases and the precipitation of C^N is accelerated 
(Uggowitzer and Speidel, 1990).

1100

IOOO

2 1Мвп.1вСл1.0М
г i sten. 16C/.0.0N

3 20ЫП.14СГ.0.«
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annealing time, [h}

Figure 3.7. Graphs indicating the start of C^N precipitation in solution treated condition in three different alloys. Graphs are not valid 
for heavily cold worked structures. At temperatures below the minimum recrystallization temperature nitrides were formed already in

few minutes (Uggowitzer and Speidel, 1990).

The formation of nitrides is controlled by the diffusion of chromium and therefore influenced by the cold 
deformation. In cold worked structures the dislocation density is high and the dislocations are arranged in 
planar arrays acting as high diffusivity paths, thus accelerating the precipitation of O2N. The 
precipitation in cold worked alloys occurs in much shorter times in contrast to solution treated structures 
as illustrated in Figure 3.7. O2N was reported to form in the cold worked steels after a 5 minutes 
treatment, though the I I I -diagram for the recrystallized steels indicates a time for the start of



precipitation of at least 1 hour. In Figure 3.7 the minimum annealing temperature leading to precipitation 
free structures is indicated by dashed lines.

Influence of alloying elements on O2N precipitation can be seen in Figure 3.8.
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Figure 3.8. Influence of alloying elements on C^N precipitation (Zheng, 1990).

Zheng (1990) has presented the equations to calculate the nitrogen contents of beginning of O2N 
precipitation. The chemical reaction of dichromium nitride formation in austenite is

2[»L +[N1.(02 N). (3.21)

The precipitation processes are determined by the decrease of free energy. The change of free energy is 
related to the equilibrium constant

A<^Cr2N -~fíT^kCr2N •

The equilibrium constant can also be expressed as a function of activities of reactants

aO,/V

(3.22)

k =
aCraN

(3.23)

Thus, the change of free energy can be written as

^Cr2N -~RT\n
aCr2N

aCraN
(3.24)

The activity of a pure substance is unity. The reference standard states for the activity of chromium and 
nitrogen are pure metallic chromium and nitrogen gas at 1 atm. The activity of nitrogen at the 
precipitation surface can be achieved from Equation 3.24 by setting aCn¿N =1.

The reaction for O2N formation from pure chromium and gaseous nitrogen is

2 (Cr) + ^(N2) = (Cr2N). (3.25)

The change of standard free energy for the reaction (3.25) can be written 

AGcr2/v =-106,14 + 0,0517 . (3.26)
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If the standard state of chromium, nitrogen and chromium nitride in reactions (3.21) and (3.25) are the 
same, the standard free energies for CrçN formation in both cases are identical. The activity coefficient of 
chromium has a relation to chromium content

ЯЛп7сг-а(1-Х§г) t

where Xør is the mole fraction of chromium and a can be expressed as 

IQ acr = iQ^cr + (1 ~ XCr )2 ~—■

The nitrogen content of beginning C^N precipitation can now be expressed as

[wt - %N]=
(wt - %A/)f1a,m

aår
■exp

&Gcr2N

RT

(3.27)

(3.28)

(3.29)

In Equation 3.29 the solubility of nitrogen in austenite can be obtained from Equation 3.15.

Kikuchi et al. (1988) have observed that lattice parameter decreases due to the precipitation of O2N 
(Figure 3.9). This is explained by the decrease of nitrogen and chromium contents in the matrix due to 
precipitation of e-phase. Lattice parameter was observed to decrease by 0,033 Å by decreasing 1 wt-% 
N. The nitrogen solubility in the austenite phase is mainly limited by the partial pressure of nitrogen in the 
surroundings, while at lower temperatures it is determined by the nitride solubility (Figure 3.10).

Aging time/h

25O-20M-C59N ' 
1073K "1
5 thia study 
• Choi « cl

ojéese,—

Figure 3.9. Change in lattice parameter in austenitic 25Cr-20Ni-0,59N steel aged at 800°C. Decrease in lattice parameter is due to 
C^N precipitation. Solution nitrogen concentration is showed on the right hand side of the figure. Open circles represent the nitrogen 

concentration deteneined by electron probe microanalysis (Kikuchi et al., 1988).
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Figure 3.10. Temperature dependence of the nitrogen solubility in equilibrium with Cr2N and gaseous nitrogen at 1 atm pressure in 
three austenitic steels. At higher temperatures the nitrogen solubility is determined by the partial pressure of nitrogen in the 

surroundings, while at lower temperatures it is determined by the nitride solubility (Kikuchi et al., 1988).

Rawers et al. (1992b) studied nitrogen solubility with melt-pressures from 0,1 to 200 MPa and concluded, 
that at the higher nitrogen melt-pressures the nitrogen concentration exceeded the interstitial nitrogen 
solubility resulting in the formation of nitrides. As the nitrogen pressure was increased in iron-chromium 
alloys, the formed CrN changed from eutectoid (fcc-Fe + CrN) pearlite like structure to two-phase eutectic 
dendrites. At the highest nitrogen pressure (200 MPa) the high nitrogen content (> 2,5 wt-%) results in 
the formation of primary equiaxed CrN dendrites in molten metal. The morphology of the nitrides was a 
function of the alloy composition and the nitrogen pressure. The morphology of CrN dendrite structure is 
presented in Table 3.4.

Table 3.4. Morphology of CrN dendrite structure as a function of composition and nitrogen overpressure (Rawers et al., 1992b).

Composition (wt%) 
melt

Microstructurc as function of nitrogen 
overpressure (MPa) during melt

re Cr Ni Mu 0.1 10.0 200.0
85 15 — — (£)* (£)* £ and P
70 15 15 — (ЕУ (£)* and S £. S. and P
70 .15 10 5 (£•)* (£)* and P £. £. and ?
70 15 5 10 (£)' (£)* and P £. S, and P
70 15 — 15 (£)* (£)* and P £. 5. and P

£ * equiaxed primary dendrite. J » two phase eutectic dendrite. 
P — pearl ite. * the metal matrix showed an equiaxed den
dritic structure.

я-phase is a nitride with ß-manganese structure (Kikuchi et al., 1988). According to Metals Handbook 
the structure of ß-manganese is cubic with lattice parameter of 0,6326 nm. Frisk (1992) has proposed, 
that я-phase is formed when C^N decomposes to nitrogen in solid solution. Proposed reaction is

(Сг2Л/)^(я)—>[A/]v. (3.30)

When aging was done between 700 °C and 950 °C C^N was always accompanied by я-phase, except 
at the earlier stage of aging, where only C^N was observed. Kikuchi et al. (1988) reported that volume 
fraction of я-phase increased with increasing aging time, while that of O2N decreased, я-phase is, thus,



considered to be an equilibrium nitride and C^N is an intermediate nitride. The nitride reaction from O2N 
to л-phase was accelerated by cold working before aging. Time- temperature -precipitation diagram is 
presented in Figure 3.11.
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Figure 3.11. Time-temperature-precipitation diagram of 25Cr-28Ni-2Mo-0,31 N steel (Kikuchi et al., 1988).

Kikuchi et al. (1988) explained that substituting Cr by Mo in Cr-Ni austenitic steels stabilizes the л-phase. 
They noted that Mo was enriched up to 10 wt-% in the л-phase. Chemical compositions and lattice 
parameters of Cr and Ni containing л-phase nitrides are presented in Table 3.5. Substitution of Cr by W 
also increases the stability. One other powerful stabilizing element for the л-phase is silicon. 2,5 wt-% 
silicon addition in 18Cr-1 ONi austenitic stainless steel, in which л-phase formation has never been 
observed, promoted л-phase precipitation. Silicon seems to stabilize л-phase partly by substituting nickel. 
Kikuchi et al. (1988) assumed, that nickel concentration in Cr-Ni austenitic steels must exceed about 10 
wt-% before л-phase becomes stable. Nitrogen solubility in high chromium - high nickel austenitic steel is 
determined by the solubility for the л-phase rather than the solubility for C^N.

Table 3.5. Chemical compositions and lattice parameters of Cr-Ni л-phase nitrides with ß-manganese structure(Kikuchi et al., 1988).

Chemical
formula

Lattice 
parameter(nm)

(Cr13Ni7)N4 0.6316 Equilibration

(Crl3re3Ni4)N4 0.6335 Precipitation

0.6347 Precipitation

(Cr12^0} 0.6362 Precipitation

(Cri xW» Ni g)Ni, 0.637 Nitrogenization

Ono et al. (1992) have studied this newly found nitride more thoroughly. They have observed л-phase in 
Fe-Cr-Ni-N -system. Lattice parameter is reported to be 0,6323 nm and chemical formula 013M7/V43 .
Phase was formed at 1273 К through peritectoid reaction between C^N and austenite, л-phase became 
unstable above 1473 K. Phase is stabilized by Mo and is precipitated after long aging times.

Jargelius-Pettersson (1993) has studied the sensitization behaviour of AISI 904L with increased nitrogen 
content at 850 °C. Composition of the alloy was C 0,014 wt-%; Si 0,54 wt-%; Mn 1,44 wt-%; P 0,009 wt- 
%; S<0,003 wt-%; Cr 19,8 wt-%; Ni 25,0 wt-%; Mo 4,59 wt-% and N 0,210 wt-%. After 10 minutes at 850 
°C the precipitation was dominated by Laves phase and C^N. Smaller quantities of л-nitride, high 
chromium phase (MgC) and an unidentified phase (denoted by T) with composition of 27-37 wt-% Cr, 8-



12 wt-% Ni, 28-31 wt-% Mo and 26-28 wt-% Fe, was also observed. After 5 hours heat treatment Laves 
phase and e-nitride still dominated, n-nitride and T phase were present at larger quantities and q phase 
(M5SÍN) appeared. After 3000 hours sigma phase replaced all other grain boundary intermetallics. T 
phase could thus be concluded to be a transient phase, тс-nitride and e-nitride were replaced by q phase. 
Jargelius-Pettersson (1993) attributed the slow formation of q phase to a low level of silicon. 
Compositions of secondary phases after 10 minutes, 5 hours and 3000 hours at 850 °C are presented in 
Tables 3.6, 3.7 and 3.8, respectively.

Table 3.6. Composition of secondary phases after 10 minutes precipitation at 850°C. Alloy composition was C 0,014 wt-%, Si 0,54 wt- 
%, Mn 1,44 wt-%, P 0,009 wt-%, S<0,003 wt-%, Cr 19,8 wt-%, Ni 25,0 wt-%, Mo 4,59 wt-% and N 0,210 wt-% (Jargelius-Pettersson, 
1993).

Phase No.1 Si Mn Cr Ni Mo Fe
Laves 20(9) 1.8±0.5 1.5±0.8 19±2 13±1 36±2 29 ±2
T 15(10) 0.7±0.4 1.1±0.4 37 ±4 8+1 28±3 26± 1
Sigma 2(2)1 3+0 - 46±2 4+2 18 ± 1 19±0
Cr,N 10(15) 0.3±0.3 1.8±1.7 83 ±3 3+1 9±2 3±1
Pi 7(5) 1.0±0.2 1.1 ±0.3 47+1 20±1 13±1 19+1
M*C 3(2) 0.4±0.3 2.1±1.2 70±5 5±4 16±5 7±5
M,jCs3 0.2±0.1 0.8±0.8 67+5 7±3 3±2 22±1

4?jgure denotes total number of precipitates identified, figure in parentheses denotes number

: Reported previously (4) but not observed in this study 
3 Analysis from a similar alloy included for purposes of comparison only.

Table 3.7. Composition of secondary phases after 5 hours at 850°C. Alloy composition was C 0,014 wt-%. Si 0,54 wt-%, Mn 1,44 wt-%, 
P 0,009 wt-%, SO,003 wt-%, Cr 19,8 wt-%, Ni 25,0 wt-%, Mo 4,59 wt-% and N 0,210 wt-% (Jargelius-Pettersson, 1993).

Phase No. Si Mn Cr Ni 1 Mo Fe
Laves 26(2) 1.4+0.2 0.5 ±0.1 18±1 11 = 1 137=2 32 ±0
T 20(5) 1.4±0.4 0.8±0.2 27 ±1 12=0 ! 3i ±1 28 = 1
Cr.N 43(4) 0.2±0.2 0.6 ±0.5 89 ±5 3±2 15 ± 1 3±1
Pi 7(4) 0.7+0.3 0.9±0.3 48 ±1 20±1 111±1 19 ± l
Eta 14(9) 4.5 ±0.4 0.9±0.7 27±2 33 = 1 |27±3 8±1

Table 3.8. Composition of secondary phases after 3000 hours at 850°C. Alloy composition was C 0,014 wt-%, Si 0,54 wt-%, Mn 1,44 
wt-%, P 0,009 wt-%, S<0,003 wt-%, Cr 19,8 wt-%, Ni 25,0 wt-%. Mo 4,59 wt-% and N 0,210 wt-% (Jargelius-Pettersson, 1993).

No. Si Cr Ni Mo Fe N c
Laves-WDS 5 21 + 1 19+2 14+3 47+3 <0.1
Laves-TEM 26(3) 0.7±0.2 14+1 12+1 35 + 1 37+0
Sigma-WDS 5 33 ±3 10±0 *»

+ It о 38±5 <0.1
Ea-WDS 12 7.4±0.1 25 ±2 25 ±0 |31±1 8+1 1.9+0.1 10.6+0.1
Ea-TEM 12(5) 4.2±0.8 28±1 35+2 ¡25 ±2 6±1 1



3.7 Summary
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Nitrogen solubility in austenite phase of austenitic stainless steels is higher than in ferrite phase or melt. 
Solubility of nitrogen in austenite phase can be further enhanced by alloying with titanium, zirconium, 
vanadium, niobium, chromium, tantalum, manganese, molybdenum and tungsten. Such elements as 
titanium, zirconium, vanadium and niobium are usually avoided because of their tendency to form 
nitrides. Chromium is needed to increase the corrosion resistance. Therefore the most common nitrides 
in high nitrogen austenitic stainless steels are C^N and CrN. Formation of nitrides can be avoided by 
selecting suitable alloying and solution annealing in high enough temperature. Equations by Zheng (1991) 
can be used to estimate the effects of alloying on nitrogen solubility and to find the lowest possible 
solution annealing temperature.

Nitrogen alloyed austenite phase has a higher thermal stability than carbon alloyed austenite phase, 
because nitrogen atoms distribute in austenite more uniformly than carbon atoms. In Fe-N alloys nitrogen 
distribution in austenite is Fe4N type with vacant interstitial sites. Alloying nitrogen containing austenite 
with manganese (Fe-Mn-N) does not result in solid solution decomposition, where as in carbon alloyed 
austenite clusters enriched by Mn- and C-atoms would exist. In molybdenum and chromium alloyed high 
nitrogen austenitic phase may exist Mo-N, Mo-N-Cr or Cr-N complexes after solution annealing. The 
complexes are evenly distributed in material and may be considered as a strengthening agent.
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4.1 Introduction

According to Reed (1988) the stacking fault energy is related to the free-energy difference between the 
principal FCC structure and HCP structure. Lower stacking fault energy leads to wider partial-dislocation 
separation. The properties of dislocations affect mechanical behaviour of austenitic stainless steels. 
According to Schramm and Reed (1975) stacking fault energy influences dislocation cross slip and climb, 
which are dominant factors in work hardening and creep behaviour. Lower stacking fault energy leads to 
more planar dislocation slip structures and reduced cross slip (Reed, 1988). The stacking fault energy 
affects also susceptibility to stress corrosion cracking. The stacking fault energy depends on chemical 
composition. According to Reed (1988) the stacking fault energy affects on 7 -» e transformation. Thus, 7 
-> e transformation depends on composition.

4.2 Stacking Fault Energy and Dislocation Movement in FCC Crystal

Dislocation reactions can happen if the reactions reduce the system energy. Energy of a dislocation is 
proportional to the square of the Burgers vector. A dislocation reaction is possible if the sum of squares 
of the Burgers vectors of the original dislocations is greater than the sum of squares of the Burgers 
vectors of the formed dislocations. Thus, a perfect dislocation nb must dissociate into n unit dislocations 
with the Burgers vectors b, because (nb)2 > nb2. According to Polukhin et.al. (1988) the angle between 
two dissociating dislocations should allways be greater than 90°. In fee lattice the whole dislocation b-| 
(edge dislocation) oriented in the <110> close-packed direction can dissociate into two dislocations of 
type <112> (Figure 4.1).

b; - I ¡2111 b, - ! [Î2Ï1

5 moi

Figure 4.1. a) Path of the whole and and partial dislocations b) Partial dislocations bg and bg 
surrounding stacking fault region A (Hertzberg, 1989).

The partial dislocations have similar vector components and tend to repel each other and move apart 
The partial dislocations are not edge type, since their Burgers vectors are not perpendicular to their lines. 
Partial dislocations b2 and bg are called Shockley partial dislocations. The area of the intrinsic stacking 
fault (A), where the stacking sequence of fee material (ABCABC...) is changed due to the movement of 
the partial dislocations to the stacking sequence of hep material (ABCBCABC...). In intrinsic stacking fault 
is one close packed atomic layer less than in perfect lattice. In extrinsic stacking fault exists an extra 
incomplete close packed layer between {111} layers. Difference of these two stacking faults is presented 
in Figure 4.2.
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Figure 4.2. Intrinsic stacking fault (a) and extrinsic stacking fault (b) in an FCC lattice. In extrinsic stacking 
faults appearing Burgers vector of Frank dislocation is denoted by bp (Polukhin et al., 1983).

A combination of two partial dislocations with a stacking fault between them is called an extended 
dislocation. During glide of an extended dislocation, the moving partial leading dislocation displaces 
atoms in front of it into irregular positions, while the tail partial dislocation returns the atoms in the region 
of the stacking fault into their normal positions. Stacking fault is also a two atomic layers thick mechanical 
twin formed by a movement of a single partial dislocation. If similar partial dislocations are gliding in every 
lattice level, the whole structure will be twinned. An extended screw dislocation forms in a similar manner 
as an extended edge dislocation and it glides in an analogous way. Thus, the dissociation of a screw 
dislocation into two Shockley partials changes the pattern of its glide. The total energy of the extended 
dislocation must be smaller than the energy of a single perfect dislocation b-j. Yet, the change of stacking 
sequence in fee crystal will elevate the total energy of the crystal. The equilibrium distance of separation 
of the two partial dislocations reflects the balance of the net repulsive force between two partial 
dislocations containing Burgers vector components of the same sign and the energy of the associated 
stacking fault. The separation distance (d) of two partial dislocations (b2 and bg) varies inversely with the 
stacking fault energy (7) and is given by

G(b2b2)

2 тгу
(4.1)

where G is the shear modulus. When the stacking fault energy is low, the partial dislocations are widely 
separated. The movement of two partial dislocations is restricted to the plane of the stacking fault due to 
energetically favourable atomic movements. This type of dislocation movement is called planar glide. An 
extended dislocation can glide only in the plane of a stacking fault, because the slip plane must contain 
the Burgers vector of the gliding dislocation. Two partial screw dislocations do not lie on the same straight 
line and , thus, the plane to which both partial screw dislocations belong is the only plane in which slip is 
possible. Cross slip of an extended screw dislocation around obstacles is not permitted without thermally 
activated processes. A large stress may squeeze the partial dislocations together against a barrier to 
form a whole dislocation. If this recombined dislocation is of screw type, it may cross slip. For materials 
with low stacking fault energy the required stress is large. If stacking fault energy is high, the required 
stress is low (Hertzberg, 1989; Polukhin et al., 1983).

Extrinsic stacking faults are formed by partial dislocations called Frank dislocations, which are edge 
dislocations. The Burgers vector of Frank dislocation is oriented normal to a {111} plane and 
perpendicular to the dislocation line. Power of Frank dislocation is b = (a/3)<111>. The vector bp (Figure 
2) does not lie in the closest-packed plane nor in the stacking fault plane. Therefore a Frank dislocation 
can not move by slip in contrast to normal edge dislocations. Frank dislocation moves by glimbing normal 
to its Burgers vector. Climb of a Frank dislocation affects stacking fault plane by reconstruction of an 
incomplete atomic layer or by removal of atoms from its edge. Frank partial dislocations are called 
semilocked or sessile (Polukhin et al., 1983).

The stacking fault energy plays an important role on strain-hardening. A material with low stacking fault 
energy strain hardens to a greater extent than a material with high stacking fault energy. When stacking 
fault energy is low, cross slip is restricted so that barriers to dislocation movement remain effective to 
higher stress levels than in material of higher stacking fault energy. Therefore, the strain-hardening 
coefficient increases with decreasing stacking fault energy (Hertzberg, 1989).



4.3 Role of Stacking Fault Energy in Martensite Transformation
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During cooling or deformation austenite may transform to e martensite (hep) or a' martensite (bcc). Ms 
and M,j temperatures depend on the effect of composition on free energy, stacking fault energy, and 
deformation parameters (Reed, 1988). Thus, Ms and Mj temperatures both depend basically on 
composition and there are several equations to calculate them. One has to be careful when studying 
these equations, because the criteria to martensite transformation varies between different articles.

Effect of stacking fault energy on martensite transformation has been studied by several authors. 
Stainless steels with low stacking fault energy tend to form e martensite. The role of e martensite 
transformation is not clear. It has been reported by Hsu et al. (1980) that e martensite can aid in a' 
martensite formation but a' martensite can also form directly from the austenite. At very high strain levels 
a martensite appears to be favored. At lower temperatures the austenite is less stable and both e 
martensite and a' martensite can form more easily. Reed (1988) reported, that hep martensite may act 
as a precursor transformation, 7 e -» a', or then it may have an accommondation effect, 7 -> a 17 -» e

Kelly (1965) studied the martensite transformation in steels with low stacking fault energy using 
transmission electron microscopy. He reported that the orientation relationships between a', e and 7 are 
as follows:

(111)Y|(0001)e|(101)a

[1Î0]Ï|121°]1|1,Ï]1.

Lenel and Knott (1987) have studied microstructure-composition relationships and Ms temperatures in 
Fe-Cr-Mn-N alloys. They suggested that with nitrogen contents up to 0,25 - 0,50 wt-% the Ms 
temperature is

Ms =555-9(Сл-8)-40Мл-450Л/. (4.2)

Lenel and Knott (1987) concluded that at higher nitrogen contents the Ms temperature falls more rapidly. 
Unstable austenitic microstructures can be obtained in composition around 10 to 14 wt-% Cr, 8 to 12 wt- 
% Mn and 0,1 to 0,3 wt-% N, when total level of these elements is selected to ensure that the Ms is 
below room temperature. is generally from 100 to 200 °C above the Ms. In Table 4.1 is presented the 
Ms temperatures, hardnesses and microstructures of experimental alloys studied by Lenel and Knott 
(1987).

Table 4.1. Mg temperature, hardness and microstructure of Fe-Cr-Mn-N alloys (Lenel and Knott, 1987).

Microstructure
cTJm M. Temperature (*Q

В»sc Alloy (Wt Pet) ST 900 *C ST 1050 "C
Hardness (HV)

ST 1050 “C ST 1050 *C

0.016

0.614 o. 34 pci r
a. 6 pet y. 6 pa t
a. 53 pet y. 3 pet *•

<-196 A. Ne
<-196 <-196

a. 4 pet у

0.014 a. 10 pet y. 5 pet e
0.206 a. 19 pet y. Il pet e

<-196

ne. N - 6
!. у ■ Aunenne, t • в Marternue.



According to Harzenmoser (1990) the effect of composition on deformation induced martensitic 
transformation temperature can be expressed as

Md[K]=686-462(C+N)-9,2Si-8,1 Mn-13,7Cr-9,5Ni-18,5Mo. (4.3)

Md is a temperature in which half of the volume has been transformed to martensite after 30 % 
deformation. Effect of nitrogen is strong as can be seen from the Equation 4.3.
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Jian and Wayman (1992) have studied the role of stacking fault energy on 7 (fcc) to e martensite (hep) 
transformation in Fe-Mn-Si based shape memory alloys. According to them stacking fault energy 
dominates the driving force for e martensite formation and its reversion. Jian and Wayman (1992) 
concluded that stacking fault mechanism is reasonable and acceptable for e martensite formation in the 
low stacking fault energy Fe-Mn-Si based shape memory alloys, and that the reversibility of the 
movement of Shockley partial dislocations on {111}fcc planes determines the reversibility of 7 e 
transformation and in turn shape memory effect. Because the {111}fcc stacking fault has hep structure, 
the stacking faults in fee austenite can be considered as nucleus of e martensite. The martensite 
transformation can be described in three steps (Figure 4.3): 1) the formation of wide stacking faults, 2) 
irregular overlapping of wide stacking faults and 3) regular overlapping of wide stacking faults on every 
second plane of {111 }fcc slip planes. This mechanism minimizes both the bulk free energy and the total 
energy of the stacking faults.

I Formation of wide stacking fault. Ill Regular overlapping of wide stacking faults. 

Stacking fault on (I I I)fcc

hep
Structure

Shockley partial 
dislocation

II Irregular overlapping of wide stacking faults.

Figure 4.3. Schematic drawing of stacking fault mechanism for hep martensite formation from fee phase (Jian and Wayman, 1992).

Movement of extended dislocations is reversible if the driving force for this movement is adequate. The 
relationship between the driving force for e-martensite transformation and stacking fault energy can be 
obtained from Equation 4.4.

7

7 = 2p(AGY^E+AEsfr) + 2oE (4.4)

In Equation 4.4 y is the stacking fault energy, p is the density of atoms in fee close-packed plane in moles
per unit area, AG"V^E is the chemical driving force for e martensite transformation, AEstr is the

1
transformation strain energy and oE is the free energy per unit area of the 7/e interface. AEstr can be

7
neglected because it is less than 0,1% of the stacking fault energy and p and oE can be assumed as 
constants because they are only weakly temperature dependent. Equation 4.4 can thus be written as

7 = A\GY_>E + B. (4.5)
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As the stacking fault energy 7 decreases, the driving force AG'Y~>£ increases. The stacking fault energy 
can thus be understood to be a resistance to the formation of e martensite, i.e., the stability of e 
martensite increases as the stacking fault energy decreases.The stacking fault energy will increase with 
increasing temperature and, thus, the formation of e martensite becomes more difficult at higher 
temperatures.

4.4 Factors Affecting on Stacking Fault Energy

The stacking fault energy depends mainly on alloy composition. Only the elements in solid solution have 
an effect on stacking fault energy. Gallagher (1970) reviewed experimental results of the magnitude of 
the stacking fault energy in pure fee metals and austenitic stainless steels. Observations of temperature 
dependence were made on copper-, cobalt- and silver-base alloys. Determination of reversible 
temperature dependence of the stacking fault energy is not straightforward due to numerous factors 
which can influence the experimental results. The temperature dependence of the stacking fault energy 
can be expected to vary from one alloy system to another. Most of the changes in the stacking fault 
energy were irreversible in nature and cannot be related to the variation of the stacking fault energy with 
temperature. Gallagher (1970) showed that stacking fault energy increases with nickel content as is 
shown in Figure 4.4. Gallagher (1970) showed also that silicon addition decreases the stacking fault 
energy. The effect of silicon addition on Fe-17Cr-14Ni steel is presented in Table 4.2.
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Figure 4.4. The effect of nickel content on stacking fault energy in 16 - 20 wt-% Cr steels(Gallagher, 1970). 

Table 4.2. The magnitude of the stacking fault energy in Fe-Cr-Ni-Si alloys (Gallagher, 1970).

Schramm and Reed (1975) studied the stacking fault energies of seven austenitic stainless steels by X- 
ray diffraction line profile analysis. Materials were AISI 304L (Fe-18Cr-8Ni), AISI 305 (Fe-18Cr-12Ni),
AISI 31 OS (Fe-25Cr-19Ni), AISI 316 (Fe-17Cr-13Ni-2Mo), grade 21-6-9 (Fe-21Cr-6Ni-9Mn), grade 22-13- 
5 (Fe-22Cr-13Ni-5Mn-2Mo) and Hadfield steel (Fe-16Mn-4Ni). The stacking fault energies of these alloys 
are presented in Table 4.3. Ni and C increase the stacking fault energy while Cr, Si, Mn and N decrease 
the stacking fault energy. Schramm and Reed (1975) proposed that the stacking fault energy is 
dependent on alloy content as follows:
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= - 53 + 6,2Ni + 0,7 Cr + 3,2Mn + 9, ЗМо (4.6)

Mechanical deformation transformed AISI 304L, AISI 305 and Hadfield steel partially from fee austenite to 
bcc martensite. However, Schramm and Reed (1975) did not detect hep martensite.

Table 4.3. X-ray results and stacking fault energies of commercial stainless steels. 
Numbers in parentheses are the total spread of three measurements (Schramm and Reed, 1975).

Alloy lO^so^ti I03a ,Qj <Ü¿U1 
a

Sucking Fault 
Energy,

7, (mJ/m3)

AISI 304L 6.1 (1.4) 7(2) 1.0 (0.1) 18(2)
AISI 305 28.6 (7.7) 15(5) 1.9 (0.4) 34(7)
AISI310 S 66.9(11.6) 13(2) 5J (0.8) 94(14)
AISI316 27.9(15.0) 6(3) 4.4 (0.2) 78 (6)
2I-6-9(melt П 112.1(51.7) 31(9) 3.6 (0.6) 65(12)
21-6-9(meli 2) 68.1 (13.8) 29(4) 2-3 0.1) 41 (20)
22-13-5 49.7(26.1) 14(3) 3.60.1) 64(20)
Hadfield 38.9 (5.1) 34(0) 1.2 (0.1) 21(2)

Rhodes and Thompson (1977) studied the composition dependence of stacking fault energy in austenitic 
stainless steels with weak-beam, darkfield technique, using a transmission electron microscope. 
According to them the values of stacking fault energies obtained by Schramm and Reed (1975) were too 
high. They measured the stacking fault energy of AISI 310 stainless steel to be 40 mJ/m^ and concluded, 
that the relation between the alloying content and the stacking fault energy is complex and nonlinear. 
They presented an equation obtained by multiple linear regression to predict the stacking fault energy 
(Equation 4.7).

Y[m^]=1’2+1,4/V/+0’6Cr+17’7Mn~44’7S/ (4'7)

Rhodes and Thompson (1977) presented the iso-SFE surfaces in the Fe-Cr-Ni ternary phase diagram at 
room temperature (Figure 4.5).

metastable
austenite

two-phase 
regions > //stable austenite

Wt % Ni

Figure 4.5. Fe-rich comer of Fe-Cr-Ni ternary phase diagram, showing iso-SFE contours within the metastable 
austenite region. Phases are approximated at room temperature and for 0,1 wt-% C. (Rhodes and Thompson, 1977)
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Bampton et al. (1978) measured also stacking fault energies of several Fe-Cr-Ni austenitic stainless 
steels using weak beam electron diffraction technique. The measured values of the stacking fault 
energies varied from 18±4 mJ/m2 to 35±5 mJ/m2, thus indicating that the results obtained by Schramm 
and Reed (1975) were too high. Bampton et.al. (1978) assumed that the large scatter of previously 
measured values of stacking fault energies was due to the large variation in the diameters of nodes, 
variations in the purity of the alloys used and variations in the assumed elastic constants and methods of 
calculation.

Brofman and Ansell (1978) reported that the stacking fault energy can be presented as follows:

= 16,7 + 2,1А//-0,9Сг+26С (4-8)

Equation 4.8 is based on results obtained with Fe-C-Cr-Ni steels using transmission electron microscopy. 
Also Brofman and Ansell (1978) critizised the results obtained by Schramm and Reed (1975).

Stoltz and Vander Sande (1980) have studied the effects of nitrogen content on stacking fault energy of 
Fe-2lCr-6Ni-9Mn alloys by node measurements using weak beam imaging techniques in transmission 
electron microscopy (Figure 4.6). They reported that nitrogen addition lowers the stacking fault energy 

mJ mJ
from 53 —r- (0,21 wt-% N) to 33 —5- (0,24 wt-% N) and is accompanied by a transition to a more planar

m2 m2
plastic deformation mode. Further increase in nitrogen content to 0,52 wt-% did not affect the stacking 
fault energy. Carbon and silicon had no effect on stacking fault energy from 0,010 to 0,060 wt-% C and 
from 0,17 to 0,25 wt-% Si, respectively. Stoltz and Vander Sande (1980) concluded that "the transition in 
stacking fault energy with nitrogen content precludes the use of regression analysis for relating stacking 
fault energy to nitrogen level in this class of alloys". They speculated that the transition and saturation of 
the stacking fault energy may be related to the phase stability of the alloy. Nitrogen levels below 0,21 wt- 
% are not sufficient to result in a fully stable austenitic material. Stoltz and Vander Sande (1980) 
criticized the work done by Schramm and Reed (1975) by stating, that X-ray line profile technique 
overpredicts the stacking fault energy of similar Fe-Ni-Cr-Mn alloys. Direct measurements of the stacking 
fault energy by node size determination or other techniques should be applied instead of empirically 
derived formulas.

NITKOGCN CONTÎNT, m %

Figure 4.6. Stacking fault energy (mJ/m2) vs. nitrogen content (wt-%) (Stoltz and Vander Sande, 1980).

According to Harzenmoser (1989) the stacking fault energy can be expressed as 

j = 25,7 + 2M + 410C-0,9Cr - 77yV -13S/-1,2/Wr? (4.9)



Finally, in Table 4.4 a summary of measured stacking fault energies of austenitic stainless steels is 
presented.
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Table 4,4, Stacking fault energies of different austenitic 3tainle3S steels and austenitic steele presented in literature.
Code C

wt-%
SI

wt-%
Mn

wt-%
Cr

wt-%
Mo

wt-%
N1

wt-%
N

wt-%
Others
wt-%

Y
fmJ/m^l

Technique Source

AISI
304L

0,025 0,3 0,82 18,31 0,02 8,28 0,0183 18 X-ray
diffraction line 

profile

Schramm and 
Reed (1975)

AISI 305 0,074 0,32 1,64 18,02 0,10 11,85 34 X-ray
diffraction line 

profile

Schramm and 
Reed (1975)

AISI
31 OS

0,047 0,56 1,73 24,7 0,44 18,8 94 X-ray
diffraction line 

profile

Schramm and 
Reed (1975)

AISI 316 0,055 0,53 1,40 17,15 2,09 13,01 78 X-ray
diffraction line 

profile

Schramm and 
Reed (1975)

21-6-9
(1)

0,027 0,43 8,75 21,00 0,03 7,11 65 X-ray
diffraction line 

profile

Schramm and 
Reed (1975)

21-6-9
(2)

0,034 0,13 9,55 20,30 6,48 026 41 X-ray
diffraction line 

profile

Schramm and 
Reed (1975)

22-13-5 0,041 0,40 5,17 21,57 220 12,34 64 X-ray
diffraction line 

profile

Schramm and 
Reed (1975)

Hadfield
Mn-steel

0,91 1,29 15,7 4,1 21 X-ray
diffraction line 

profile

Schramm and 
Reed (1975)

AISI 310 0,04 0,67 1,35 24,39 027 20,82 40 Weak beam 
on extended 

nodes

Rhodes and 
Thompson (1977)

26/22 0,01 0,01 0,08 25,85 0,02 21,07 35 Weak beam 
on node radii

Bampton et al. 
(1978)

21/22 0,01 0,01 0,07 21,00 0,02 22,00 33 Weak beam 
on node radii

Bampton et al. 
(1978)

21/14 0,02 0,01 0,08 21,10 0,02 13,80 18 Weak beam 
on node radii

Bampton et al. 
(1978)

16/22 0,01 0,01 0,08 16,21 0,02 20,77 73 Weak beam 
on node radii

Bampton et al. 
(1978)

16/14 0,02 0,01 0,08 16,20 0,02 14,00 100 Weak beam 
on node radii

Bampton et al. 
(1978)

25Nh
0,3C

0,30 0,014 0,0043 0,049 24,87 0,0022 >50 Weak beam 
on node radii

Cam et al (1978) 
Strife et al. (1977)

9Cr-
11NF
0.3C

027 0,010 0,004 8,90 10,83 0,0043 42 Weak beam 
on node radii

Carretal (1978) 
Strife et al. (1977)

16Cr-
5Ni-0,3C

0,29 0,028 0,003 16,43 4,84 0,0027 17 Weak beam 
on node radii

Carr et al (1978) 
Strife et al.(1977)

16Cr-
12Ni

0,009 0,014 0,003 16,53 11,87 0,0032 22 Weak beam 
on node radii

Strife et al. (1977)

Stoltz 1 0,033 0,17 8,43 18,8 7,58 021 53 Weak beam 
on node radii

Stoltz and Vander 
Sande (1980)

Stoltz 2 0,060 0,24 8,96 18,2 7,46 024 33 Weak beam 
on node radii

Stoltz and Vander 
Sande (1980)

Stoltz 3 0,010 0,25 8,52 21,0 6,72 024 31 Weak beam 
on node radii

Stoltz and Vander 
Sande (1980)

Stoltz 4 0,017 0,24 8,79 19,2 7,07 027 37 Weak beam 
on node radii

Stoltz and Vander 
Sande (1980)

Stoltz 5 0,035 0,19 8,55 21,1 7,12 0,43 29 Weak beam 
on node radii

Stoltz and Vander 
Sande (1980)

Stoltz 6 0,018 024 8,96 18,2 7,46 0,52 33 Weak beam 
on node radii

Stoltz and Vander 
Sande (1980)

Stoltz 1 - 6 are experimental alloys designed for study of the effect of nitrogen on stacking fault energy.



5. Effect of Nitrogen on Mechanical Properties

5.1 Effect of Nitrogen on Tensile Strength
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Typical austenitic stainless steels exhibit low yield srength. Nitrogen has a strong influence on the yield 
strength and its temperature dependence. Effect of nitrogen content on the yield strength of austenitic 
stainless steels in different temperatures is presented in Figure 5.1. An increase in nitrogen content 
moves minimum yield strength slightly to lower temperatures. Minimum occurs approximately at 300 °C 
as can be seen in Figure 5.2.

CrNi- and CrMn- steels1000

■ ■■

grain size: 50-150pm

more than 100 datapoints

▲ 77 К
Ж 293 К

nitrogen content, [weight-%]

Figure 5.1. Effect of nitrogen content in solid solution on the yield strength of austenitic 
stainless steels at different temperatures (Uggowitzer and Speidel, 1991).

From Figure 5.1 it can be seen that the hardening effect of nitrogen is stronger at lower temperatures. 
The yield strength of solution treated austenitic stainless steels is considered to be result of three 
different mechanisms (Uggowitzer and Harzenmoser, 1988; Harzenmoser, 1990; Uggowitzer and
Speidel, 1991 ): the strength of the matrix (R™'a), the effect of grain size (R^h ) and the solid solution

hardening (Rph). The yield strength of nitrogen alloyed austenitic stainless steels can be approximated 
as follows (Harzenmoser, 1990):

Rp = ^{AR^fT{ARff + A Rf. (5.1 )

Also the rate of strain hardening increases as the nitrogen content increases (Harzenmoser, 1990).
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Figure 5.2. Dependence of the mechanical properties on temperature 
between room temperature and 400 °C (Harzenmoser, 1990).

Effect of temperature on mechanical properties of high nitrogen steels can be observed from Figure 5.2. 
Elongation to fracture is somewhat independent from temperature. Tensile strength and yield strength 
decrease clearly when temperature increases. Beculiar situtation arises with the yield strength, because 
there appears to be a minimum at 300 °C. With higher nitrogen contents the minimum appears at lower 
temperatures. Increase of nitrogen content from 0,55 wt-% to 0,98 wt-% decreases the temperature 
approximately 70 °C. Increase in strain rate would increase the temperature where the minimum appears. 
The temperature dependence of the yield srength is affected by dynamic strain ageing. At 300 °C the 
nitrogen atoms are so mobile that they can move with dislocations. Therefore, the external force is 
needed to move the nitrogen atoms with dislocations through the lattice, which in turn increases the yield 
srength. During this process "serrated flow" occurs. Nature of "serrated flow" is periodical, because 
dislocations break free periodically from the clouds of nitrogen atoms. At temperatures below 300 °C flow 
is not periodical, and it is called "jerky flow". This is explained by Snoek-interactions. Moving dislocations 
force the nitrogen atoms from the glide plane into distant lattice defects. During this process a positive 
strain rate dependence can be observed. The positive strain rate dependence is clearly visible at room 
temperature, but the effect disappears at temperatures above 250 °C. (Harzenmoser, 1990)

5.1.1 Solid Solution Hardening

The basic solid solution hardening mechanism caused by nitrogen is still mainly unknown (Uggowitzer 
and Speidel, 1990). Some theories are based on classical solid solution hardening models. According to 
Haasen (1983) direct interactions between solute atoms and dislocations considered as a mechanism of 
solid solution hardening can be subdivided into dislocation locking and dislocation friction. Dislocation 
locking means that solute atoms are collected on dislocations. In dislocation friction solute atoms act on 
moving dislocations. In the case of dislocation locking a pronounced yield point should be observed. The 
effect of friction is to shift the whole stress-strain curve to higher stresses, allthough the friction may 
slowly decrease with increasing strain and a gradual yield point is observed. The dislocation locking 
mechanims are chemical locking, elastic locking, electrostatic locking and locking due to stress-induced 
order. The chemical locking mechanism is due to solubility changes in material. The stacking faults in the 
fee lattice have hexagonal structure. Solubility in the stacking fault may differ from that in the fee matrix 
and solute atoms can segregate to the faults (Suzuki atmophere) which normally increases the width of 
the faults. Dislocations become pinned and require a higher stress to break free depending on 
concentration. Suzuki atmospheres are normally formed by substitutional atoms. Elastic locking 
mechanism means that atoms of different size substituted in a crystal produce localized elastic strain 
fields which interact with those of dislocations. Foreign atoms find energetically favourable positions near 
dislocations. A stress increment is needed to initiate dislocation movement which depends on 
concentration. Stress increment is proportional to the misfit parameter 5 (see Eq. 5.8). In electrostatic 
locking the expanded dislocation core is negatively charged and interacts with the extra charge located 
near a solute atom of different valency. Locking by stress-induced ordering is due to the directionality of
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forces exerted by dislocation on its environment, which may produce local order in the alloy around it. 
This is enegetically favorable for a dislocation and a yield point may result. The effect should depend 
quadratically on concentration in the substitutional alloys.

Soussan et al. (1988) reported that the interstitial solid solution strengthening in fee solid solutions is due 
to pinning of dislocations. Pinning is due to interactions between the solutes and the dislocation core, 
essentially through the effect of atom size. The effect is related to the fee lattice dilation around the 
nitrogen interstitial atom. The size factor g is defined by the equation:

2 (rN +rFg) + a
Л =-------------------- . (5.2)

a

where r^ is atomic radius of the nitrogen, rpe is the atomic radius of iron and a is the lattice parameter. 
The single crystal yield stress at О К is:

where ц is the shear modulus, g is the size factor and c is the interstitial atomic concentration. The 
resolved shear stress at temperature T is:

4

(gc)3p , pt)C 
4 4 ’

(5.4)

where x-| is dislocation-interstitial interaction delocalized stress (athermal) and x* is short-range 
dislocation core-interstitial stress (thermal). The variation of x with nitrogen content c is non-linear.

According to Uggowitzer and Speidel (1991) the shear strength resulting from a random array of single 
atoms interacting with a moving dislocation can be calculated from:

2 4

* = A(C3)(f03) (5.5)

or from

1 3
X = e(C2)(f02), (5.6)

where is the concentration of the solute nitrogen atoms and fg describes the interaction force 
between dislocations and solute atoms, fg indicates strength of nitrogen atoms as obstacles to dislocation 
movement and represents the sum of the effect of lattice distortion 5 due to the misfit of solute atoms and 
the modulus of elasticity change -g with solute atom concentration change (Harzenmoser, 1990):

f0 =y¡82 + ß2g2 , (5.7)

where ß is approximated to be 1/20 in fee alloys. 8 can be presented as follows (Harzenmoser, 1990):

1 da 
a dc ’

(5.8)

where a is the lattice parameter. The lattice distortion can also be expressed (Uggowitzer and 
Harzenmoser, 1988):

1 Ля8 = -^—-100, (5.9)
/х d

where X is at-%. According to Uggowitzer and Harzenmoser (1988) the effect of nitrogen on the lattice 
parameter is approximately 8 = 0,20.



Change of shear modulus due to the solute atom concentration change can be expressed 
(Harzenmoser, 1990):
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Л
1 dG 
G dc

(5.10)

or (Uggowltzer and Harzenmoser, 1988):

Л
J_dE 
E dc ’ (5.11)

where E is the modulus of elasticity. According to Uggowltzer and Harzenmoser (1988) the effect of 
nitrogen on E is small. Thus, when t) » 0, the conclusion that fg = 0,20 can be made.

Another hardening concept Is based on the assumption that short range ordering occurs between 
chromium and nitrogen atoms. Short range ordering Increases the flow stress due to the disruption of 
nearest and next nearest neighbours. It is assumed that the ordering Is linearly related to the 
concentration, yielding a nearly linear Increase of the flow stress with Increasing nitrogen content. A 
quantitative prediction of the strength as a function of the nitrogen content Is based on the assumption, 
that the environment of metal atoms surrounding each nitrogen atom Is changed by passing a dislocation 
and the energy of the crystal Is Increased by an Increment AE. The resulting friction stress Is then given 
by (Uggowltzer and Speidel, 1991):

t = 3Xn^~ (5.12)

where is the mole fraction of nitrogen and Is the weighted molar volume of the metal atoms.

According to Uggowltzer and Harzenmoser (1988) the matrix strength Is basically the friction stress of 
dislocations in the Interstitial free austenite crystal lattice which contains chromium, nickel and 
manganese In substitutional solid solution. Matrix strength Is small and depends very little on 
temperature. The temperature dependence of matrix strength can be expressed (Harzenmoser, 1990):

Añpma =68 + 230(1-(¿-)3)2. (5.13)

Solid solution hardening contributes the strongest effect on strength. Effect of nitrogen on yield strength 
can be expressed (Harzenmoser, 1990):

ARsph = Jo*-(R™)2. (5.14)

Temperature dependence of solid solution hardening can be expressed (Harzenmoser, 1990):

(5.15)

where T^ Is the critical temperature (625 K) where the hardening effect of nitrogen disappears. At the 
temperatures above the critical temperature T^ nitrogen does not act as an obstacle for dislocation 
movement any longer, because recovery due to thermal activation takes place. During the recovery 
dislocations are rearranged Into cell walls, In order to reduce the lattice strain energy. Equation 5.15 Is 
applicable only to temperatures below 350 K. When temperature exceeds 350 K, the diffusion of nitrogen 
atoms Is enhanced and the strengthening takes place due to dynamic strain aging. Dynamic strain aging 
should lead to serrated stress-strain behaviour. According to Harzenmoser (1990) solid solution 
hardening at 0 К can be expressed as

2
АЯрЛ (T = 0 K) = 1,77G^X^Zg3, (5.16)

where G Is the shear modulus, X^ Is nitrogen concentration In atomic percent and fg is a factor which 
describes the Interaction between dlsocatlons and solute atoms.
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Gavriljuk and Jephimenko (1990) studied distribution of nitrogen atoms, their interaction with dislocations 
and properties of high nitrogen austenitic steels. The distribution of nitrogen and carbon atoms in 
austenite was studied by Mössbauer spectroscopy and the interaction of nitrogen atoms with dislocations 
by internal friction. The distribution of nitrogen atoms in the austenite lattice is more homogeneous than 
that of carbon atoms. Addition of nitrogen does not cause decomposition of alloyed austenite and 
formation of submicroregions depleted or enriched in interstitials and alloying elements. The interaction 
of nitrogen atoms with dislocations is stronger than that of carbon atoms. According to Gavriljuk and 
Jephimenko (1990) the main interaction of solutes and dislocations is the formation of Suzuki 
atmospheres, i.e., chemical locking mechanism. Because of the decrease in the stacking fault energy in 
nitrogen alloyed austenite, the splitting of the dislocations, and the pinning of split dislocations can be 
expected. Suzuki atmospheres arise from the different solubility of nitrogen in the stacking fault and in the 
matrix. According to Haasen (1983) the Suzuki atmospheres are formed due to the substitutional atoms. 
According to Gavriljuk and Jephimenko (1990) the mechanism of strengthening of austenite by nitrogen 
cannot be described on the basis of the present theories of solid solution hardening. Three unclear points 
were outlined: the increase of hardening by nitrogen with decreasing temperature, the effect of nitrogen 
upon strain hardening and the large contribution of nitrogen to the grain boundary component of the Hall- 
Retch equation.

5.1.2 Effect of Grain Size on Strength

According to Mirth (1983) dislocations generated from a source proceed until they encounter an obstacle. 
They form then an array called dislocation pile-up. The effective stress at the tip of the dislocation pile-up 
is:

og =No = —----~r—. (5.17)
lib

where N is the amount of dislocations having stress field а, ц is the shear modulus, и is the Poisson ratio, 
b is the Burgers vector and X is the distance between the dislocation source and the obstacle (Figure 
5.3).

Figure 5.3. Dislocation pile-up. At equilibrium the net force on each of the N dislocation is zero. 
The leading dislocation encounters only the short range stress field o0 of the obstacle which gives 

a repulsive force o0b, balanced by the sum of ob and the interaction forces (Hirth, 1983).

Equation 5.17 is useful in explaining effects of microstructure on flow stress or fracture mechanisms. A 
critical stress oe is required to propagate yield past an obstacle or to nucleate a micro crack. oe is a

1

material constant. Equation 5.17 shows that the applied stress at yield or fracture varies as X 2. With the

grain boundaries as barriers, the largest dislocation pile-ups are equal to X =—, where d is the grain
2

size. This gives the Hall-Retch relation:

a«cT2. (5.18)

Pickering (1978) proposed that yield strength is a function of nitrogen content (N) and other alloying 
elements, amount of ferrite (8) and grain size (d):
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CT 0.2% =68 + 492(/V) + 354(C) + 20 (Si) + lAiMo) 

+18(1/) + 4,4(W) + 40 (Nb) + 26 (77)
_2

+12(A/) + 2,4(5) + 7d~2

(5.19)

Norström (1977) studied mechanical properties of austenitic stainless steel AISI 316 L with three different 
alloy contents (Table 5.1) and showed that a positive interaction exists between the strengthening 
processes by grain refinement and by nitrogen alloying in 316L and 316LN stainless steels. He proposed 
that the yield strength is a function of temperature, grain size and nitrogen content:

'0.2%

2
15 , 33000 | 65 (1690 - T)(°/oN)2

2
(7 + 78 (%N))d~2

(5.20)

Table 5.1. Compositions of AISI 316L based steels investigated by Norström (1977).
Steel C Si Mn P s Cr Mo Nl N

A 0,022 0,56 1.42 0,012 0,015 17,9 2,8 14,2 0,05
В 0,024 0,61 1.41 0,012 0,015 17,8 2,8 14,3 0,11
C 0,027 0,62 1,41 0,013 0,016 18,0 2,7 14,1 0,18

Norström (1977) concluded that the grain-size independent part of yield strength is strongly thermal in the 
temperature range of 20 - 600 °C and should be attributed to a genuine solid-solution hardening. The 
grain-size dependent part appears as a pronounced increase in the Hall-Petch relation with increasing N 
content and it behaves athermally between 20 - 600 °C. Tensile yield strengths at 20 °C for four different 
grain sizes are presented in Figure 5.4. In Figure 5.5 the yield strength at three different nitrogen 
concentrations for temperature range of 20 - 600 °C can be seen. In Figure 5.6 different contributions of 
nitrogen contents to yield strength are presented. o|sj is the total effect of nitrogen, a'N is due to the solid 

solution hardening and is the effect of grain size.

400 —
D$25nm

N,“/o

Figure 5.4. The effect of nitrogen content on yield strength at 20 °C for 
four different austenite grain sizes denoted by D (Norström, 1977).
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Figure 5.5. Yield strength at three different nitrogen concentrations in the 
temperature range of 20 to 600 °C (Norslröm, 1977).
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Figure 5.6. Different contributions of nitrogen to yield strength evaluated as 
yield strength per %N for temperature range 20 - 600 °C (Norström, 1977).

Soussan et al. (1988) reviewed the results obtained by Norström and proposed also that flow stress can 
be divided Into four contributing factors

oE = a 00 + aiN + a,D + aNd, (5.21)

where ago is the friction stress of single-crystal austenite without nitrogen. o¡n is the solid solution 
hardening of a single crystal due to interstitial nitrogen, o¡d is the grain refinement hardening and on^ is 
hardening due to interaction of nitrogen and grain size. The friction stress of single-crystal austenite 
includes the contribution of dislocations as obstacles to themselves. It is the sum of an athermal 
component, which is a linear function of plastic strain e and a thermal component, which in turn is a linear 

2
function of e2. This term is a parabolic function, increasing with e and decreasing with T. Thermal 
activation makes the obstacles easier to overcome. o¡n is proportional to the nitrogen content and is a 
decreasing function of T and e. It includes a thermal component (independent of e) and an athermal 
component, which is a linear function of e. The decrease of o¡n with increasing e is due to the fact, that 
during plastic strain the dislocation density increases sharply, while the influence of nitrogen vanishes
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gradually, oy is independent of nitrogen addition and, remains unaffected by temperature, is proportional

1 1 -1

to d 2 and increases as a linear function of e2. o^d is proportional to d 2 and to the nitrogen content.
°Nd increases with temperature and is independent of plastic strain e. The Hall-Petch equation (5.24) can 
be obtained from equations (5.21), (5.22) and (5.23):

O00 + aiN -°0> (5.22)

1

o ¡Q +oNd =kd 2 and (5.23)

1

at = a0 + kd 2 . (5.24)

og and к can be obtained from equations (5.25) and (5.26):

1

,т о/м X ос тле/ X 53660 + 38700e2 o0 (T, %/V,e) = 25 + 1005(e) +------------------------------------------+

pQonnn
(-(220 + 2185e) 4--—-у—-)(%Л/)

(5.25)

and

k(T,%N,E) = 2,7 + 60,45e1 + (120 - ^y^-)(%/V)d~2 . (5.26)

2
Soussan et al. (1990) report that will к increase with e2 In many fee alloys at low and high values of 
stacking fault energy at low strain levels. Term к passes through a maximum and then decreases at high 
strain levels. Hardening effect of nitrogen seems to be linked to the influence of nitrogen on dislocation 
slip mode. Hardening increases with the nitrogen content, Le. when the dislocation slip is more planar. At 
higher strain levels cross-slip or multiple slip may occur leading to a more homogenous strain distribution. 
Transfer of slip over grain boundaries is then easier, because the strains are more compatible between 
adjacent grains. Harzenmoser (1990) describes the effect of grain size with Hall-Petch type of equation 

kY
Rp0,2 = °r +~Jl’ (5-27)

where or is the yield strength of a steel with very large grain size, L is the grain size in mm and ky is the 
hardening coefficient. According to Uggowitzer and Speidel (1991) the hardening coefficient is markedly 
affected by the nitrogen content and temperature (Figure 5.7).

CrNi - end CrMn - steels

• RT

40 -

nitrogen content, [weight-%]

Figure 5.7. The effect of temperature and nitrogen content of CrNi- and CrMn-steels 
on hardening coefficient ky (Uggowitzer and Speidel, 1991).



With high nitrogen contents grain size hardening becomes stronger than with lower nitrogen contents. At 
low temperatures the grain size hardening effect of nitrogen is more effective than at high temperatures. 
The effect of nitrogen disappears at about 550 °C (Uggowitzer and Harzenmoser, 1988) due to thermal 
recovery. The effect of nitrogen on the hardening coefficient ky is believed to be due to the reduced 
stacking fault energy ( Uggowitzer and Speidel, 1991). As the stacking fault energy is reduced the slip 
behaviour becomes more planar. Planar slip is expected to increase the grain boundary efficiency as 
dislocation obstacles. According to Uggowitzer and Speidel (1991) with nitrogen contents of about 1 wt-% 
N and a grain size of less than 10 pm yield strengths higher than 1 GPa can be reached. Grain size 
hardening can also be expressed as follows (Uggowitzer and Harzenmoser, 1988):

Aflf =(8 + 75(1-(^)3)Л/)^=. (5.28)

where N is the nitrogen content in wt-% and L the grain size in mm. According to Gavriljuk et al. (1990) 
the influence of nitrogen is, however, attributed to the change in the strain transfer mechanism through 
the grain boundary which contain nitrogen atom segregations.

Norström (1977) discussed about the reasons why nitrogen is effective as a strengthening agent in grain 
size hardening. An influence which can be expected to enhance the effect of grain size on yield strength 
is the fact, that nitrogen promotes formation of planar dislocation arrays. According to Norström (1977) 
the effect of grain size is athermal between 20 and 600 °C. It is unlikely that any planar dislocation arrays 
occur in large scale at elevated temperatures such as 300 - 600°C. He attributes also the increase of ky 
to the enhanced twin density in high nitrogen steels, which can be explained by reduced stacking fault 
energy. This may be true, if the amount of twins in austenite grains is dependent on nitrogen content and 
independent on grain size. Twin boundaries may act roughly as ordinary grain boundaries.This should 
enhance the effect of grain size on hardening and increase the Hall-Petch coefficient for the normal 
austenite grain size. At low nitrogen contents the Hall-Petch factor seems to be independent on the twin 
density.
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5.1.3 Work Hardening

Orita et al. (1990) have studied 18Crl8MnN steels developed for retaining rings of generator rotor shaft. 
High nitrogen content has been found effective for production of high strength retaining rings. Mechanical 
properties in the solution treated state as a function of nitrogen content are plotted in Figure 5.8. Tensile 
strength and yield strength values increase with increasing nitrogen content. Reduction of area and 
elongation to fracture are almost independent of nitrogen content, although increased nitrogen content is 
normally expected to decrease elongation to fracture.

Figure 5.8. Mechanical properties of 18Cr18MnN steels in the solution heat 
treated state as a function of nitrogen content (Orita et al., 1990).

Figure 5.9 shows the relationship of mechanical properties and nitrogen content in the solution heat 
treated condition and after 35% cold work of l8Cr18MnN steels. Elongation to fracture decreases as cold 
work ratio increases.
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Figure 5.9. The relationship of mechanical properties and nitrogen 
content of cold worked 18Cr18MnN steels (Orita et al., 1990).

Strain hardening is an effective way to raise the yield strength of solution treated austenitic stainless 
steels (Uggowitzer and Speidel, 1991 ). Cold deformation can induce a martensitic transformation leading 
to a deterioration of the nonmagnetic behaviour. Martensitic transformation will decrease the ductility and 
the stress corrosion cracking resistance of the material. Nitrogen addition will, hoewever, stabilize 
austenite and martensitic transformation will not occur. The structure will stay nonmagnetic and tough. 
Improvement in work hardening is due to the low stacking fault energy caused by nitrogen. As the 
stacking fault energy decreases, partial dislocation separation is extended and cross-slip hardly takes 
place. Plastic deformation of nitrogen alloyed austenitic steels does not only produce stable dislocation 
structures, but also after heavy deformation, deformation twins on {111} planes. Increase in deformation 
results in an increase in the twin and dislocation densities, both factors contributing to the high flow 
stresses observed in deformed alloys.

Gavriljuk et al. (1990) have studied the structure and mechanical properties of cold worked high nitrogen 
austenite using transmission electron microscopy. Analyses of the studied steels are presented in Table 
5.2. They concluded that an increase in nitrogen concentration assists the twinning of austenite under 
deformation in accordance with the effect of nitrogen on the stacking fault energy. An increase in nitrogen 
content increases the deformation hardening (Figure 5.10) as a result of formation of twinned 
substructures, planar dislocation structures and probably increase of Lomer-Cottrell barriers. The 
strengthening after aging (Figure 5.11) is caused by the formation of nitrogen atom atmospheres around 
dislocations. The precipitation of nitrides leads to a decrease of strength and an increase of ductility in 
high nitrogen steels.

Table 5. 2. Chemical compositions of steels studied by Gavriljuk et al. (1990).
No. С (wt-%) Cr (wt-%) N1 (wt-%) Mn (wt-%) Mo (wt-%) SI (wt-%) N (wt-%)

1 0,02 21.5 5,5 10,5 2,88 0.29 0,12
2 0,015 21,6 5,55 10,17 2,93 0,35 0.45
3 0,04 18,65 _____172____ 2,46 2.74 1,56 026
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Figure 5.10. Influence of deformation on tensile strength and reduction of area of 
tensile test bar. Compositions of the steels are presented in TAble 5.2 (Gavriljuk et al., 1990).

2200 .

--------  0.45Я (Hr.2)

Figure 5.11. Influence of heat treatment on tensile strength (■), yield strength (star), reduction of area (•) 
and pinning of dislocations P) by impurity atoms (nitrogen) in 70 % cold deformed high nitrogen 

steels. Compositions of the steels are presented in Table 5.2 (Gavriljuk et al., 1990).

According to Gavriljuk et ai. (1990) nitrogen alloying increases the strain hardening coefficient, allthough 
an increase in yield strength should affect opposite. Addition of nitrogen decreases the stacking fault 
energy and deformation mechanism changes to planar glide. Planar glide increases strain hardening 
more than dislocation cell structure. Nitrogen also increases the efficiency of Lomer-Cottrell barriers as 
dislocation obstacles and intensifies the twinning in austenite. Both of these facts have an increasing 
effect on strain hardening.

Kitamura et al. (1990) studied the effects of nitrogen content on mechanical properties of 18Cr18MnN 
steels. With 0,1 % C and 0,55 % N upper yield strength peak appears even though the steel is stable 
austenitic steel. The upper yield strength peak is followed by a lower yield strength. According to 
Kitamura et al. (1990) this behaviour is based on the interaction between dislocations and nitrogen 
atoms. Height of the peak Act is influenced by the nitrogen content and by heat treatment Heat treatment 
was done during unloaded state in the cyclic tensile test.

Age hardening of cold worked nitrogen bearing austenitic steels in the temperature range of 300 and 600 
°C results in a significant increase in strength (Uggowitzer and Speidel, 1991). Depending on the nitrogen 
content and the amount of cold deformation yield strength improvement up to 500 MPa can be achieved. 
This is due to age hardening. Mechanism of age hardening can be explained on the basis of a chemical 
interaction between nitrogen atoms and dislocations. Gavriljuk et al. (1990) reported that chemical
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interaction of nitrogen atoms and dislocations is a result of formation of Suzuki atmospheres (nitrogen 
segregation) during ageing at low temperatures after cold deformation. The chemical interaction is 
influenced by the différencies in the interstitial solubility in solid solution and in stacking fault. Nitrogen 
solubility in stacking faults is higher than in solid solution. The apparent binding energy will be influenced 
by the width of dislocation separation. The segregated nitrogen atoms in the stacking fault reduce the 
stacking fault energy, leading to a wider separation of the partial dislocations. Thus, nitrogen segregation 
will pin the dislocations. At room temperature the nitrogen atoms are almost immobile and dislocations 
that are generated during cold deformation are not pinned and remain mobile. Assuming that nitrogen 
reduces the stacking fault energy one should expect a stronger interaction at higher nitrogen contents. 
According to Uggowitzer and Speidel (1991) after ageing at low temperatures Suzuki atmospheres are 
formed and dislocations are pinned. Pinned dislocations act as a barrier against subsequent deformation 
and strength is increased. At temperatures above 600 °C nitrides precipitate and dislocation pinning 
decreases leading to decreased strength.

5.1.4 Equations to Predict Mechanical Properties of Austenitic Stainless Steels

There has been several attempts to establish the effect of alloying elements on the mechanical properties 
of austenitic stainless steels by applying statistical methods. In the following three different equations are 
presented. Perhaps the most well known equation (Equation 5.29) is that presented by Irvine et al.(1969).

öo.2%[Mpa] = 4,1+32N + 23C + 1,3S/ + 0,240 + 0,94Mo + 1,2l/
2

+ 0,29W + 2,6/Vb + 1,7T/ + 0,82A/ + 0,165 + 0,46(d"2)
(5.29)

Wada and Ohta (1989) presented equation (Equation 5.30) to predict yield strength of annealed 
austenitic stainless steel at room temperature.

a0,2%
kgf

.mm2.
= - 96,0 + 12,6С+37,4(Л/ - 0,02)0,822 +1,40(S/)2+1,48Sz

-0,16W-0,212Cr2 +10,9lCr+0,0794/V/2 -2,32/Vz 
-0,379Mo2 +2,49Mo-1,33Cu+0,0186Mn2-0,237Mn

(5.30)

Nordberg (1993) presented following equation for the yield strength obtained with multiple linear 
regression analysis:

a 0.2% lMpa] = 120 + 210 JnToM+2 Mn + 2 Cr+14 Mo+10 Си
2

+ (6,15-0,0545)8 + (7 + 35(/V+0,02))d 2
(5.31)

5.2 Effect of Nitrogen on Impact Toughness

Fracture of austenitic stainless steels is normally ductile also at low temperatures. Austenitic stainless 
steels do not in general show transition behaviour in Charpy-impact tests.Tomota and Endo (1990) have 
studied low temperature embrittlement in 18Cr-18Mn-0,5N steel and observed cleavage-like fracture at 
low temperatures (Figure 5.12), where the fracture plane was {111}. Some of their results suggested that 
the fracture mechanism is pure cleavage, but mainly cleavage-like, i.e., slip-band cracking was observed. 
The crack initiation was considered to be related with heterogenous plastic flow before cracking. 
According to To mota and Endo (1990) the effect of grain size on ductile to brittle transition temperature is 
very small and the transition temperature from ductile to brittle fracture rather increases by grain refining 
(Figure 5.13). This was considered to be related with the grain size dependence of the yield strength.
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Figure 5.12. Charpy-impact energy of 18Cr-18Mn-0,5N and 18Mn-5Cr-0,5C steels 
as a fuct'on of temperature (Tomota and Endo, 1990).
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Figure 5.13. Effect of grain size on Charpy-impact energy of 18Cr18MnO,5N steels 
as a function of temperature (Tomota and Endo, 1990).

Harzenmoser (1990) reported that addition of nitrogen above 0,8 wt-% N would decrease the impact 
toughness at room temperature ( Figure 5.14), allthough he assumed that silicon may assist in ductile to 
brittle transition. Silicon forms nitrides (SÍ3N4), if its content is too high. Silicon content increases due to 
the manufacturing procedure (PESR), because nitrogen is added in the form of during remelting 
practice. Analyses of some of the tested steels are presented in Table 5.3. When nitrogen content 
increased up to 1,28 wt-% N, the impact toughness decreased to 44 J. Harzenmoser (1990) concluded 
that this is the maximum nitrogen content that can be allowed in the studied steels.

Stlcksloffgehall, N, |Gew.%|

Figure 5.14. Dependence of Charpy-V impact toughness on nitrogen content 
at room temperature in steels presented in Table 5.3 (Harzenmoser, 1990).
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ТаЫе 5.3. Апа1узез of the fully austenitic stainless steels tested by Harzenmoser (1990).
No. C (wt-%) SI (wt-%) Mn (wt-%) Cr (wt-%) NI (wt-%) Mo (wt-%) N (wt-%)
D1 0,06 0,36 19,32 18,14 025 0,05 0,55
D2 0,067 0,16 18,80 18,80 0,03 0,03 0,77
D3 0,044 025 20,40 18,70 0,58 0,07 0,82
D4 0,10 0,80 19,40 19,50 0,09 0,04 0,92
D6 0,026 0,67 19,50 21,40 0,01 0,01 0,99
D8 0,048 0,70 19,40 17,50 0,14 2,00 1.10

D21 0,048 1,00 5,80 20,70 0,90 2,10 0,82
D23 0,020 1,30 5,10 20,90 020 220 0,93
H22 0,020 020 5,60 20,60 0,11 1,94 1,02
H23 0,020 0,20 5,60 20,60 ___ 0J1___ 1,94 128

According to Harzenmoser (1990) addition of nitrogen will also increase the transition temperature, which 
can be seen in Figure 5.15. As can be seen from Figure 5.15, the effect of nitrogen cannot be separated 
from the effect of silicon. Thus, it remains unclear whether nitrogen or silicon is stronger promoter for 
ductile-to-brittle transition. Silicon and nitrogen may also interact (SÍ3N4 formation). Effect of ferrite 
content on transition curves can be seen in Figure 5.16 and effect of solution annealing temperature in 
Figure 5.17, respectively. Both increasing ferrite content and solution annealing temperature decrease 
the upper shelf impact energy.

O Dl: 0.5SN. 0.36SI 
П 02: 0.77N. 0.16SI 
Д 03: 0.82N. 0.25SI 
О 06: 0.99N, 0.67SI 
V 08: MON. 0.7OSI

-200 -150 -100 -60 О 61

Prüftemperatur, T, |°C|

Figure 5.15. Effect of alloying elements on transition temperature of steels 
presented in Table 5.3. (Harzenmoser, 1990).

0.05C, 20.70, 6.I
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- O 0.67N, 8% Ferrât

-too-160-200
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Figure 5.16. Effect of ferrite and N content on transition curve of 
0,05C-20,7Cr-5,8Mn-1 Si steel (Harzenmoser, 1990).
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Figure 5.17. Effect of solution annealing temperature on transition curve of 
0,1C-19,5Cr-19,4Mn-0,8Si-0,92N steel (Harzenmoser, 1990).

5.3 Effect of Nitrogen on Fracture Toughness

Normally the increase in yield strength has a decreasing effect on fracture toughness, because plastic 
deformation becomes more difficult. Plastic deformation is the most energy consuming phenomenon in 
ductile fracture. Increase of yield strength due to nitrogen does not necessarily lead to a decrease in 
fracture toughness (Speidel, 1988).

Slatcher (1983) has proposed the fracture toughness to be 

K,c = ^AEoyefn? ,
(5.32)

where A is constant, E is the modulus of elasticity, a у is the yield strength, ef is the elongation to fracture 
and n-| is the strain hardening coefficient. How does nitrogen affect these parameters? Contribution of 
nitrogen on modulus of elasticity is negligible. Normally the increase in yield strength decreases both 
strain hardening coefficient and elongation to fracture. Nitrogen clearly increases the yield strength as 
has been pointed out earlier. The strain hardening coefficient is known to decrease, if relative difference 
between tensile strength and yield strength decreases. Increase of nitrogen in solid solution does not 
affect on elongation to fracture at relatively low levels or decreases it only slightly. According to 
Harzenmoser (1990) nitrogen begins to decrease ductility approximately at 0,6 wt-% - 0,8 wt-%. Thus, 
the effect of nitrogen on fracture toughness is due to the effect of nitrogen on yield strength, elongation to 
fracture and strain hardening coefficient.

In Figure 5.18 is presented the effect of nitrogen content on fracture toughness according to 
Harzenmoser (1990). As can be seen fracture toughness begins to decrease with nitrogen contents 
excess 0,6 wt-%. According to Harzenmoser (1990) fracture toughness of high nitrogen austenitic 
stainless steels correlates with Charpy-V impact toughness in room temperature. Effect of low 
temperature together with nickel content is presented in Figure 5.19. As can be seen, decrease in test 
temperature will decrease fracture toughness. Increase in nickel content will increase fracture toughness, 
especially when nitrogen content is 0,45 wt-% at higher temperature (76 K). Nickel increases also the 
fracture toughness of steel having 0,8 wt-% nitrogen both at 4 К and 76 K. Testing temperatures (4K and 
76K) do not affect on fracture toughness of steels having 0,8 wt-% of nitrogen.
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Figure 5.18. Effect of nitrogen content on fracture toughness of austenitic stainless steel 
in room temperature (Harzenmoser, 1990).
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Figure 5.19. Effect of nitrogen and nickel content on fracture toughness 
at 4 К and 76 К (Harzenmoser, 1990).

5.4 Effect of Nitrogen on Fatigue

5.4.1 Low Cycle Fatigue

Sun et al. (1990) have studied low cycle fatigue behaviour of high nitrogen 18Cr-18Mn-N steels. They 
concluded that neither nitrogen content nor cold deformation nor strain ageing change significantly the 
low cycle fatigue behaviour. In Figure 5.20 the behaviour of high nitrogen steels In comparison with 
conventional austenitic stainless steels is presented. Steels with high nitrogen content exhibited cyclic 
softening independent of the cyclic strain amplitude. In Figure 5.21 the effect of nitrogen content on cyclic 
peak stress is schematically presented. Cyclic hardening takes place when dislocation subcells are 
formed. Nitrogen In solid solution decreases the stacking fault energy and planar dislocation arrays are 
formed. Slip reversibility is enhanced and cyclic softening occurs. Softening is more dominant In cold 
worked condition. Despite their high strength, cold worked alloys failed after the same number of cycles 
as solution treated steels.
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Figure 5.20. Low cycle fatigue behaviour of nitrogen alloyed steels and 
conventional austenitic stainless steels (Sun et al., 1990).
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Figure 5.21. A schematic presentation of the effect of nitrogen content on cyclic 
behaviour of high nitrogen steels (Sun et al., 1990).

5.4.2 High Cycle Fatigue

In Figure 5.22 the effect of nitrogen content on high cycle fatigue strength of austenitic stainless steels is 
presented. According to Sun (1991) nitrogen increases the high cycle fatigue strength of austenitic 
stainless steels. At nitrogen contents beyond 0,5 wt-% N the beneficial effect disappears. The fatigue 
strength cannot be further increased by cold work as illustrated in Figure 5.23. Aging of high nitrogen 
austenitic stainless steel improves significantly the fatigue strength. This is indicated by a star in Figures 
5.22 and 5.23. In Figure 5.24 a comparison of fatigue strength data of all austenitic stainless steels is 
illustrated.
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Figure 5.22. Effect of nitrogen content on high cycle fatigue strength of different austenitic stainless steels. 
Test parameters were R=-1, T= 23 °C in air, f= 25 - 50 Hz and Nf= 107-10® (Sun, 1991).
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Figure 5.23. Effect of yield strength on high cycle fatigue strength of different austenitic stainless steels. 

Test parameters were R= -1, T= 23°C in air, f= 25-50 Hz and Nj= 107-10® (Sun, 1991).
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Figure 5.24. A comparison of fatigue strength of austenitic stainless steels. Nitrogen containing steels have higher 
fatigue strength, in particular the age hardened steel. Test parameters were R= -1 and T= 23°C in air. (Sun, 1991).
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6. Sliding Wear of Austenitic Stainless Steels

6.1 Introduction

Adhesive wear is often defined as sliding wear. Adhesive wear occurs if no abrasive substances are 
present, if the amplitude of sliding is greater than that in fretting and if the rate of material loss is not 
governed by the principles of oxidation. Wearing occurs when interfaces in contact are made to slide and 
the locally adhered regions must separate. Separation may occur by one or two failure modes resulting in 
a very wide range of wear rate. According to Zum Gahr (1987) different parameters that affect on friction 
and wear of sliding pairs are environment, micro- and macro-geometry, tribochemistry and metallurgical 
pairing properties. Environmental factors are such as lubricants, humidity, temperature, composition and 
partial pressure of the gaseous atmosphere. Micro-geometrical pairing properties are surface roughness 
and texture. Load, sliding speed, vibration, shape and dimensions of the mated solids belong to the 
loading and macro-geometrical properties. The tribochemical pairing properties are adsorbed atoms, 
amount and type of surface films, chemical reactivity and thermal and electrical conductivity. 
Tribochemical and environmental properties are dependent on each other. Metallurgical properties 
influence significantly on sliding wear.

6.2 Wear Mechanisms

6.2.1 Introduction

Mechanisms of wear during sliding contact are presented in Figure 6.1. Welded junctions are formed on 
clean metal surfaces due to adhesion. Relative motion detaches or transfers material, which can lead to 
grooving of softer material by the work hardened transfer material. Sheet-like wear particles are formed 
due to surface fatigue, during repeated plastic deformation by a harder counterbody. Surface traction in 
sliding contact can lead to cracking of brittle materials such as ceramics. Cracking of surface films results 
in loose wear particles which can act abrasively.

Figure 6.1. Mechanisms of wear during sliding contact, a) grooving of softer material by work hardened transfer material, b) formation 
of sheet -like wear particles due to surface fatigue, c) cracking of brittle material and d) cracking of surface film (Zum Gahr, 1987).



The friction force can be expressed as (Ludema, 1992) 

F, =цА/, (6.1)
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where is the friction force tangential to the sliding surfaces, ц is the friction coefficient and N is the
normal force. Friction force is independent of the apparent area of contact. The actual cause of friction is 
somewhat unclear. The friction depends on several components: adhesion, plastic deformation and 
plowing, elastic deformation and third-body particles. According to Ludema (1992) the sum of the 
components can thus be expressed as follows:

Ц = ца +Up + йе +Hpart- (6.2)

where pa represents friction due to adhesion. In engineering atmospheres adhesion is supposed to play 
only a minor role, but it is of main importance in high-vacuum conditions, for example In space, цр 
represents plastic deformation and plowing caused by deformation of one surface by hard asperities from 
the other and can play a major role on very rough surfaces. pe is due to elastic deformation of the 
material below the plastically deformed layer. It becomes more important as the surfaces are cold worked 
and smoothened during the running in period. ppart is due to third-body particles trapped between the 
surfaces.

6.2.2 Archard's Equation

The most widely used wear equation of Archard shows that the wear rate is:

(6.3)

where Y is the wear rate (volume per unit of time), W is the applied load, V is the sliding speed, H is the 
hardness of the softest material of a pair and к is the wear coefficient Wear rate is acceptable when к < 
10-7 (Ludema, 1992). Allthough Archard's equation applies in many cases, relying on a spesific equation 
should also be based on simulating testing. No wear equation can be generally applied.

According to Rabinowitz (1984) Archard's equation can be applied in adhesive and abrasive wear, but it 
cannot be applied in corrosive or surface fracture wear.

6.2.3 Work of Adhesion

Adhesion results due to attractive forces between two surfaces in close contact. Interfacial adhesion is 
caused by atomic bonding and is favoured by plastic deformation and cleanliness. Clean means that the 
surfaces are not covered by oxide layers, adhering humidity or lubricants. (Ludema, 1992)

The dependence of adhesion on the physical and chemical properties of surfaces can be expressed in 
the form of the work of adhesion. The work of adhesion depends on the surface free energies of the 
contacting materials and of the formed interface. Surface free energy depends on surface area and 
surface tension. Surface tension can be determined as the amount of reversible work required to form a 
differential part of surface area. Thus, the surface free energy can be understood being the amount of 
energy required to build-up or destroy the surface. The work of adhesion decreases with increasing free 
energy of the interface and decreasing free energies of contacting materials. The strength of the 
adhesion junctions increases with increasing work of adhesion. According to Pashley et al. (1984) each 
unit area of atomic contact involves energy Д7.

Ay=Yi +Y2-Y12 (6-4)

In Equation 6.4 the subindeces of surface energies denote two solids (1 and 2) and the interface (12). 
The pull-off force can be defined as the mechanical work of separation of contacting surfaces. If 
thermodynamical reversibility is assumed, then the pull-off force can be derived by equating the 
mechanical work of separation to Ay. According to Pashley et al. (1984) an alternative way is to treat the 
separating interface as a growing crack and to apply the general principles of fracture mechanics. In that 
case irreversibility may arise due to atomic processes at the tip of the crack or dissipative processes.
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Surface energy in opening of a crack is greater than the surface energy gained in closing the crack, 
which is due to atomic processes at the tip of the crack. Dissipative processes may take place if the 
materials are viscoelastic or capable to plastic deformation, such as metals. In those cases the energy 
involved may be larger than the theoretical thermodynamic energy. In the case of two ideally rigid solids 
no deformation is assumed to occur. If no deformation occurs, the pull-off force Z can be presented as 
follows:

Z = 2nRAy (6.5)

System is considered to be reversible and adhesion occurs between a sphere of radius R and a flat. 
Other three categories of surfaces are smooth elastic solids, rough elastic surfaces and ductile solids. 
Metals are ductile and belong in the last category. According to Pashley et al. (1984) in case of ductile 
solids, the junctions are extensive and can lead to strong adhesion. This is the case also if the surfaces 
are initially rough. In the case of elastic solids surface roughness can diminish the adhesion. Yet, surface 
roughness can decrease the adhesion also in the case of ductile metals. According to Pashley and co
workers (1984) in the case of ductile solids adhesion is influenced mainly by the hardness. In the case of 
elastic surfaces the elastic modulus and surface energy are the most important parameters. Pashley et 
al. (1984) made tests in vacuum with a sharp tungsten pin on a flat nickel specimen. In Figure 6.2 is 
presented the force of adhesion versus applied load in the case of clean metal contact and with oxide 
layers of different thickness. Oxide layers lower the force of adhesion, but the force of adhesion 
increaeses at higher applied loads in both cases. At low applied loads force of adhesion is independent 
on load and higher than applied load. Thus, at low applied loads adhesion is dominated by surface forces. 
In Figure 6.3 is presented the effect of loading and unloading on contact resistance and apparent 
contanct pressure. The curve is irreversible, which means that plastic deformation has occurred. Pashley 
et al. (1984) made further measurements and noticed that while the contact area remained constant, the 
unloading was reversible. If the contact area decreased during tensile load, the unloading behaviour was 
irreversible. Thus, Pashley et al. (1984) concluded that applied load produces plastic deformation amount 
of which was dependent on applied force. The area of contact during unloading remains constant until the 
constriction begins to neck under a negative tensile load. The junction fails in a ductile manner at a stress 
level roughly equal to the yield stress of the material. Similar behaviour was observed even when the 
loading was so low, that surface forces dominated deformation. Pahley et al. (1984) concluded, that 
contact is plastic even with zero load as a result of surface forces. According to Pashley et al. (1984) the 
apparent mean contact pressure can be calculated in the case of ball point intender as follows:

P P^r = H-—- (6.6)
я a2 P + 2nRAy

In Equation 6.6 P is an externally applied load, H is hardness of the softer material, a is the radius of 
annulus and R is the radius of the intender and Ay is the surface energy of adhesion. Equation 6.6 is 
applicable for low loads, Le., for loads when surface forces play a significant role. At higher loads, when 
adhesive force is clearly smaller than applied load, the equation is not applicable. Yet, the stress of 
separation is always the same. The stress of separation can be presented as follows (Pashley et al., 
1984):

(6.7)

In Equation 6.7 Pq is the total load applied, a$ is the contact radius at separation and ap is the maximum 
contact radius. If the hardness during loading and unloading is the same the equation applies. 
Unfortunately work hardening especially at high load regimes may increase the hardness during loading. 
According to Pashley et al. (1984) hardness is dependent on indentation depth, Le., on measured 
volume, which is presented in Figure 6.4. In small deformed volumes all slip systems become active and 
pinning of dislocations will be considerably greater than in more macroscopic indents. Effect is more 
marked for materials capable to considerable bulk work hardening. Hardness may rise three or four times 
higher than the bulk hardness in deformed zones with approximate diameter of 100 nm. Other possible 
mechanisms may be due to the effect of free surfaces. If the free surface attracts dislocations via an 
image force, the hardness will be reduced. Thus, a rigid oxide layer would lead to hardening by repelling 
the dislocations. Pashley et al. (1984) studied the effects of oxide films on adhesion and noticed that an 
oxide film can have a clear effect on adhesion. Allready two monolayers of oxygen on the metal surface 
was enough to decrease the force of adhesion and surface energy at low loads. Thin oxide layer does not 
however change the mechanical properties of the interface. The loading is still largely plastic and the 
failure is ductile. Thick oxide layer (5 nm) could, however, affect the mechanical behaviour (Figure 6.5). If
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load was kept low the behariour was somewhat reversible. If the critical value was exceeded, i.e., the 
oxide film was penetrated, the behaviour changed to irreversible. Behaviour below critical load suggested 
that contact was becoming more elastic. Surface energy does not change with increasing oxide layer 
beyond two monolayers, but the ductility of the junction decreases. Two monolayers of oxygen are 
enough to reduce the metallic bonding to nil, because the range of metallic bonding is 0,4 nm. According 
to Pashley et al. (1984) maximum shear stresses occur at approximately half of the radius of the contact 
below the centre of the contact zone, meaning that the shearing does not occur in oxide layer. Thus, 
reduction of ductility in contact zone results because the oxide prevents dislocation movement within the 
metal near the interface and reduces the plastic deformation of the underlying metal.
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Figure 6.2. Force of adhesion versus applied load for tungsten in contact with x) dean Ni(111), •) Ni(111) 
with two monolayers of oxygen and °) N¡(111) with 5 nm of oxide. Dashed line indicates the general trend 

in the behaviour of the clean metal contacts (Pashley et al., 1984)
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Figure 6.4. Hardness of electropolished nickel as a function of indent depth: 
a significant increase in hardness for shallower indents is apparent (Pashley et al., 1984).
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Figure 6.5. Contact resistance versus applied load for the contact between a clean tungsten 
indenter and a N¡(111) surface covered with 5 nm of oxide. If the load remains below a critical 
value Pc , loading - unloading cycle ABA' is fairly reversible. When the critical load is reached 

the oxide is penetrated (BC) and loading - unloading behaviour (CDE) becomes more like 
that for a clean metal contact (Pashley et al., 1984).

According to Pashley et al. (1984) the onset of plasticity may be possible to define as follows:

H{4å?)} <6-81

In Equation 6.8 Y is the yield stress, E is the Young's modulus, a is the contact radius and о is the 
stress. The onset of plasticity occurs when о = 1,1Y. Full plasticity is reached when the stress exceeds 
2,8Y. According to Pashley et al. (1984) the main onset of plasticity will occur below the surface in the 
centre of the contact.

Shearing forces of adhesion junctions increase with contact pressure and contact duration. Shearing 
forces of adhesion junctions may play an important role in friction at high temperatures. Increasing 
environmental humidity may markedly reduce the surface energy and adhesion. Roughening of a smooth 
high energy surface results in a lower wetting angle, i.e., increases the effective surface energy. The 
model of mutual solubility cannot be applied to adhesion, friction and wear in general. The main reason is
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that the mutual solubility is deduced from binary phase diagrams in thermodynamic equilibrium 
conditions, but friction and wear are to be considered in non-equilibrium conditions. Also the activation 
energy of diffusion have to be exceeded and time of contact should be long enough. (Zum Gahr, 1987)

6.2.4 Plastic Deformation

Rigney and Mirth (1979) have studied plastic deformation and sliding friction of metals. They presented a 
model for the source of friction during steady state sliding of metals. It focuses on the plastic work done in 
the near-surface region, described in terms of work hardening, recovery and microstructure existing 
during steady state sliding. Plastic deformation near the surface is emphasized. Especially, the highly 
deformed region which has a very fine microstructure and a high degree of preferred orientation (Figure 
6.6). In metals near-surface microstructure consists of dislocation cells developed in the beginning of the 
wear test. Under steady state conditions the average cell structure at a given distance ( t, see Fig. 6.6) 
from the surface remains constant depending on material properties and on details of the sliding wear 
test.

Figure 6.6. Longitudinal section of a wear specimen: the curved lines indicate strain and the 
arrow indicates the sliding direction (Rigney and Mirth, 1979).

Assuming that the frictional force arises from plastic deformation and that most of the deformation work is 
confined to the dislocation cell region, Rigney and Mirth (1979) obtained an equation for the friction 
coefficient :

H = L '
(6.9)

In Equation 6.9 w is the width of the highly deformed region, t is the thickness of the highly deformed 
region, t is the shear stress of the highly deformed region, e is the average net strain per cycle and L is 
the normal load. Values for т and e are difficult to obtain, while L, t and w can be easily measured, w and 
t increase with the load. If the wt is proportional to the load, the friction coefficient is independent of the 
load. If the relationship between wt and L is not quite linear, there would be some dependence of the 
friction coefficient on the load. In Figure 6.7 is demonstrated strain profiles during sliding. Region A can 
be associated with the beginning of plastical deformation and region В with rapid work hardening. In 
region C work hardening is balanced by dynamic recovery and dislocation cell structures can form. Only 
region C contributes to energy dissipation due to plastic deformation at steady state. If a steady state 
were reached without recovery, as in Figure 6.7b, the work-hardened material could only deform 
elastically and friction would be low.
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Figure 6.7. Strain profiles during sliding, a) Beginning of plastical deformation (region A), b) rapid work hardening (region B) 
and c) dynamic recovery balances work hardening (region C) and dislocation cell structures can form (Rigney and Hirth, 1979).

6.2.5 Frictional Heating

Welsh (1957) studied frictional heating and its influence on wear of low-carbon steel. He concluded that 
frictional heating can be great enough to change microstructure at contact area even at moderate loads 
and sliding speeds. Increasing applied load may decrease wear rate by increasing the temperature at the 
points of contact.

Rigney and Hirth (1979) reported that the heat source of frictional heating is dispersed over a volume of 
sliding materials. Deformation energy is dissipated in a region below the surface.

Kennedy (1984) has studied thermal and thermochemical effects in dry sliding. Kennedy concluded that 
when friction occurs in dry sliding, mechanical energy is transformed into heat through surface and 
volumetric processes in and around the real area of contact. Frictional heating can have an important 
effect on tribological behaviour of the sliding components, especially, at high sliding velocities. Dry sliding 
friction has two basic contributors: the interfacial bonds at the contact interface and the deformation of 
the material in and around the contact regions. The transformation of frictional energy to heat is 
responsible for increase in temperature of the sliding bodies, especially, in the immediate vicinity of the 
real area of contact. Distribution of frictional energy is presented in Figure 6.8.
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Figure 6.8. Distribution of frictional energy (Kennedy, 1984).

6.2.6 Delamination Theory of Wear

Suh (1973) presented the delamination theory of wear. The theory is based on the behaviour of 
dislocations at the surface, sub-surface crack and void formation and subsequent joining of cracks by 
shear deformation of the surface. The delamination theory explains adhesive, fretting and fatigue wear. 
During wear the material at and very near the surface does not have a high dislocation density, due to the
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elimination of dislocations by the image force acting on those dislocations which are parallel to the 
surface. Therefore the subsurface layer is cold-worked more than the surface. When sliding is continued 
the dislocations are piled-up at a finite distance from the surface. This will lead to the formation of voids. 
Voids form primarily by plastic flow of matrix around hard particles, when there are large secondary 
phase particles in metal. The hard second phase particles enhance the formation of voids by locking the 
dislocations. With time the voids will coalesce, either by growth or shearing of the metal. This results in a 
crack parallel to the wear surface. When the crack reaches a critical length the material between the 
crack and the surface will shear, yielding sheet-like particles. The final observed shape of the particles 
will be dependent upon their length and internal strain. Formation of wear sheets due to delamination is 
presented in Figure 6.9.

(Sliding Direction)
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Figure 6.9. Formation of wear sheets due to delamination wear (Suh, 1973).

Suh (1973) explains that metals wear layer by layer, each layer consisting of N wear sheets. The number 
of the wear sheets per layer is proportional to the average number of asperities in contact at any instance 
between the slider and the disc. The rate of void and crack nucléation and the critical degree of shear 
deformation for loose particle formation can be expressed in terms of a critical sliding distance. By 
following these assumptions Suh (1973) assumed the wear rate (W) to be

W = kLS, (6.10)

where L denotes the applied load and S the sliding distance. Equation 6.10 applies to the situation where 
a hard surface (1 ) slides against a soft surface (2). к is a wear factor and can be expressed as

i._ b K,G, | K2G2 
4я O/rS^O-v,) o,2S02(1-v2) ' (6.11)

In Equation 6.11 b is is the Burgers vector, K-¡ and are constants and depend primarily on the surface 
topography, G is the shear modulus, of is the friction stress, Sq is the critical sliding distance required for 
removal of a complete layer (N wear sheets) at a given sliding situation and v is the Poisson's ratio.

Soda (1975) studied the effects of normal load, velocity and atmospheric pressure on wear of some fcc- 
metals (Au, Ni and Cu) using pin on disc test. They assumed that surface oxidation is not the only effect 
that can explain the effect of sliding velocity. As the velocity was increased, wear first decreased, 
reached a minimum and then increased. They concluded, that fatigue process is a potential mechanism 
of wear fragment removal.

Fleming and Suh (1977,1977b) explained wear to be proportional to the normal load and to the sliding 
distance in crack propagation controlled wear. Linear elastic fracture mechanics can be used to analyze 
the subsurface crack propagation in delamination wear when coefficients of friction are higher than 0,5. 
Wear particle thickness is a function of the coefficient of friction.

Wear loss due to fatigue is enhanced by increasing the average strain during a single loading cycle and 
by decreasing the strain capacity to failure of the surface layer. This means that wear loss increases with 
the coefficient of friction and with increasing real surface pressure. (Zum Gahr, 1987)
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The effects of mechanical factors and chemical factors must be treated separately to avoid mistakes. 
Sliding surfaces are not perfectly clean. They are contaminated by surrounding atmosphere. Metals are 
usually covered with a film of oxide, which is covered by a second film of adsorbed gases and 
hydrocarbons. The surfaces are nominally clean and dry in the general atmosphere of technology. The 
thickness of the adsorbed layers and coatings is about 10 nm. Variations in the thickness and the 
properties of these films are one reason for the very wide range of friction and wear data reported for all 
materials. Also the subsurface layers have their effect on the tribological properties of materials. The 
surface layers are heavily deformed during wear. The surface layers develop a high dislocation 
concentration and a subcell structure. Ductile materials deform plastically and the contacting surfaces 
conform. Sliding increases the probability of plastic deformation and fracture by adding shear stress to 
any normal stresses already imposed. Sliding will cause the formation of turbulently mixed layer of 
substances. Some of the layer will fall out as wear debris, but most of it will remain as a transfer film. The 
wear rate will depend on the properties of all of the substances, the properties of the mixed composite 
material and the tendency for bits of that turbulently mixed material to leave the system. (Ludema, 1992)

According to Zum Gahr (1987) the possible events at surfaces are segregation, reconstruction, 
chemisorption and compound formation. Segregation occurs for small and mobile alloy or impurity atoms, 
such as interstitial carbon and nitrogen. Segregation may affect on friction significantly. Reconstruction 
takes place when the outermost layer of atoms undergo a change in crystal structure, for example a 
conversion of diamond surface layers to graphite or carbon. Chemisorption occurs on clean surfaces.
The adsorbed species may be water molecules, carbon, various salts, etc. Chemical compound formation 
may take place when two surfaces adhere at local spots and the temperature of contact rises high 
enough. The local compound formation takes place with an assistance of diffusion. Identical metals bond 
together most completely when the bond strength is very near the strength of the metals themselves. 
Dissimilar metals will initially bond with less strength, but the bonds will increase in strength with time. 
Metal pairs that will mix or alloy via diffusion have an enhanced tendency to increase the bonding 
strength. Mechanical compound formation may also take place by the mechanical alloying of wear 
particles and surface debris to form solid layers or segments of layers. Sliding wear is strongly influenced 
by load, sliding speed and environmental conditions such as temperature, humidity, partial oxygen 
pressure, etc. Transition from mild to severe wear in dry sliding contact is due to change of the structure 
of oxides on the sliding surfaces or by the breaking away of protective oxide films. Sliding speed and load 
can markedly influence on these events (Figure 6.10). Change in the structure of oxides depend on the 
contact temperature, and hence the speed and load are able to change the structure of oxide films. Also 
the film thickness can increase with increasing contact temperature. When the critical thickness of the 
oxide film is reached, the film will break to form wear debris particles. The critical thickness depends on 
the type of oxide, its support by the underlying material and the loading condition. Oxide debris can be 
agglomerated and compacted by rubbing contact, leading to so-called glaze layers. Glaze layers consists 
of sub-micron size crystals. Wear by tribochemical reaction is pesented in Figure 6.11.

Severe Wear

Mild Wear

Figure 6.10. Wear intensity of steels in dry sliding contact in air as a function of load and sliding speed (Zum Gahr, 1987).
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Figure 6.11. Wear by tribochemical reaction.: a), b) and c) formation and growth of oxide islands and 
d) destruction of principal load bearing oxide layers and fonnation of new ones (Zum Gahr, 1987).

6.2.8 Wear Rate

After Rabinowicz (1984) only adhesive wear can never be eliminated. Three types of adhesive wear are 
severe wear, mild wear and burnishing wear. Burnishing means material removal on a molecular scale 
and represents the least possible amount of adhesive wear. In unlubricated systems an acceptable life is 
achieved only if operation in the burnishing regime can be assured. Severe galling wear occurs if clean or 
poorly lubricated metal pairs with a high degree of metallurgical compatability are slid over each other. 
Wear coefficients (from Archard's equation) are generally in the range of 10*2 -10*4 and wear particle 
size in the range of 200 - 20 pm. Moderate wear occurs with less compatible or with well-lubricated 
surfaces, especially, when the pressure at the interface between the sliding surfaces is low. Typical wear 
coefficients are in the range of 10"4 -10*6 and wear particle size 20 - 2 pm. Factors affecting transition 
between mild and severe wear are temperature, oxide thickness and balance between oxidation rate and 
wear rate. Burnishing wear occurs with highly incompatible metal pairs (or with a hexagonal-close- 
packed-structured metal as one of the two surfaces). Pressure should be low and if possible a very good 
lubricant should be used. Wear coefficients are in the range of 10'6 -10"8 and no wear particles are 
observed. Factors affecting transition between moderate wear and burnishing wear are somewhat 
unclear. It is not obvious that the Archard's equation governs burnishing wear. Thus, the wear coefficient 
may not be an appropriate parameter to describe burnishing wear. The mechanism of burnishing wear 
may be deduced if it is assumed that a burnishing surface is smooth on a molecular scale and that 
burnishing is a process of single-molecule removal from the peaks of the asperities, so that eventually a 
perfectly smooth surface remains. An analogous mechanism has been postulated for polishing, which is 
the abrasive wear process for producing a smooth surface. Process of burnishing wear occurs always 
during sliding. Burnishing wear can be observed only if mild wear is eliminated. Two equations have been 
derived. Equation 6.12 is applicable to a single point contact (pin-on-disc) and states that the critical 
normal force L at the transition from mild to burnishing wear obeys the relationship:

1Л/2
L = тс -108 ——, (6.12)

P

where Wab is the surface energy of adhesion and p is the hardness of the softer surface. This equation is 
reasonably well obeyed in practice, especially, with noble metals. For clean metal surfaces Wab = 10'3 
Nmnr1 and p = 103 Nmrrr2. Thus, critical normal force L gets a value of 0,31 N. The observed critical 
forces are normally smaller, typically 0,05N. If two surfaces have a sizeable apparent area of contact, the 
apparent stress a at the transition is given by:
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о = РЬь (6.13)

where is the wear coefficient in the burnishing wear regime and km is the wear coefficient for 
moderate wear. For a typical metallic system where к^=10'7 and km=10~5, the critical apparent stress is 
1/600 of the hardness stress, and for metals of medium hardness it is typically 1,6 Nmm"2.

According to Lim et al. (1987) mild wear gives a smooth surface. Mild wear occurs under four different 
conditions. Mild wear occurs if both contact pressure and sliding velocity are low and a thin oxide layer 
can prevent direct metal-to-metal contact between surfaces. At higher velocities a thicker and more brittle 
oxide film is continuously generated by the higher temperature at the asperity contacts and further direct 
metal-to-metal contact is prevented due to the protective wear debris. At higher loads a hard surface 
layer is formed on spesific steel surfaces and oxide film is supported by hardened substrate preventing 
further metallic contacts. At even higher sliding velocities increased interfacial temperature causes non- 
continuous oxide to deform plastically thereby insulating the metal but being hot enough to flow or melt 
partially. Last mechanism is also described as severe oxidational wear. Severe wear refers to the extent 
of oxidation, not the wear rate.

Lim et al. (1987) define also severe wear. Severe wear produces surface that is rough and deeply torn 
and the wear rate is usually high. There are three distinct sets of conditions, under which severe wear 
takes place. First is the delamination wear, which occurs when the contact pressure at low sliding 
velocities is high enough to rupture the thin oxide film so that metallic contact takes place. This causes an 
increase in plastic shear strain accumulated in the subsurface layer where cracks nucleate and grow 
parallel to the surface leading to flake-like debris formation. Second condition is when the load is high 
enough to penetrate the thicker but brittle oxide layers generated by asperity heating on soft subsurface 
layer. This will lead to metallic contacts and causing deep tearing of the surfaces. Third extremely severe 
condition is such, that the local temperatures reach the melting point of the steel. Wear rate is extremely 
high, although some surfaces may appear smooth because of the way the molten layer has flowed.

There are also other definitions for severe wear. Standard ASTM G 98 - 89 defines galling as a severe 
form of wear characterized by localized, macroscopic material transfer, removal or formation of surface 
protrusions when two solid surfaces experience relative sliding under load. ASTM G 98 - 89 defines a 
spesific test method to rank materials in their resistance to failure caused by galling and should be 
applied in screening materials for prototypical testing. Threshold galling stress is the stress midway 
between the highest non-galled stress and the lowest galled stress as defined in standard ASTM G 98 - 
89. Galling may most likely occur in intermittently operating slow moving sliding systems, such as 
threaded components, sealing surfaces of valves and pump wear rings.

6.2.9 Wear Mechanism Maps

Lim and Ashby (1987) presented wear-mechanism maps constructed using empirical data and physical 
modelling (Figure 6.12). Wear maps should be not regarded as precise, but as a summary of the current 
and imperfect understanding. Wear map is not an exact statement. In all cases many wear mechanisms 
are present. According to Lim and Ashby (1987) for each of the mechanisms interacting, wear rate is a 
function of normal force, relative velocity, initial temperature as well as thermal, mechanical and chemical 
properties of materials in contact. Data from different sources, using specimens of differing shapes and 
sizes can be correlated by using a normalized wear rate (Eq. 6.14), force (Eq. 6.15) and sliding velocity
(Eq. 6.16).

- и/
w=— (6.14)

An

F
F “ AnH0 (6.15)

(6.16)
a

In Equations 6.14 - 6.16 An is the apparent contact area of wearing surface, Fig is its room-temperature 
hardness, a is the thermal diffusivity and rg is the radius of the circular nominal contact area. Thus, 
normalized wear rate (Equation 6.14) is the volume lost per unit area of surface, normalized force
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(Equation 6.15) is the nominal pressure divided by the surface hardness and normalized velocity 
(Equation 6.16) is the sliding velocity divided by the velocity of heat flow. Diagrams are plotted using 
normalized force and normalized velocity as axes and with contours showing the value of normalized 
wear rate.
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Figure 6.12. Wear-mechanism map for a steel sliding pair using the pin on disc configuration. Contours represent constant normalized 
wear rates. Different fields show the wear-mechanisms. The wear rates in parentheses are the values when mild wear takes place. 

The shaded regions indicate a transition between mild and severe wear. (Lim and Ashby, 1987)

Lim and Ashby (1987) consider four classes of mechanisms, which are seizure, melt wear, oxidation- 
dominated wear and plasticity dominated wear. Seizure occurs when the real contact area becomes 
equal to the nominal one. Real contact area increases as load increases and hardness decreases. As the 
real contact area increases the friction coefficient increases. Occurrence of melt wear depends on the 
rate of frictional heat input, which is the sum of the rate of heat conduction into the pin (considering pin on 
disc configuration) and the heat absorption by the melting material. Wear rate is dependent on melting 
point of melting material, sliding velocity, real area of contact, applied force and so on. Oxidation- 
dominated wear depends mainly on sliding velocity. Oxidational-wear can be divided further to mild 
oxidational-wear and severe oxidational-wear. Mild and severe refer to the extent of oxidation, not the 
wear rate. Wear rate is often lower during severe oxidational-wear. Plasticity dominated wear can be 
divided to adhesion and delamination. Plasticity dominated wear occurs when sliding velocities are low 
enough to prevent remarkable surface heating and, thus, the oxidation rate is negligible. Frictional forces 
deform the metal surface shearing it in the sliding direction. Shearing causes plastic failure.

Lim et al. (1987) presented that wear-rate transition from mild to severe depend on load, velocity and 
sliding distance. The load-dependent transition from mild to severe wear is a result of the rupture of thin 
surface oxide film under increasing normal loads, while the velocity dependent transition from severe to 
mild wear is a result of the formation of hard martensitic surface layers. The distance dependent 
transition from severe to mild wear may be due to martensite formation at higher velocities, or to a 
combination of work hardening, surface oxide films and the smoothing out of initial surface roughnesses 
at lower velocities. In Figure 6.13 is presented a wear-transition map for unlubricated sliding of steel.
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6.3 Metallurgical Properties

6.3.1 Introduction
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Metallurgical properties influencing sliding wear are presented in Figure 6.14. The effect of each property 
of the wearing material depends strongly on the wear mechanism. Influence of several physical 
properties on sliding wear may be conflicting. Material transfer and formation of surface layers due to 
reactions with the environment or compacted wear debris welded together can substantially reduce or 
even cancel the effect of microstructure and its properties on sliding wear. These phenomena may 
enhance or reduce the wear intensity depending on the operating conditions. For example, an effect may 
occur in measuring threshold force for severe adhesion, but no effect or a reversed effect occurs in wear 
intensity. Sliding wear and its dependence on microstructure is much more complicated than abrasive 
wear, and less well understood. (Zum Gahr, 1987)
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Figure 6.14. Metallurgical properties influencing sliding wear (Zum Gahr, 1987).

6.3.2 Microstructure

Microstructure includes different phases and their distribution, crystal structure and grain size. Saka et al. 
(1977) studied the effect of second phase particles on wear of two phase metals using cylinder on 
cylinder test geometry. Tested materials were Cu-Cr-alloys. They concluded that good wear resistance 
can be obtained by introducing large volume fraction of small and coherent particles. Wear is balanced by 
decreasing deformation rate and increasing crack nucléation rate. Crack nucléation rate increases due to 
increased incoherency at the particle-matrix interfaces. Decreasing deformation rate was due to 
increasing hardness in precipitation hardening heat treatment. At maximum hardness the crack 
nucléation occured easily, and therefore the maximum wear resistance occured at aging times shorter 
than those leading to maximum hardness. As aging proceeds past the maximum hardness into overaging 
regime, cracks are easily nucleated, wear coefficient increases rapidly and crack propagation rate begins 
to control the wear rate. Wear rate increases as the mean free path between incoherent particles 
decreases.

Boas and Rosen (1977) studied resistance to severe wear of steels with a great variety of 
microstructures and properties. Wear was found to be independent of chemical composition, yield and 
ultimate tensile strength as well as ductility. Boas and Rosen (1977) found, that wear resistance is 
dependent on the homogeneity of microstructure and strain hardening coefficient The optimal condition 
is the distribution of hard particles in a matrix with relatively high strain hardening coefficient.

6.3.3 Hardness and Ductility

Role of hardness depends on acting wear mechanisms. According to Fleming and Suh (1977,1977b) 
increasing hardness in delamination wear will generally increase wear rate by decreasing the resistance



to crack propagation. According to Lim and Ashby (1987) decreasing hardness will increase the real 
contact area thereby increasing risk to severe wear and seizure.

Bian et al. (1993) studied the role of hardness of the friction pair on unlubricated sliding wear of steels 
using a pin on ring test. Pin material was AISI 1040 steel quenched and tempered into various 
hardnesses. Ring materials of AISI 4140 steel were also heat treated to various hardnesses. Bian et al. 
(1993) concluded, that wear rate of a pin depends mainly on hardness of the countersurface and shows 
very little if any dependence on its own hardness. When hardness of the pin was kept constant it was 
noticed, that in rings the wear rate and the amount of metallic wear debris increased and surface got 
more rough, as the hardness of the rings decreased. Results suggest that equation proposed by Archard 
cannot be applied in all situations. Pin on ring and pin on disc tests are sensitive to material selection. 
Result of the test is likely to change, if pin and ring (disc) materials are interchanged. Useful wear testing 
must therefore include simulation of the practical situation.

Capacity for deformation, or ductility, can be related to the material resistance to crack initiation and 
propagation. Usually increase in hardness leads to decrease in ductility. According to Boas and Rosen 
(1977) ductility does not affect severe wear resistance of steels, when materials with equal hardness are 
compared.
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6.3.4 Work Hardening

Boas and Rosen (1977) reported, that increasing strain hardening coefficient is an important factor in 
increasing resistance to severe wear of steels. Mechanically induced changes in microstructure can play 
an important role in friction and wear. Typical example of mechanical instability of a microstructure is the 
austenite to martensite transformation in austenitic stainless steels or Mn-C steels. The phenomenon is 
initiated by plastic deformation that can occur during sliding wear. Austenite to martensite transformation 
can improve the resistance to crack propagation, both during quasistatic loading (fracture toughness) and 
cyclic loading (fatigue) and also the resistance to grooving wear.

The general behaviour of a hard but brittle surface layer on a softer substrate during sliding contact is 
displayed schematically in Figure 6.15. The yield stress of material II is exceeded even by low applied 
stress and work hardening occurs. After running-in, the low applied stress exceeds the low stress of 
material II in a thin surface zone only, but is smaller than the flow stress of the material. The hard surface 
layer of a small thickness results in an enhanced wear resistance. A high applied stress does not exceed 
the flow stress of the hard surface layer of the material I, but substantially exceeds the yield stress of the 
substrate. The hard surface layer is not plastically deformed in contrast to the substrate. The plastic 
deformation of the substrate can give rise to a high strain gradient at the interface between the surface 
layer and the substrate. Hence, a hard but brittle surface layer fails by cracking. In general, the brittleness 
of hard surface layer increases with their thickness. It follows that, depending on the tribosystem, a hard 
surface layer can exhibit a critical thickness, below which the wear resistance is increased by reducing 
plastic deformation but above which the wear resistance is reduced due to occurrence of cracking. 
Increasing hardness of the substrate below the hard surface may increase the wear resistance. (Zum 
Gahr, 1987)

Figure 6.15. Schematic distribution of applied stress and flow stress of a material I coated by a hard surface layer and a material II 
without coating, as a function of depth below the surface loaded in dry sliding contact (Zum Gahr, 1987).
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6.3.5 Effect of Stacking Fault Energy

Stacking fault energy is related on strain hardening capacity of materials. General idea is, that as 
stacking fault energy decreases, the resistance to wear increases. Change in stacking fault energy 
affects on slip distribution. As the stacking fault energy decreases, slip becomes more difficult.

Suh and Saka (1977) studied the effect of stacking fault energy on delamination wear of single-phase fee 
metals based on data obtained with copper-based alloys, aluminum, nickel and AISI 304 austenitic 
stainless steel. They concluded that the stacking fait energy may affect the wear rate through its 
influence on hardness and crack nucléation and crack propagation rates. Wear rate is not a simple 
function of stacking fault energy. Feller and Gao (1989) have also studied the role of stacking fault energy 
on tribological and mechanical properties of Cu-AI alloys. They concluded that mechanical properties 
increased significantly when stacking fault energy decreased. Increasing mechanical strength decreased 
also the friction coefficient and wear rate (Figure 6.16). The tribological data was collected using a pin-on- 
cylinder test machine.

after 10000m

30 4 0 50
stacking fault energy [10~3J/m2]

Figure 6.16. Wear resistance as function of stacking fault energy of Cu-AI alloys in pin-on-cylinder 
testing machine. • pin and ° cylinder (Feller and Gao, 1989).

The role of stacking fault energy on galling and wear behaviour has been studied by Bhansali and Miller 
(1982) with cobalt-base alloys. They concluded that materials with low stacking fault energy and high 
stacking fault density tend to strain harden rapidly and to show highest resistance to galling.

6.3.6 Resistance to Crack Nucléation and Propagation

Effect of crack nucléation and propagation rate on wear is related to the delamination theory of wear by 
Suh (1973). The mechanism of delamination wear has already been described earlier. Results by Saka et 
al. (1977) suggest that resistance to crack nucléation and propagation has to be taken into account when 
wear resistance of materials containing second phase particles is studied. Resistance to crack nucléation 
and propagation can be enhanced by controlling the amount, size and distribution of hard second phase 
particles or inclusions.

6.4 Sliding Wear of Austenitic Stainless Steels

Dumbleton and Douthett (1977) studied the unlubricated adhesive wear resistance of metastable 
austenitic stainless steels containing silicon. The basic composition of the material was AISI 301 with 
three levels of silicon: 0,4 wt-%, 2,0 wt-% and 4,0 wt-% Si. Nickel was used to alter the metastability from 
very unstable to stable. Nickel levels were 7,4 wt-%, 8,6 wt-% and 12,2-14,7 wt-% Ni. The degree of 
metastability was studied by determining the mechanical properties and the percentage magnetism of
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each alloy as-annealed and after various cold reductions. They concluded that silicon additions to 
austenitic stainless steel (AISI 301) do not increase metastability or the tendency of austenite to 
transform to a' martensite during plastic deformation. Silicon additions increase the strength and 
hardness of as-annealed and as-work-hardened materials because of solid solution strengthening. 
Increase of silicon content improves the oxidation resistance. Metastability improves the adhesive wear 
resistance of austenitic stainless steels at low surface temperatures below M^ temperature. At low 
speeds and surface temperatures silicon content has little effect on wear resistance, except in the case of 
stable alloys undergoing severe wear. In that case high silicon content lowers severe wear rate due to its 
solid solution strengthening ability. At high speeds when surface temperature lies above temperature, 
the wear rate depends on the silicon content. Metastability has no effect on the wear rate of mildly 
wearing higher silicon alloys but tends to lower the severe wear rate of low silicon compositions. At high 
speeds and surface temperatures, good wear resistance appears to be due to good oxidation resistance.

Hsu et al. (1980) have studied friction, wear and microstructure of unlubricated austenitic stainless steels 
using block-on-ring wear testing machine. The study involved optical metallography, microhardness tests, 
X-ray diffraction, scanning electron microscopy, microprobe analysis and transmission electron 
microscopy. Materials were AISI 304, AISI 316 and Nitronic 60 steels sliding against AISI 440C steel. 
Compositions of the materials are presented in Table 6.1.

Table 6.1. Compositions (wt-%), hardness (Knoop, 15 g) and grainsize of tested austenitic stainless steels. 
Indications 'com" and "OR" mean materials suppliers (Hsu et al., 1980).

Alloy Heat no. C Ain Si s P Ni Cr Mo Co Cu N Hardness
(irai)

Uniloy 304, com G9885 0.066 1.62 0.52 0.024 0.024 8.58 18.53 0.15 0.09 0.15 0.030 165 • 229 65
Oak Ridge 304, OR B412958 0.052 1.26 0.48 0.015 0.028 9.50 18.60 0.32 0.10 0.20 0.048 263 - 304 74
A1 Tech. 316, com HT4T2796 0.025 1.65 0.42 0.025 0.030 13.75 17.70 2.27 0.19 0.37 0.029 113-133 78
Oak Ridge 316, OR HTS092297 0.060 1.84 0.57 0.018 0.024 13.40 17.15 2.34 0.10 0.20 0.031 148 -190 36
Armco Nitronic 60 656332 0.071 8.43 4.00 — 8.62 16.85 — — — 0.12 306 - 386 42

According to Hsu et al. (1980) formation of strain-induced martensite during sliding may be closely related 
to the generally poor tribological properties of austenitic stainless steels. Friction and wear behaviour of 
austenitic stainless steels depends on their stability with respect to martensitic transformation to e (hep) 
and/or a'(bcc) phases. Wear rates of both test block and ring of AISI 440C steel increase as the amount 
of hard a' martensite increases. The debris consists of larger amounts of fine irregular particles of a' and 
fewer particles with a layer-like structure. Some a' martensite appeared in all alloys tested and 
martensite amount was dependent on alloy stability. Stability of austenitic stainless steels depends 
sensitively on composition. Slight differences can affect the amount and morphology of a' and e phases. 
The composition affects the relative free energies of 7, e and a' phases as well as the stacking fault 
energy of the 7 phase. Stacking fault energy affects plastic deformation and the ease of formation of the e 
phase. The relative stabilities of the materials are presented in Table 6.2 and an idealized sketch of 
partitioning of a', e and 7 phases is presented in Figure 6.17. The relative amounts and the mechanical 
properties of these phases vary from one alloy to another and the variations can be correlated with their 
friction and wear response.

Table 6.2. Stability estimates for AISI 304, AISI 316 and Nitronic 60 steels. S1 and Sg are composition dependent values of stability.
Mg is critical composition dependent temperature for martensite formation during cooling. Мдо) is critical composition dependent 

temperature where 30 vol-% martensite has formed from austenite during deformation (Hsu et al., 1980).

Material S, [19] S2 [23] Ms [20] (*C) ЛГизо [17| CC)

304 com — 2.47 25.1 -220 -10.8
304 011 -1.62 26.1 -272 -17.1
316 com 1.50 30.6 —429a -42.4
316 OR 2.42 31.2 -452я —18.2
Nitronic 60 2.73 31.7 -03 Ia — 69

"These values are not physically attainable; they simply indicate increased stability com
pared with less negative values.
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Figure 6.17. An idealized longitudinal section of an austenitic stainless steel subjected to sliding wear. 
The arrow indicates the sliding direction.(Hsu et al., 1980)

Fine dislocation cells were observed near the wear surface of stainless steels. They were usually 
equiaxed but occasionally they were well aligned along the sliding direction. The dislocation arrangement 
of the material closest to the surface could not be well defined. The relative hardness of y, e and a' 
phases near the surface can influence the friction, wear rate and tendency to gall. Wear and galling can 
depend on these factors in different ways. The details will depend on the thickness of the transformed 
region and the gradient of hardness. If a hard surface layer which is unsupported by a hard enough base 
region is created at the surface during sliding, the material will have undesirable properties for at least 
three reasons:
- surface material will be more subject to fracture,
- the hard surface material will damage the opposing surface and
- continuing plastic deformation will be forced into the interior, leading to increased galling tendency.

According to Schumacher (1978) wear rate of a dissimilar couple never exceeds the rate of the poorer of 
the individual alloys as measured in self-mated tests. Dissimilar couple rates allways fall between the 
self-mated rates or are slightly better of the two (Figure 6.18). The statement "the higher the initial 
hardness, the better the wear resistance", is almost completely untrue for high strain hardening alloys. 
Prior cold work does not increase the wear resistance of austenitic alloys. Surface finish is not critical in 
systems where seizure does not occur and an equilibrium surface roughness can be established. 
Schumacher (1978) studied three alloys, martensitic, ferritic and austenitic alloy, and noticed that over 
the range of 0,1 to 1,8 pm surface finish of studied steels had no effect on wear of any three alloys.

Material and
Condition

Weight Loti, 
mg/1000 cycles

Self-Mated Couple
1. 17-1 PH.H900 53

66
17-1 PH. H1150 79

2. A1SI4130.H + 400 F (205C) 9
31

AIS14130.H + 1200 F (650 C) 290

3. T ype 430F. annealed 90
112

Type 430F, 60% cold $waged 151

4. Nitronic 60. annealed 3
17-1 PH.H900 53 5

5. Type 304. annealed 13
25

17-4 PH.H900 53

6. T ype 440C. H + 500 F (260 C) 4
12

17-1 PH.H900 53

7. Nitronic 60. annealed 3
5

17-1 PH. HI 150 79

8. Type 304. annealed 13
28

17-4 PH. HI 150 79

Figure 6.18. Weight loss in dissimilar couple (8 different couples) wear tests and self-mated tests (Schumacher, 1978).



67
Smith (1984) have studied friction and sliding wear of unlubricated AISI316 stainless steel at room 
temperature in air in the load range 8 - 50 N with a reciprogating wear rig. The flat specimen slide on 12 
mm dia. pin, end of which was fine turned to a spherical radius of 50 mm. The spesific wear coefficients 
(k) were calculated from Archard's equation. Smith concluded that the un lubricated wear of AISI 316 
stainless steel on itself at room temperature involves equal rates of wear of both pin and flat. At loads of 
8 - 50 N the volume of wear debris increased linearly with sliding distance (Figure 6.19). The spesific 
wear coefficient increased with load, saturating at about 5 x 10 "13 m3N"1m"i (Figure 6.20).
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Figure 6.19. Variation in debris mass with sliding distance for various loads in selfmating AISI 316 steel (Smith, 1984).
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Figure 6.20. Variation in spesific wear rate (k) of self mated AISI 316 stainless steel with load, к is 

calculated from Archard's equation (Smith, 1984).

Significant quantities of oxide with a spinel structure were detected in wear debris obtained after a long 
sliding distance at a load of less than 10 N and a' martensite was observed at both low and high loads. 
The amount of a' martensite increased with sliding distance at low load but decreased with increasing 
load. Composition of wear debris determined by X-ray analysis is presented in Table 6.3. According to 
Smith (1984) self mated wear of austenitic stainless steels occurs by a process of prow (wedge) 
formation of plastically sheared metal in local regions of interaction between sliding surfaces. Prows are 
formed by adhesive transfer of material from one surface to the other and have a multilayer structure. 
Each layer is composed of thin platelets formed by asperity interaction. The presence of martensite is not 
thought to influence the wear rate but may play a role in prow break-down. Wear debris is mainly 
generated from prows. There are two modes of prow deformation. At low loads prows break down to fine 
particles by repeated impact with each other. This is due to their reduced ductility, which is possibly



caused by oxygen pick-up and their high martensite content. Prows formed at high loads (> 30 N) appear 
to be more ductile and are flattened by repeated interaction. It is thought that cracking, caused possibly 
by fatigue, at the root of the prow base and overlaid material produce debris particles in the form of large 
flakes.
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Table 6.3. Composition of wear debris of AISI 316 stainless steel determined by X-ray analysis (Smith, 1984).

Sample details Phase composition (vol.%) Equation used

Specimen
number

Load (N) Sliding 
distance (m)

Martensite Austenite Spinel

1 21 0 - 160 40 60 ( A2)
970 - 1330 65 35 ( A2)

1330 - 1715 80 20 (Al)
2 8 2550 - 3318 50 20 30 (Al)
5 48 450 - 690 40 60 ( A2)

It has been hypothezised that effect of silicon on galling resistance Is related to its tendency to stabilize 
oxide film, which Inhibits the adhesion of asperities. The effect of microstructure Is still considered to be 
more Important (Sridhar, 1989). The main effect of silicon Is, thus, on decreasing the stacking fault 
energy.

According to Magee (1990) adding silicon to a high-manganese, nitrogen strengthened austenitic 
stainless alloy (16Cr-8NI-4SI-8Mn)1 produces a wear-resistant stainless steel. Silicon Increases the 
galling resistance, whereas manganese and nickel decrease the galling resistance. Silicon level must 
remain lower than 5 wt-% to maintain proper metallurgical structure. Too much silicon decreases also 
nitrogen solubility. Nickel Is needed to maintain strength.

Sridhar and Crook (1989) Introduced cobalt and silicon containing austenitic-ferritic steel (Haynes alloy 
8204) which has better galling resistance than that of Armco Nitronlc 60. The selfmated galling resistance 
of alloy 8204 compared to that of other alloys including Nitronlc 60 Is presented In Figure 6.21.
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Figure 6.21. The self-mated galling resistance of various alloys (Sridhar and Crook, 1989). 1

1 The amount of nitrogen was not mentioned.



The effect of cobalt and silicon on galling resistance is presented in Figure 6.22. According to Sridhar and 
Crook (1989) a minimum level of silicon of about 5 wt-% is needed for the highest galling resistance and 
a minimum in cobalt content is about 12 wt-%. Silicon level of 4 wt-% and cobalt content of 2 wt-% will 
increase galling resistance remarkably. Other factors affecting galling resistance are nickel content and 
amount of austenite. High nickel content or fully austenitic microstructure decrese the galling resistance. 
Sridhar and Crook (1989) concluded that fully austenitic structure obtained by high carbon content is 
detrimental to galling resistance. The effect of nickel or austenite on selfmated galling resistance is 
presented in Figure 6.23.
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Figure 6.22. Effect of silicon and cobalt on selfmated galling 
resistance of duplex steels (Sridhar and Crook, 1989).
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Figure 6.23. Effect of nickel or austenite content on self-mated 
galling resistance of duplex steel (Sridhar and Crook, 1989)

Sridhar and Crook (1989) concluded further that the effect of cobalt and silicon on galling resistance is 
based on lowering of the stacking fault energy. In an alloy which exhibited high resistance to galling the 
deformation mode below the worn surface was planar. Nickel increases the stacking fault energy and is, 
thus, detrimental to galling resistance. Presence of duplex structure provides numerous interfaces for 
pile-up of dislocations. The use of completely ferritic high silicon alloys is not possible due to extreme 
brittleness. Sridhar and Crook (1989) critizised the hypothesis that the effect of silicon on galling 
resistance is based on its film-forming tendency. The effect of microstructure diminishes the role of film 
formation on galling resistance.

Wei et al.(1991 ) have studied the effect of nitrogen implantation on wear behaviour of AISI 304 and AISI 
310 stainless steels using an oscillating pin-on-disc test. They concluded that implantation increases 
normal load at which the transition from mild to severe adhesive wear (galling) occurs. The transition from 
mild to severe wear occurs when the frictional shear force on an implanted layer, fractured by repeated 
stress cycling, becomes great enough to shear off this layer. The mild adhesive wear rate of nitrogen- 
implanted surfaces is low. Implantation also reduces the friction coefficients. The principal mechanism by
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which the layer develops its high hardness and durability appears to involve nitrogen-induced solid 
solution hardening. In Figure 6.24 is presented the effect of processing on AISI 304 surface 
microhardness. The result is strongly dependent on the intender load. Thus, the hardness even at the 
lowest load level is affected by the bulk hardness.
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Figure 6.24. Effects of processing on microhardness. Implantation (ions/cm2) was 
conducted at temperature 380 °C ± 50 °C (Wei et al., 1991)

The effect of normal load on the friction coefficient is presented in Figure 6.25. SS-pin is made of AISI 
304 stainless steel and WC-pins of tungsten carbide. The coefficient of friction increases with load at low 
loads which is probably due to removal of disc oxide layer. A sudden increase in the coefficients of 
friction of the implanted discs to values greater than those for unimplanted discs can be observed when 
critical loads are exceeded. WC pins have lower coefficients of friction probably because their adhesive 
forces are lower.

In Figure 6.26 is presented the effect of normal load on disc mass loss rate and roughness in lubricated 
condition. A sharp increase in roughness and mass loss rate can be observed in implanted discs when 
critical load is exceeded. It is assumed that critical load causes implanted layer failure by shearing and 
the pin comes into direct contact with material beneath the implanted layer.
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Figure 6.25. Effects of normal load, pin material and lubrication on friction coefficient of AISI 304 steel (Wei etal., 1991)
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Figure 6.26. Effect of normal load on AISI 304 disc mass loss rate and roughness (Wei et al., 1991 ).



6.5 Summary
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Wear rate of austenitic stainless steels is strongly affected by surface oxide films. Oxide film can prevent 
formation of adhesive bonds between contacting surfaces. This form of wear is called mild wear or 
oxidative wear. The load at which there is a transition from mild to severe wear (or galling) is called the 
transition load. This damage is easily visible and can be identified as a sharp increase in surface 
roughness. Galling can occur only after few cycles of movement and may result in seizure.

Factors affecting adhesive wear resistance of austenitic stainless steels are hardness, stability of 
austenite, second phase particles and stability of the oxide film. Hardness can be attained by work 
hardening. Factors mentioned above tend to increase the transition load required for severe wear to 
occur. Materials that have limited ductility are less prone to galling. For highly ductile materials asperities 
tend to deform plastically, thereby increasing the contact area of mated surfaces and eventually galling 
occurs. Formation of a'-martensite during sliding is considered to be detrimental on wear resistance, 
whereas e-martensite having close packed hexagonal structure may have a beneficial effect on wear 
resistance. Small, hard and coherent second phase particles distributed evenly in the matrix can 
substantially reduce the wear rate. If corrosion resistance is not important, nitriding offers an effective 
way to enhance wear resistance. Oxide films can reduce the wear rate, if they are thick enough and are 
supported by hard enough substrate.

Another important phenomenon during plastic deformation is the dislocation cross-slip. If cross-slip is 
easy, the resistance to galling is poor. The tendency for cross-slip of a given material is indicated by its 
stacking fault energy. High stacking fault energy indicates increased tendency to cross-slip. Thus, 
resistance to galling is enhanced by lowering the stacking fault energy. Nitrogen and silicon tend to lower 
the stacking fault energy. Strength and stacking fault energy are closely related to each other, i.e., 
strength generally increases as stacking fault energy decreases. This is mainly due to enhanced work 
hardening. Alloying of austenitic stainless steels for wear resistance should be done to minimize the 
stacking fault energy. Thus, nitrogen alloying provides an opportunity to develop new wear resistant 
austenitic stainless steels.



7. Abrasive Wear
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7.1 Types of Abrasive Wear

Abrasive wear is caused by hard particles or hard protuberances that are forced against and move along 
a solid surface. Wear generally involves progressive loss of material and is caused by relative motion 
between that surface and a contacting substance or substances. When two surfaces contact, wear 
occurs on both surfaces. The rate at which the surfaces abrade depends on the characteristics of each 
surface, the presence of abrasive between the surfaces, the characteristics of abrasive, the relative 
velocity of contact and environmental conditions. Abrasion is categorized according to type of contact as 
well as contact environment (Tylczac, 1992), Figure 7.1. Types of contact are two-body and three-body 
wear. Two-body wear takes place when an abrasive slides along a surface. Three-body wear occurs 
when an abrasive is caught between two sliding surfaces. According to Tylczac, 1992, two-body wear 
results in from 10 to 1000 times higher loss than three-body systems for a given load and path length. 
Contact environments are classified as either open (free) or closed (constraint). The wear rate is about 
the same for closed and open systems. Wear loss appears to be higher in closed systems, because most 
closed systems experience higher loads.

Machining

Plow penetrating sandy soil

Figure 7.1. Types of contact during abrasive wear, (a) Open two-body, (b) closed two-body, 
(c) open three-body and (d) closed three-body (Tylczac, 1992).

Abrasion is often further categorized as low stress, high stress or gouging abrasive wearffylczac, 1992). 
Low-stress abrasion occurs when the abrasive remains relatively intact. High-stress abrasion occurs 
when abrasive particles are crushed, for example, in a ball mill. In gouging abrasion a relatively large 
abrasive (rocks etc.) will cut the material that is not fully work hardened by the process, for example 
when rocks are crushed in a jaw crusher.
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7.2 Mechanisms of Material Removal

The mechanisms of material transfer are fracture, fatigue and melting (Tylczak, 1992). No single 
mechanism accounts completely for all material loss. In Figure 7.2 is shown some of the processes that 
are possible when an abrasive tip traverses a surface. Plowing is the process of displacing material from 
a groove to its sides. This requires only light loads and does not result in serious material loss. Damage 
occurs near the surface where material is being cold worked. Later scratch on the surface may result in 
loss through microfatigue. When the ratio of the shear strength of the contact interface relative to the 
shear strength of the bulk rises to a high level (from 0,5 to 1,0), a wedge can develop in front of an 
abrasive tip. Total amount of material displaced is then greater than the material displaced to the sides. 
The most severe form of wear for ductile materials is cutting. During the cutting process, the abrasive tip 
removes a chip, like a machine tool. This results in material removal, but very little material is displaced 
relative to the size of the groove. For a sharp abrasive particle in a critical angle there is a transition from 
plowing to cutting. The value of the angle depends on the abraded material. For ductile materials the 
mechanisms of plowing, wedge formation and cutting have been observed. When the degree of 
penetration, depth of penetration divided by the contact area, exceeds about 0,2, cutting is the 
predominant mode of wear. The maximum amount of wear that can occur may be described by (Tylczak, 
1992):

W = A-d, (7.1)

where W is the volume of material removed, A is the cross-sectional area of the groove and d is the 
distance slid. Archard's equation (Equation 7.2) has been found to apply in many cases of adhesive wear 
and also in abrasive wear. Archard's equation can be represented as follows (Tylczak, 1992):

W = (7.2)

where к is a constant, L is the load, d is the sliding distance and H is the hardness. Although abrasive 
wear is proportional to load, this effect will break down when the load is high enough to fracture the 
abrasive particles. If the forces are able to fracture the abrasive particles and create new sharp tips, wear 
rate can increase. If the abrasive particle tips are rounded, wear rate will decrease. Factors affecting к 
are hardness, elastic modulus, yield strength, melting temperature, crystal structure, microstructure and 
composition. Wear resistance is defined as a reciprocal of wear volume (Tylczak, 1992)

Khruschov (1974) defined a relative wear resistance (e) for austenitic steels, which can be presented as:

E = bH. (7.4)

Equation 7.4 can be used in comparison of test results, if all the tests are made with same abrasive. In 
equation H is the hardness of the abraded material and b is the coefficient of proportionality between e 
and H and is dependent on microstructure, heat treatment and amount of strain hardening in austenitic 
steels.
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Figure 7.2. Five processes of abrasive wear (Tylczak, 1992).

7.3 Effects of Abrasive and Environment

Change of the abrasive will change the wear rate. Characteristics of abrasive affecting wear behaviour 
are critical angle, hardness, toughness and the size. As the hardness of the abrasive exceeds the 
hardness of the abraded material, it is able to penetrate the surface and cut material without having its 
edges broken or rounded. Work hardening does not increase abrasion resistance if the hardness ratio of 
abrasive and abraded material is high. In some cases the wear resistance may even decrease due to 
cold work prior testing.If the hardness of abraded material is close to or exceeds that of abrasive, work 
hardening is effective and wear-resistance increases. Effect of ratio of the material hardness to abrasive 
hardness on abrasive wear is presented in Figure 7.3.

Figure 7.3. Effect of ratio of abrasive hardness (Нд) to material hardness (H^) on abrasive wear for 
austenitic steels, e is the relative wear resistance and 1/e relative wear. If Нд/Нм < Kq (zone I), then no 

wear takes place. If Нд/Н^ > K1 (zone III), the relative wear has a definite maximum and constant magnitude. 
In tests with Russian U8 steel it was noticed, that K1 = 1,3 - 1,7 and = 0,7 -1,1 (Khruschov, 1974).
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According to Khruschov (1974) relative wear rate is affected only by hardness ratio. Proportional wear 
rate depends not only on hardness ratio, but also on the nature, strength, shape, grain size and 
sharpness of the abrasive. The interaction of the test material and the abrasive is of special significance 
during impact abrasive wear. Toughness of the abrasive particles is an important factor during abrasion. 
Material loss will increase when the toughness of the abrasive increases. As the size of the abrasive 
increases (until a definite size), wear intensity rises approximately in direct proportion. Sharp edges of an 
abrasive remove material more effectively than rounded edges.

Temperature has only a minor effect on abrasive wear (Tylczak, 1992). Reason for this may be that 
during abrasion, small areas are adiabatically heated. At higher initial temperatures the metal flow stress 
is reduced, which results in less heating in the material during the abrasion process. Areas around the 
material being removed have similar temperature, independent of starting temperature, and similar 
abrasion rates. The rate of abrasive wear has been found to increase slightly with increasing speed in the 
range from 0 to 2,5 m/s. Increase may be attributable to frictional heating. The effect is small, because all 
the abrasion occurs in the near-adiabatic process. According to Khruschov (1974) abrasive wear rate is 
not influenced by friction if there is no heating.

Abrasive wear is enhanced by corrosive conditions, particularly in acidic solutions (Tylczak, 1992). 
Abrasion creates fresh surfaces which corrode rapidly, and the normally protective corrosion layer is 
removed by abrasion. The synergistic effect of an abrasive and a corrosive component may be even 
twice or more stronger than the effect of individual components added together.

7.4 Effects of Material Properties on Abrasive Wear

Effects of material properties depend on type of abrasive wear. If impacts are included, work hardening 
may have a strong contribution to abrasive wear. Rate of work hardening depends strongly on material. 
Low pressure abrasive wear demands different kind of material than high pressure or impact wear. 
According to Voronenko (1992) high manganese Hadfield steels are used in impact crushers mainly, 
because their surface hardness increases under pressure. Problem is, that at low loads manganese 
steels posses low abrasive wear resistance. Avery (1974) points out that the wear resistance of the steel 
Is proportional to the hardness of the worn surface. Hardness cannot be related directly to wear 
resistance. For high stress grinding abrasion the initial hardness is not an index of merit. Avery (1974) 
studied the effect of work hardening on the abrasion resistance of high manganese austenitic steels. He 
recommends that austenitic manganese steel should be selected for its toughness rather than its 
abrasion resistance. If work hardening includes the formation of martensite, the abrasion resistance 
becomes inferior. Avery (1974) pointed out, that best abrasion resistance can be achieved with a material 
having hard particles buried in ductile matrix. Results with white cast irons showed that best abrasion 
resistance can be achieved with appr. 30 vol-% of carbides.

Lenel and Knott (1987) related the wear resistance of austenitic steels and austenitic stainless steels to 
the high hardness developed at the surface during wear in pin-on-disc abrasion tests using abrasive 
paper as a disc material. Iwabuchi (1992) related abrasion resistance of austenitic stainless steel to their 
initial hardness and tensile strength. Using multiple linear regression analysis Iwabuchi presented 
Equation 7.5 to predict abrasion loss of austenitic stainless steels:

W[mø] = _ I960 S/-3989 Мл+ 189,2M-420,6Cr-284,8/V-16,158-17220 (7.5)

where all the elements are in wt-% except 8-ferrite content, which is in vol-%. Iwabuchi made the tests 
with a pin on disc type abrasive wear testing equipment.

According to Khruschov (1974) relative wear resistance correlates with the modulus of elasticity with 
technically pure metals. With commercial steels this kind of dependence does not apply. This is because 
the heat treatments do not affect modulus of elasticity, while abrasion resistance can be greatly affected 
by heat treatments.

According to Tylczak (1992) cubic metals wear at about twice the rate of hexagonal metals, which may 
be due to the lower work-hardening rate of hexagonal metals. The amount of wear depends also on 
orientation. It has been found that higher wear occurs along the <100> direction than <110> direction. 
Microstructure contributes strongly to abrasive wear. Austenite and bainite of equal hardness are more 
abrasion resistant than ferrite, pearlite or martensite. This is due to the higher strain-hardening capacity 
and ductility of austenite. Alloying has also an effect on abrasive wear. Addition of interstitial elements, 
such as carbon or nitrogen, increases the abrasion resistance. For substitutional alloy systems the



abrasion of alloys with complete solid solubility follows a law of mixing, where the abrasion is proportional 
to the relative amount of each alloy. Abrasion may also be affected by solidus temperature. Solidus 
temperature is attributed to local heating during abrasion. Thus, according to this idea materials with high 
solidus temperature are more resistant to abrasive wear than those with low solidus temperature. Second 
phase particles may enhance the resistance to abrasive wear. The formation of precipitates can cause 
an increase in hardness and yield strength. Nevertheless, small coherent particles often shear during 
plastic deformation, and the incoherent particles fail to block the dislocations that are generated. Thus, 
precipitation treatments are not generally a usefull way to decrease abrasive wear. Larger hard 
incoherent particles can be used to increase abrasion resistance. If the incoherent particles are larger 
than abrasive grains, they are effective in decreasing material loss. Softer material is cut away and the 
load is mainly transferred to hard particles. Incoherent particles are removed by abrasion of particles or 
by debonding between the matrix and the particles. When incoherent particles are smaller than abrasive 
grains and wear chips, they can be cut out with the matrix. If the abrasive grains are very small relative to 
the hard particles, and the spacings between particles are large, then the grains are able to undermine 
the hard particles, allowing them to fall out or be dislodged by occasional large abrasive grains. The 
particles should be hard, tough and blocky. Hard particles are harder to cut. Toughness makes them 
resistant to fracture. Blocky particles also reduce crack propagation and fracture, as compared with those 
that are plate- or rod-shaped. Effects of hard incoherent particles are summarized in Figure 7.4.
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Figure 7.4. Effect of orientation, size, elastic modulus, hardness, and brittleness of second phase on abrasive wear. 
Increasing surface area, size, modulus of elasticity, hardness and toughness of the second phase particles relative to 

abrasive increase the wear resistance. (Tylczak, 1992).

7.5 Summary

The most important factor determining the rate of abrasive wear is the hardness of the abrading 
substance. Because common contaminants have hardnesses higher than 1000 HV (silica) the abrasive 
wear cannot be totally eliminated by material selection. Abrasive wear can only be minimized. Initial 
hardness may only serve as a merit for homogeneous materials, such as ceramics, plastics and metals. 
To minimize the abrasive wear there is a need for materials that are hard and ductile. The best way to 
achieve a combination of these counteracting properties is to use composite material. Hard and large 
second phase particles in a ductile matrix will produce an abrasion resistant material. With high nitrogen 
austenitic stainless steels this may be possible to obtain with massive nitrides, such as ON, O2N, VN 
and NbN.
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8. Corrosion Resistance of High Nitrogen Austenitic Stainless Steels

According to Fontana (1986) metals or alloys that depend on oxide films or passive films for corrosion 
resistance are particularly susceptible to pitting and crevice corrosion. Passive films are destroyed by 
high concentrations of chloride or hydrogen ions and local dissolution rate of metal increases markedly. 
Osozawa and Okato (1975) reported about the beneficial effect of nitrogen alloying on initiation of pitting 
in stainless steels. The effect of nitrogen is greater if the elements with high passivating ability, such as 
chromium and molybdenum are present. Osozawa and Okato (1975) include also nickel among the 
elements with high passivating ability. Nitrogen alloying was found to be beneficial in stable austenitic 
stainless steels and ferritic-austenitic duplex stainless steels. According to Kearns (1985) addition of 0,1 - 
0,25 wt-% nitrogen in molybdenum containing austenitic stainless steels improves the resistance to 
localized corrosion, but does not affect significantly general corrosion attack. Nitrogen, chromium and 
molybdenum have synergistic effects on localized corrosion resistance. According to Speidel (1991) 
nitrogen can also increase the general corrosion resistance.

8.1 Passivity

According to Fontana (1986) passivity is defined as a loss of chemical reactivity as the result of a surface 
film. It is estimated that film is only approximately 30 Å or less thick, contains hydration water and is 
extremely delicate and subject to changes when removed from a metal surface or when the metal is 
removed from a corrosive environment. In the passive state the corrosion rate of a metal is very low. The 
passive state is often relatively unstable and subject to damage. Passivating metal demonstrates S- 
shaped dissolution curve. In Figure 8.1 is presented typical anodic behaviour of an active-passive metal. 
Dissolution rate increases exponentially in the active region. At passive region dissolution decreases to a 
very small value and remains independent of potential over a considerable potential range. The decrease 
in dissolution rate is due to the passive film formation just above the passivation potential Epp. Finally, at 
transpassive region dissolution rate increases again with increasing potential. Transpassive region is 
caused by destruction of the passive film at very positive potentials. Important parameters are the 
passive potential Epp and the critical anodic current density lc for passivity. Temperature and hydrogen- 
ion concentration tend to increase the critical anodic current density and usually have relatively little effect 
on the passivation potential and passive dissolution rate. In the case of stainless steels a similar effect is 
noticed upon increasing chloride content of the test solution.

Many passive films grow according to logarithmic rate law (Eq. 8.1) or inverse logarithmic law (Eq. 
8.2)(Fontana, 1986):

L = A + B\nt (8.1)

— = C- Dint 
L

(8.2)

In Equations 8.1 and 8.2 L is the film thickness and A, B, C and D are constants. There are many 
theories on passive film formation. One way to explain passivity is the so called point defect model. 
Fontana (1986) explains that the basis for the point defect model is films of highly defect structures with 
principal defects being cation vacancies, anion vacancies, electrons and holes. The reactions at the 
metal-film and film-solution interfaces are assumed to be In quasi-equilibrium. During film growth anion 
vacancies are created and consumed at the metal-film and film-solution interfaces, respectively. Cation 
vacancies are created at the film-solution interface but are consumed at the metal-film interface. 
Movement of cations from the film-solution interface towards the metal leads to metal dissolution. Electric 
field strength within the film is assumed to be constant and is independent of film thickness and applied 
voltage. The field is buffered by the cogeneration of electron-hole pairs, with each species moving in the 
appropriate direction to counter the field. The logarithmic law for the growth of thick films (L > 5 Å) is:

In2/<4(S-1) + Inf 
2 К

(8.3)

where К =—, e is the electric field strength and A and В are constants depending on the fundamental 
Hi

electrochemical and thermodynamic parameters of the system. In Figure 8.2 are presented processes 
assumed to occur during the anodic growth of passive films according to the point defect model.
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Figure 8.1. Anodic dissolution of an active-passive metal. When current density equals to the exchange current density i0, the 
oxidation and reduction reactions of metal are in equilibrium. When potential is increased above Е(^|у^+ (active region), the dissolution 
rate of metal increases exponentially. In passive region (E > Epp) the dissolution rate decreases and remains independent of potential. 

Ic is the critical anodic current density for passivity and Epp is the primary passive potential (Fontana, 1986).

SolutionMetal

m M,

Vö + H20^m + V

Figure 8.2. Processes assumed to occur during the anodic growth of passive films according to the point defect model. m= metal atom, 
MM = metal cation in cation site, 0Q= oxygen ion in anion site, VMx1= cation vacancy and V¿= anion vacancy (Fontana, 1986).

8.2 Effect of Alloying on Passivity of High Nitrogen Austenitic Stainless Steels

Speidel (1991) lists four different hypothesis of the effect of nitrogen on passivity of stainless steels. The 
first hypothesis presented by Osozawa and Okato (1976) and Jargellus and Wallin (1986) Is that nitrogen
dissolves during the corrosion reaction to form NH4 in a pit or crevice, raising the pH value close to the 
metal surface. This would render those electrolytes less agressive which tend to acidify In local corrosion 
reactions due to hydrolysis. Ammonia formation has been observed during the corrosion of high nitrogen 
steels. The second hypothesis originally presented by Lu et al. (1983) states that the Improvement In 
passivity by alloying with nitrogen arises from nitrogen segregated to the metal surface as other metal 
elements dissolve leaving a nitrogen enrichment at the surface. Lu et al. studied stainless steels with 
0,04-0,44 wt-% N, 20,5-24,3 wt-% Cr, 19,9-24,65 wt-% Nl and 6,06-6,19 wt-% Mo. The role of 
molybdenum remained obscure. In Figure 8.3 Is presented the Auger spectra showing the nitrogen peak 
at a point where the oxygen signal has fallen substantially below Its level In-the outermost part of the film.
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Figure 8.3. Auger depth profile revealing nitrogen peak in passivated 
24.3CM 9,9Ni-6,06Mo-0,44N steel (Lu et al., 1983).

The third hypothesis (Speidel, 1991) is that nitrogen is incorporated into the passive oxide film to form a 
dense protective oxynitrided layer. Experimental evidence has revealed that the protective layer is 
composed of (Fe.Cr^N, (Fe,Cr)2_3N and CrN in the inner layer, РезОз, O2O3 together with nitrides in 
the middle layer and nitrides, y-FeOOH and Сг(ОН)з*Н20 in the outermost layer. The fourth hypothesis 
states that nitrogen in the steel dissolves to form nitrites or nitrates which might act as inhibitors locally.

Clayton and Martin (1988) studied the influence of N additions to AISI 304 and 317LX stainless steel 
using XPS and electrochemical analysis. They concluded that nitrogen segregates anodically on the steel 
surface. As nitrogen becomes enriched on anodically dissolving surface, a new surface phase is formed. 
This new surface phase is nitride and its formation is affected by local chemical environment in the alloy. 
The dissolving metals were suggested to be iron and nickel. Nitrogen is segregated in a Cr and Mo 
enriched surface layer. At appropriate potential and interfacial pH the nitride phase is expected to 
passivate forming a Cr and Mo mixed oxide film. Nitrogen was found to be more effective in the more 
acidic SO4” / СГ environments than in less acidic. This was explained by the formation of a prepassive 
salt-film (NH4 )2 SO4, which dissolves rapidly but helps the development of the passive film by inhibiting
Cl' ion ingress. The formation of sulphate film relies on the competitive adsorption of SO4- relative to Cl. 
Cl" ions are eventually capable dissolving the prepassive film. Passive film formation occurs in 10"3 
seconds. Thus, the lifetime of prepassive film does not need to be long. Clayton and Martin found NH3 in 
the passive film and suggested that the initial passive film may result from the solid-state reaction of the 
nitride phase with water. Thus, the prepassive film must be permeable to water to enable a passive film 
to develop underneath while Cl" ions are selectively repelled.

Willenbruch et al. (1990) studied the influence of molybdenum and nitrogen on the passivity of austenitic 
stainless steel using anodic potentiodynamic polarization and XPS. Nitriding or nitrogen alloying 
enhances selective dissolution of iron. Both nitrogen alloying and nitriding of stainless steel appeared to 
produce a kinetic barrier consisting of an outer oxide-based film and an interfacial interstitial nitride 
phase enriched with Cr and Ni or Cr, Mo and Ni. Ni was found to be an important component to a mixed 
nitride phase, allthough the nitride formed on Ni has no beneficial effects on anodic kinetics. The effect of 
Mo is beneficial.

Olefjord and Clayton (1991) studied steels containing 1,47-1,77 wt-% Mn, 0,41-0,62 wt-% Si, 16,7-20,46 
wt-% Cr, 8,49-24,65 wt-%Ni, 0,36-6,30 wt-% Mo, 0,01-1,48 wt-% Cu and 0,027-0,050 wt-% N using 
ESCA. They concluded that nickel, molybdenum and nitrogen are strongly enriched in the alloy surface 
layer during both active dissolution and passivation. The passive film consists of an inner chromium oxide 
film containing Mo4+, Fe2+ and Fe3+ and an outer chromium hydroxide layer containing Mo6+. Ion 
content vs. etch depth is presented in Figure 8.4. Nitrogen may be responsible for enhancing the anodic 
segregation of Cr and Mo at the alloy surface and for enriching the passive film with Mo. Both Mo and N 
act to inhibit anodic dissolution and pitting.
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Figure 8.4. Ion content of an austenitic stainless steel 18Cr-14,3Ni-2,5Mo as
function of etch depth polarized at 500 mV (Olefjord and Clayton, 1991).

The synergistic effect of nitrogen and molybdenum in improving the pitting resistance of stainless steels 
has been explained by Lu and Ives (1992). They studied inhibition of transpassive reactions of 
molybdenum by nitriding In deaerated 0,1 M HCI solution. Nitriding produced M02N on the molybdenum 
sample. In Figure 8.5 Is presented cyclic potentiodynamic polarization curves of pure molybdenum and 
nltrided molybdenum obtained with a conventional electrochemical cell. It can be seen that the 
transpassive reactions are Inhibited by nitriding. Transpassive reaction products are Mo5+ and Mo6+ 
oxides. Molybdenum was detected in the outer layer of passive films as molybdate, which enhances the 
bipolarity of the passive film. Mo4+ oxide and oxyhydroxide were detected in the inner side of the passive 
film. Previously Mo6+ had been found in the passive film. It was concluded that the molybdate precipitate 
layer prevents water from reacting further with the underlying Mo4+ and therefore hinders the 
transpassive reaction of molybdenum. Nitrogen segregates in steels during anodic polarization to the 
alloy surface. The concentration of nitrogen can be as much as 7 times the bulk concentration, which can 
lead to surface nitrides. Thus, it was concluded that the effect of nitrogen on passivity is due to the 
formation of surface nitrides on anodically polarized stainless steel. This will Inhibit the transpassive 
dissolution of molybdenum and retain molybdenum In the passive layer.

O.l M HCI. deaerated with nitrogen
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Figure 8.5. Cyclic potentiodynamic polarization curves of pure Mo and 
nitrided Mo in deaerated 0,1M HCI solution (Lu and Ives, 1992).
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Pitting is an extremely localized corrosion attack which results in holes in the metal. Corrosion precesses 
within a pit produce conditions which are both stimulating and necessary for the continuing activity of the 
pit. In Figure 8.6 is illustrated how metal M is being pitted by an aerated sodium chloride solution. Rapid 
dissolution occurs within the pit, while oxygen reduction takes place on adjacent surfaces. This process is 
self-stimulating and self-propagating. The rapid dissolution of metal within the pit tends to produce an 
excess of positive charge in this area, resulting in migration of chloride ions to maintain electroneutrality. 
Inside the pit is a high concentration of MCI and hydrogen ions, which are produced by hydrolysis. Both 
hydrogen and chloride ions stimulate the dissolution, and the entire process accelerates with time. No 
oxygen reduction occurs within the pit, because the solubility of oxygen in concentrated solutions is 
virtually zero. Pits cathodically protect the rest of the metal surface, because the cathodic oxygen 
reduction on the surfaces adjacent to pits tends to suppress corrosion.

Figure 8.6. Autocatalytic processes occurring in a corrosion pit (Fontana, 1986).

Pitting is usually associated with stagnant conditions. If the velocity of corrosive is high enough, the 
pitting attack is often decreased. Stainless steels are susceptible to pitting corrosion. Severe cold-work 
increse the pitting attack. Pitting and localized corrosion are less likely to occur on polished than on 
ground surfaces. (Fontana, 1986)

8.4 Effect of Alloying on Pitting Corrosion of High Nitrogen Austenitic Stainless Steels

Effects of alloying on pitting corrosion resistance of stainless steels are presented in Figure 8.7. Osozawa 
et al. (1975) studied the effects of alloying elements on pitting corrosion of stainless steels. They found 
that nitrogen enhances the resistance to pitting corrosion along with molybdenum, chromium and nickel. 
Manganese was found to be harmful alloying element. Increasing the manganese content more than that 
of conventional stainless steels did not enhance its harmful effect. The effect of manganese can be 
related to its tendency to form sulphides. Corrosion resistance of inclusions in austenitic stainless steel as 
a function of manganese content is presented in Table 8.1.
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Figure 8.7. Effects of alloying on pitting resistance of stainless steels 
in chloride solutions (Sedriks, 1987).

Table 8.1. Corrosion resistance of inclusions in 10% РеС13-6Н20+3,5%НС1 at 40 °C as a function of manganese content 
*) R = resistant, C = corroded. **) Determined by electron micro-probe analysis (Osozawa etal, 1975).

X Mn content
C/o)

Type
of inclusion.

0.04 0.47 1.13 1.67 2.30

(Cr, Mn)S R R C C C
(Cr content 

in the
sulphide)** (35%) (28%) (8.5%) (6%) (4.5%)

СггОг-SiOs R R — — —

MnO-SiO» — C C 'C C

Osozawa et al. (1975) found silicon and tungsten to be beneficial alloying elements to pitting corrosion 
resistance of the stable austenitic stainless steels if added with molybdenum. In the presence of silicon, 
manganese silicates were formed even with small additions of manganese (0,47 wt-%). Copper was 
favourable in the Mo-free steel, but not effective in the Mo-bearing steel. Effects of alloying elements on 
pitting corrosion resistance of austenitic stainless steels are presented in Table 8.2.



ТаЫе 8.2. Effects of alloying elements on pitting corrosion resistance of austenitic stainless steels 
in different environments (Osozawa et al., 1975).
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Osozawa and Okato (1986) studied steels that contained 17-25 wt-% Cr, 22 wt-% Ni, 1,5 wt-% Mo, 0,5 
wt-% Mn, 0,4-0,7 wt-% Si and 0,018-0,24 wt-% N. They concluded that the beneficial effect of nitrogen on 
resistance to pitting corrosion is due to its ability to prevent lowering the pH value in the early stage of pit 
formation by consuming proton when dissolving in the pitting solution. Nitrogen, thus, helps to passivate 
the pit before it becomes large.

Jargelius and Wallin (1986) studied the effect of nitrogen on the localized corrosion resistance of CrNi 
and CrNiMo austenitic stainless steels and found the similar mechanism as Osozawa and Okato.
Nitrogen has a beneficial effect on pitting and crevice corrosion resistance in NaCI solutions, particularly 
in the Mo-alloyed steels. Jargelius and Wallin (1986) found ammonium ions within pits and crevices and 
therefore suggested, that nitrogen combines with hydrogen ions in a pit or crevice, raising the pH value 
close to the metal surface and facilitiating repassivation.

Speidel (1991) has reviewed the role of nitrogen as an alloying element in stainless steels. Molybdenum 
is added to stainless steels to hinder localized corrosion attacks - pitting corrosion and crevice corrosion. 
Nitrogen as an additional alloying element can further reduce several corrosion forms, such as general 
corrosion, pitting corrosion, crevice corrosion and stress corrosion cracking. Alloying trend goes generally 
to higher amounts of chromium, molybdenum and nitrogen. A so called pitting resistance index (PRE) 
has been employed to describe the resistance of stainless steels to localized corrosion attack. PRE-index 
is usually written as:

PRE = (wt - %Cr) + 3,3 • (wt - °/oMo) + 30 • (wt - %N). (8.4)

Correlation of critical pitting corrosion temperatures of stainless steels obtained in aqueus FeCtø solution 
with PRE is presented in Figure 8.8.
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Figure 8.8. Correlation of critical pitting corrosion temperatures of 
stainless steels in aqueous FeClg solution with PRE (Speidel, 1991).

Potentiodynamic tests have shown that the critical pitting potential depends on nitrogen content as can 
be seen from Figure 8.9.
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Figure 8.9. Effect of nitrogen content in solid solution on the pitting potential of 18Cr-18Mn 
austenitic stainless steel in dilute chloride solutions at ambient temperature (Speidel, 1991).

Effects of alloying elements on pitting potential are summarized in Figure 8.10. Nitrogen, molybdenum 
and chromium have the strongest effect on raising the pitting potential, whereas nickel, manganese and 
carbon have a negative effect.
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Figure 8.10. Effect of alloying elements on pitting potential of stainless steels 
with 18 wt-% Cr in dilute chloride solutions (Speidel, 1991).

According to Fontana (1986) the point defect model has been extended to account for the effect of minor 
alloying elements, such as molybdenum, on the pitting behaviour of ferrous alloys. The model is called 
solute-vacancy interaction model (SVIM) and it is based on the idea that highly charged solutes in the 
passive film can form complexes with the negatively-charged cation vacancies. Analysis of this model 
has shown that complex formation decreases not only the concentration of free cation vacancies in the 
film but also the diffusivity of these species. Both of these phenomena lead to an increase in the 
breakdown potential and to an Increase in the induction time. The initiation of pitting explained by the 
point defect model may be due to the accumulation of cation vacancies to form a cation vacancy 
condensate at the metal-film interface. Once the condensate reaches a critical size, mechanical instability 
occurs and pitting attack starts. Passive film breakdown according to the point defect model is presented 
in Figure 8.11. The flux of cation vacancies across the film is a result from the absorption of halide ions 
into oxygen ion vacancies at the film-solution interface followed by the Schottky pair reaction to generate 
cation vacancies.

SolutionMetal

Cation ejection

Schottky 
pair reaction

Migration

u„>
Anion absorption

Cation
vacancy
condensate

Figure 8.11. Processes leading to the breakdown of passive films according to the point defect model (Fontana, 1986).
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According to Fontana (1986) crevice corrosion occurs in two stages (Figures 8.12 and 8.13). The overall 
reaction involves the dissolution of metal M and the reduction of oxygen to hydroxide ions, which occurs 
uniformly over the entire surface, including the interior of the crevice. The reactions can be described

M->M+ +e-

02 + H20 + Ae~ —> 4 OH~
(8.5)

Figure 8.12. The initial stage of crevice corrosion (Fontana, 1986).

Oxygen is initially depleted from the crevice because of restricted convection and oxygen reduction 
ceases in this area. This does not cause any change in corrosion behaviour, because the overall rate of 
oxygen reduction due to small area of crevice remains almost unchanged. The rate of corrosion within 
and without the crevice remains equal. Oxygen depletion has an indirect influence, which becomes more 
pronounced with increasing exposure. After oxygen is depleted, no further oxygen reduction occurs, 
although the dissolution of metal M continues as shown in Figure 8.13. This produces an excess of 
positive charge in solution (M+), which is necessarily balanced by the migration of chloride ions into the 
crevice. This results in an increased concentration of metal chloride within the crevice. Metal salts 
hydrolyze in water:

M+CI~ +H20 = M0H + H+Cr. (8.6)
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Figure 8.13. The later stage of crevice corrosion (Fontana, 1986).

Both chloride and hydrogen ions accelerate the dissolution rate of most alloys. These are both present in 
the crevice as a result of migration and hydrolysis and the dissolution rate of M is, thus, increased. 
Effects of geometrical and electrochemical parameters on crevice corrosion are presented in Table 8.3.

Table 8.3. Effects of geometrical and electrochemical parameters on crevice corrosion resistance (Fontana, 1986).

Parametert

Increasing parameter 
causes crevice corrosion 
resistance to:

Critical anodic current density. /,. Decrease
Crevice width. >v Increase
Passive potential range. Lr Increase
Active potential range. £tf Decrease
Solution specific resistance. /> Decrease

According to Speidel (1991) crevice corrosion data can be correlated in a similar way as the pitting 
corrosion data with the pitting resistance equivalent. In Figure 8.14 is illustrated how critical crevice 
corrosion temperature of stainless steels in aqueous FeCIs solution is about 20°C lower than the critical 
pitting corrosion temperature.
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Figure 8.14. Critical crevice corrosion temperature of stainless steels in aqueous 
FeClg solution correlated with the pitting resistance index (Speidel, 1991).

8.6 Effect of Microstructure on Localized Corrosion of High Nitrogen Austenitic Stainless Steels

According to Sedriks (1987) localized corrosion can be a direct consequence of the presence of certain 
microstructural features. These features are presented in Figure 8.15. Inclusions which have been 
identified in stainless steels as sites for pit Initiation are sulfides, mainly manganese sulphides, delta 
ferrite, chromium depleted zones around carbides and nitrides and chromium and molybdenum depleted 
zones around sigma or chi phases. Pit nucléation at manganese sulphide Inclusions In stainless steel is 
presented In Figure 8.16. Attack begins with the formation of chloride layer over the defected area and 
continues by hydrolysis of the chloride leading to acidification. The acid dissolves the defective film and 
begins to attack the manganese sulphide inclusion and the matrix. The attack is then hindered If the 
repasslvatlon of the matrix can occur. As soon as the acidity reaches its critical value the attack 
continues. The presence of hydrogen sulphide will also hinder the attack. Laser melting or passivation 
with nitric acid and sodium dlchromate solution are reported to Increase the pitting resistance by 
removing the surface sulfides. Producing steels from rapidly solidified powders has also been found to 
improve pitting corrosion resistance by decreasing the size of Inclusions. Manganese sulphide Inclusions 
have also a strong effect also on crevice corrosion.
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Figure 8.15. Schematic presentation of different metallurgical variables affecting 
the localized corrosion behaviour of stainless steels (Sedriks, 1987).
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Figure 8.16. Pit nucléation and development at manganese sulphide inclusions in stainless steel (Sedrfcs, 1987).

8.7 Effect of Nitrogen on General Corrosion Resistance

Nitrogen has not been observed to have a significant effect on corrosion resistance in environments that 
do not induce pitting (Kearns, 1985). Exception is made with high nitrogen contents (0,3-0,35 wt-%) in 
reducing acids. In Table 8.4 is presented test results of steels AISI 316 (18,5Cr-13Ni-3,3Mo-0,03N), 
AL6X (20,25Cr-24,5Ni-6,25Mo-0,03N) and AL6XN (20,75Cr-25Ni-6,5Mo-0,2N) for general corrosion 
resistance in different acids and salts. It dan be seen, that the performance of AL6XN is not consistently 
better than that of AL6X in the organic acids, reducing acids and salts. In acetic acid and reducing 
phosphoric acid the beneficial effect of nitrogen can be clearly seen. Kearns and Deverell (1987) tested 
the effect of nitrogen alloying to improve the corrosion resistance of FeCrNiMo alloys. Analyses of the
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alloys are presented in Table 8.5. Kearns and Deverell noticed that the effect of nitrogen on corrosion 
resistance of FeCrNiMo alloys in oxidizing acids (such as nitric acid) is not strong. Corrosion resistance of 
FeCrNiMo alloys in nitric acid is directly dependent on alloy chromium content. In Figure 8.17 is 
presented corrosion rate of different alloys vs. nitrogen content in 65% nitric acid solution. Kearns and 
Deverell (1987) found that the effect of nitrogen on corrosion rate in reducing and nonoxidizing acids is 
only slight, as can be deduced from Figures 8.18 and 8.19. Nitrogen increases corrosion resistance 
clearly only in acetic acid and reducing phosphoric acid. In reducing and nonoxidizing acids the corrosion 
behaviour of FeCrNiMo alloys is mainly dependent on the amount of molybdenum, nickel and tungsten. In 
less aggressive HCl, H2SO4 and H3PO4 environments the role of chromium is important. According to 
Speidel (1991) nitrogen can increase the resistance to general corrosion. From Figure 8.20 it can be seen 
how nitrogen effectively reduces the general corrosion rate of stainless steels in acids.

Table 8.4. Corrosion rates of AISI 316, AL6X and AL6XN steels in different environments (Kearns, 1985).

Teet Solution 
( Bo tllng)

Corrosion Race In M’Y (aua/у)

Type 316 AL 6X
Alloy

AL OXN
Al lov

20« Acetic AC Id 0.12 1.20 0.14
(CO.Ol) (0.03 1) (0 .UO4)

O« fonal c Acid 10.42 6.01 4.55
(0 .27 7) (0.153) (0.116)

10X Oxalic 40.1 Hi.82 10.92
Ac Id (l .02) (0 .27 5) (0.277)
20Z Phosphoric 6.46 2.04 0.26
AC id (0.177) (0 .052) (0 .00 7)

ЮХ Suifaelc 63.6 20.63 29.57
AC td (1 .02) (0.525) (0.751)
lOZ Sulfuric Add 372 1 10 84.4

(9 Л5) (2.80) (2.14)
1 OZ Sod lua 1.1.64 13.59 23.96
Bisulfate (1 -06) (0 .340) (0 .009)
SOX Sod lua 123 21.38 15.93
Hydroxide (3.12) (0.55) (0 .40 5)

Table 8.5. Analyses of five different FeCrNiMo alloys used in tests made by Kearns and Deverell, 1987.

UNS No. Composition (wt%)

C Cr Ni Mo N Cu

S31703 0.025 18.50 13.25 3.25 0.05 0.25
S31725 0.025 18.50 14.50 4.20 0.05 0.25
S08904 0.020 20.50 24.50 4.50 0.05 1.50
N08366 0.020 20.50 24.50 620 0.05 0.20
¡08367 0.020 20.50 24.50 620 020 0.20

-
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Figure 8.17. The effect of nitrogen on corrosion rate of different FeCrNiMo alloys in 
65% nitric acid. The samples were 0,17 cm thick and fully annealed (Keams and Deverell, 1987).
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Figure 8.18. Effect of nitrogen on corrosion rates of FeCrNiMo alloys in 
different boiling organic acid solutions (Keams and Deverell, 1987).
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Figure 8.19. Effect of nitrogen on corrosion rates of different FeCrNiMo alloys 
in different reducing solutions at boiling point (Keams and Deverell, 1987).
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Figure 8.20. Effect of nitrogen on corrosion rate of austenitic stainless 
steel in acidic solution (Speidel, 1991).
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9. Flow-Induced Corrosion of Austenitic Stainless Steels

9.1 Introduction

Erosive wear can be subdivided according to Figure 9.1. Erosive wear is caused by sliding or impact 
action of solids, liquids, gases or a combination of those. Blast erosion is caused by solid particles. The 
angle of incidence of the particles to the surface influences the wear and can change the wear 
mechanism. Flush erosion (or slurry erosion) is caused by liquid stream which carries solid particles. 
Erosion occurs either when the material moves at certain velocity through the slurry or when the slurry 
moves past the material at a certain velocity. The erosion due to multiple impact of particles is presented 
in Figure 9.2. Figure 9.2 applies in the case of blast erosion but same kind of behaviour can be observed 
in flush erosion. Rain erosion is caused by liquid drops colliding the surface. Thermal erosion includes 
electrochemical processes which cause material loss by melting or evaporation due to action of 
mechanical, thermal, electrical or magnetic forces. Erosion corrosion is simultaneous action of erosive 
and corrosive processes. According to Fontana (1986) erosion corrosion is an acceleration in rate of 
deterioration or attack on metal because of relative movement between a corrosive fluid and the metal 
surface. Movement is quite rapid and mechanical wear effects are involved. Metal is removed from the 
surface as dissolved ions, or it forms solid corrosion products that are mechanically swept from the metal 
surface. Sometimes movement of the environment decreases corrosion, particularly when localized 
attack occurs under stagnant conditions, but this is not erosion corrosion because deterioration is not 
increased. Failures because of erosion corrosion occur in a relatively short time and they are unexpected 
largely because corrosion tests were made under static conditions. Erosion corrosion is characterized in 
appearance by grooves, gullies, waves, rounded holes and valleys and usually exhibits a directional 
pattern. According to Weber (1992) erosion corrosion is a function of flow, corrosion and properties of 
metal and electrolyte. The extent of corrosion is strongly dependent on mass transfer conditions. Any 
acceleration of mass transfer can lead to accentuation of corrosion. Convection will influence mass 
transfer and, thus, corrosion. The word erosion corrosion is often used misleadingly and the term "flow- 
induced corrosion" should be applied.

Blast Erosion Cavitation Erosion

Flush Erosion Erosion - CorrosionErosive
Wear

Ram Erosion Thermal Erosion

Figure 9.1. Classification of erosive wear modes (Zum Gahr, 1987).
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Figure 9.2. Processes resulting in wear loss due to single or multiple impact of particles (Zum Gahr, 1987).

Cavitation erosion is caused by constantly changing pressure in liquid which is in contact with solid. 
Pressure changes cause formation and collapse of bubbles, which causes a strong impact on solid. 
Cavitation can be defined as the repeated nucléation, growth, and violent collapse of cavities, or bubbles, 
in a liquid (Hansson and Hansson, 1992). Cavitation can occur in any liquid in which the pressure 
fluctuates. All liquids contain gaseous, liquid and solid impurities, which act as nucléation sites for 
cavities. Cavities are formed at a weak regions within a liquid, when the liquid is subjected to sufficiently 
high tensile stresses. The vapour filled voids, cavities, grow under tensile conditions. When the cavities 
containing liquid is subjected to compressive stresses, i.e., higher hydrostatic pressures, the cavities will 
collapse. Cavitation erosion is the mechanical degradation of materials caused by cavitation in liquids. 
Material is, thus, removed due to mechanical work.

9.2 Factors Affecting Flow-Induced Corrosion

Velocity of the environment plays an important role in erosion corrosion (Fontana, 1986). Velocity 
influences strongly on mechanisms of corrosion reactions. It exhibits mechanical wear effects at high 
values and, particularly, when the solution contains solid particles. In Figure 9.3 is presented the 
difference between a static and a dynamic test on AISI316 steel with different copper contents.
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Figure 9.3. Difference on erosion rate between static and dynamic tests performed on AISI 316 steel 
with different copper contents in sulphuric acid slurry at velocity of 12 m/s (Fontana, 1986).

Static tests or tests with low velocities can be misleading. Increase in flow velocity generally results in 
increased attack, particularly if substantial flow rates are involved. The effect may be nil or increase 
slowly until critical velocity is reached, and then the attack may increase at a rapid rate. Erosion 
corrosion can occur on metals and alloys that are completely resistant to a particularly environment at low
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velocities. Increased velocity may increase or reduce attack, depending on its effect on the corrosion 
mechanism involved. It may increase the attack by increasing the supply of oxygen, carbon dioxide or 
hydrogen sulfide in contact with the metal surface. Autocatalytic reactions may become slower due to 
increased velocity. Many stainless steels have a strong tendency to pit and suffer crevice corrosion in 
seawater and other chlorides. However, some of these materials are used succesfully in seawater, 
provided that water is kept moving at a substantial velocity. Motion prevents formation of deposits and 
retards initiation of pits. Turbulence results in greater agitation of the liquid at the metal surface than is 
the case for laminar flow. Obstructions that disturb the laminar flow pattern may result in erosion 
corrosion. Impellers and propellers are typical components operating under turbulent conditions. 
Turbulence occurs very often also in the inlet ends of tubing in condensers and shell-and-tube heat 
exhangers. The effects of flow velocity are summarized in Table 9.1. The response of a metal to 
changing conditions is controlled by the parameters presented in Table 9.2.

Table 9.1. Effects of flow velocity on mass loss in (low-induced corrosion (Weber, 1992).
a At flow velocities close to zero, i.e. in the absence of induced convection, natural (thermal) 

convection alone is responsible for mass transfer
b Under the influence of moderate induced convection, mass transfer increases, 

but mechanical flow effects are absent.
c When system is subjected to forced convection with high flow velocities, resulting in 

mechanical flow effects, protective films (passive films, layers of corrosion products) and, 
in extreme cases, the metallic substrate itself may suffer from mechanically induced 
deterioration.

Table 9.2. Parameters controlling the response of a metal to changing conditions (Weber. 1992).
Chemical
parameters

Material (composition, structure, etc.) and electrolyte (composition, 
temperature, etc.).

Physical
parameters

Material (hardness, tensile strength, ductility, roughness of bulk metal, 
stability of surface layers), electrolyte (density, viscosity, etc.) and erosive 
particles (hardness, size and geometry, density, concentration, etc.).

Hydrodynamic
parameters

Local velocity vectors, shear stresses, pressure variations, particle impact 
(velocity, angle of impact), collapsing gas bubbles and mass and 
momentum transport.

Erosion corrosion is controlled by a number of basic mechanicochemical processes; the most important 
being mass transfer, momentum transfer, and generation of shear stresses, The interrelation of these 
processes can be expressed with the mass describing Sherwood number (Weber, 1992):

Sh = a-Scb Rec, (9.1)

where Sc is the Schmidt number, which describes momentum and mass transfer and Re is the Reynolds 
number describing inertia and friction forces. In a simplified form this relation can be described in terms of 
corrosion rate v and flow velocity u as (Weber, 1992):

v = ua, (9.2)

where a gives some indication of the rate controlling mechanism. In Figure 9.4 is summarized the 
dependence of corrosion rate on flow velocity for four different corrosion systems (cases i - iv). Symbol m 
denotes the threshold exponent for mass transfer control. In (i) the corrosion rate has a purely transport 
controlled (a=m) flow dependence with increasing (a<m) and decreasing (a>m) inhibition of the diffusion 
process resulting from changing properties of the corrosion product films, which are in turn functions of 
the flow. In (ii) the corrosion rate has a transport controlled range (a<m) followed by wear of the covering 
layer (a>m) and the onset of transport control for the layer free surface (a=m). In (iii) the corrosion 
begins by the onset of transport control (a<m) followed by wear of the base material (axn). In (iv) the 
situation is more complicated, but frequent: corrosion begins with the onset of transport of reactants to 
the cathode (a<m), followed by elimination of aggressive products from the anodic zone by flow effects 
(a<m) and finally passivation (a=0). Type (iv) is typical for chromium-nickel steels in sea water, where 
pitting and crevice corrosion occur. The influence of flow on material behaviour can be beneficial or 
detrimental. Beneficial effects include homogenization or mixing of the electrolyte, the prevention of 
suspended solids from settling on the metal surface and the promotion of passivation on passivating 
metals or alloys. Detrimental effects are the deterioration of surface layers and, in some cases, of the 
substrate surface.
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Figure 9.4. Schematic dependence of corrosion rate (v) on flow
velocity (u) for different corrosion systems (Weber, 1992).

When a = 0, the phase boundary reaction is impeded and corrosion is flow independent. If the exponent 
gets values 0,03 < a < 1, corrosion is controlled by transport processes. Low values are associated with 
laminar and higher with turbulent flow conditions. The behaviour is regressive. In corrosion phenomena 
where values a > 1 are found, mechanical deterioration of surface films and/or of the material takes place 
due to shear stresses. The behaviour is progressive, a can have different values depending on the flow 
velocity, the metal and the fluid chemistry. For water containing suspended solids flowing through a tube 
a = 2. If cavitation occurs, then a > 2. If a transition from film controlled mass transport to uninhibited 
mass transport takes place, values of a = 3 - 5 are obtained.

9.3 Flow Induced Corrosion in Particle Containing Solutions

Föhl and Weissenberg (1991) have studied erosion and corrosion of metallic materials in particle 
containing aqueous solutions. Materials were carbon steel, austenitic stainless steel, ferritic stainless 
steel and brass. Scheme of the test unit is presented in Figure 9.5 and investigated materials are in Table 
9.3.

T®; Ke1be*$ti"ge нивху Me 

Fiji 1 m«d Prgfieedlue

Stremu«g$gleit»l«ci»■У////////Л/'//A
Stfetstofftetilung

Spülung der Gle ttr «ngdlcMung

Figure 9.5. Scheme of the test unit used by Föhl and Weissenberg (1991 ).



ТаЫе 9.3. Investigated materials (Fohl and Weissenberg, 1991).
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Werkstoff Zustand Kurzbezeichnung Härte

Kohlenstoffstahl welch Ck 45 w 200 HV 10
mittel Ck 45 m 400 HV 10
hart Ck 45 h 600 HV 10

Chrom-Nickel-
Stahl

austenitisch X 5 CrNi 18 9 250 HV 10

Chromstahl ferritisch X 22 CrNi 17 300 HV 10
Messing CuZn 39 Pb 3 130 HV 10

Föhl and Weissenberg (1991 ) made their tests in deionized water, acid (pH 4,5), alkaline (pH 10) and in 
chloride (3% NaCI) solutions. They concluded that mechanical or corrosive influences dominate 
depending on material and test conditions. In some cases synergistic effects of both mechanisms 
caused an increased mass loss. In Figure 9.6 is presented the effect of velocity on mass loss rate. As the 
velocity increases, the mass loss rate increases. According to Weber (1992) austenitic stainless steels 
are often used in oilfield injection pumps, where flow velocities change between 0 and 70 m/s. The 
available medias are brines, i.e., highly concentrated salt solutions, with a total salt content of 27%, 
mainly sodium chloride. The pH value is neutral, oxygen content < 1 ppm and the temperature 50 °C. 
Media contains often hydrogen sulphide 0 - 500 ppm and carbon dioxide. Then the pH value decreases 
to 4. Even traces of hydrogen sulphide are capable for accelerating both uniform and local corrosion.
The erosion corrosion rates of various materials in sour brine are shown in Figure 9.7. Results obtained 
by Föhl and Weissenberg ( 1991) showed that increase in particle size gives rise to erosion rate, which is 
shown in Figure 9.8. The amount of erosive media (i.e., solid particles) affects in similar way, as can be 
seen from Figure 9.9. In Figure 9.10 is presented the effect of pH value on erosion rate. With pH values 
from 7 to 10 there is no change in erosion rate. In more acid solutions erosion rate is higher. Erosion rate 
increases when pH value decreases. In acid solution (pH = 4,5) erosion rate of stainless steel is about 
the double of that in neutral or basic solutions. Hard carbon steel exhibit a significant increase in erosion 
corrosion rate when pH changes to more acid values. In Figure 9.11 is separated the influences of 
corrosion and erosion. With stainless steel the mechanical attack is the main reason for mass loss. If 
there is no erosive particles present, the rate of mass loss is practically nil. In Figure 9.12 is presented 
the effect of oxygen content in liquid on mass loss rate. Increase of oxygen content increases the mass 
loss rate.
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Figure 9.6. Influence of velocity on erosion corrosion rate in deionized water 
containing 5 % quartz (Föhl and Weissenberg, 1991).
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Figure 9.7. Influence of velocity on erosion corrosion rate of different materials in media with high 
hydrogen sulphide content and low pH value, a- stainless ferritic and martensitic steels, b- austenitic-ferritic 

duplex steels, c- austenitic manganese steels, d- austenitic Cr-Ni-Mo steels, e- austenitic special steels 
and x- austenitic-ferritic superduplex steels (Weber, 1992).
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Figure 9.8. Effect of particle grain size on erosion corrosion in deionized water 
containing 5 % quartz for materials listed in Table 9.3 (Fohl and Weissenberg, 1991).
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Figure 9.9. Effect of quartz content on erosion corrosion rate at velocity of 5,5 m/s in deionized water. 
Materials listed in Table 9.3 (Föhl and Welssenberg, 1991).
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Figure 9.10. Influence of pH-value on erosion corrosion rate.
Materials listed in Table 9.3 (Föhl and Weissenbeig, 1991).
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Figure 9.11. Effect of quartz content and particle size on erosion corrosion rate in add solution. 
Tested materials listed in Table 9.3 (Fohl and Weissenberg, 1991).
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Figure 9.12. Effect of oxygen content on erosion corrosion rate in deionized water. 
Tested materials listed in Table 9.3 (Fohl and Weissenberg. 1991).

9.4 Cavitation Erosion

Mechanical loading of a solid surface in cavitating liquids is caused by asymmetrical collapse of cavities 
either at or near the surface. The asymmetrical collapse results in liquid microjets that are directed toward 
the solid surface, as can be seen in Figure 9.13. The mechanical loads are highly localized and can be 
extremely severe. As a result the surface will deform. Repeated loading leads eventually to erosion. 
Erosion is usually defined as a mass loss of a material. For some applications a roughening of the 
surface by plastic deformation without actual loss of mass can render the part unusable for that 
application. Cavitation damage can thus be regarded as erosion for some applications. (Hansson and 
Hansson, 1992)
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Figure 9.13. Asymmetrical collapse of a cavity, (a) in contact with solid surface and 
(b) adjacent to solid surface (Hansson and Hansson, 1992).

The erosive effect of a cavity cluster is dependent on a number of factors, including hydrostatic pressure, 
cavity cluster size, distance of the individual cavities from the solid surface, cavity size distribution, and 
the temperature and density of the liquid. The total inherent energy of the cavity cluster is transferred to 
the solid material and must be either absorbed or dissipated by the solid or reflected as shock waves in 
liquid. The solid material will absorb the impact energy as elastic deformation, plastic deformation, or 
fracture. Plastic deformation and fracture lead to erosion of the material. The higher the elastic or plastic 
deformation energy the material can absorb, the greater will be the cavitation erosion resistance of the 
material. After the initiation of material loss from the surface, the rate of erosion as a function of 
continued exposure to cavitation is usually nonlinear. (Hansson and Hansson, 1992)

In Figure 9.14 is presented schematic plots of the two most common forms of erosion rate versus time 
curves. The correct shape of the erosion rate versus time curves is unclear (Preece and Hansson, 1981). 
The four zones have been named by the ASTM Committee G2 as: I - the incubation period, II - the 
acceleration zone, III - the deceleration zone and IV - the terminal zone. The reason for different forms of 
erosion rate versus time curves may be, that the empirical data of cumulative weight or volume loss as a 
function of time exposure to cavitation must be differentiated to provide an erosion rate/time curve, and 
this procedure will magnify all the scatter and uncertainty of these data (Preece and Hansson, 1981). 
Investigators, who observe plots similar to Figure 9.14a, attribute the first three zones to "conditioning of 
the surface" to remove surface films and to obtain a "uniform" degree of roughness, and consider only 
zone IV to be characteristic of the material itself and suitable for comparison of the data. Investigators, 
who observe plots similar to Figure 9.14b, base their comparison of data on their zone III and claim that 
the attenuation zone is caused by the cushioning of cavity collapse by air or water trapped in the deep 
pits which are formed in zone III. Other reasons given for the different shapes of plots are sample shape, 
temperature and the specimen material itself. Preece and Hansson (1981) suggested that these 
arguments are largely incorrect and irrelevant. According to them conditioning of the surface occurs early 
within the incubation period and does not continue to zones II and III. The severe roughening which 
cushions the cavity collapse is also formed within the incubation period in the case of ductile metals and 
alloys and toward the end of zone I and zone II in the case of brittle metals. If the usefulness or efficiency 
of a part in service is impaired by simply roughening of the surface without any actual mass loss, a 
fraction of the incubation period is its usefull lifetime. The part is usually ruined by the time it has been 
eroded into zones III and IV.
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Figure 9.14. Schematic plots of two forms of erosion rate versus time curves 
obtained by different investigators (Preece and Hansson, 1981).

According to Karimi and Martin (1986) mechanical wear and corrosion affect synergistically. A protective 
oxide layer forms rapidly on metal surface, after which oxidation rate reduces (Figure 9.15). Cavitation or 
repetitive impacts cause the breakdown of the layer and the protecting oxide layer starts form again. This 
will give rise to accelerated material loss. Deformation of metals by mechanical stressing can lead to an 
increase in the corrosion current. In the case of cavitation erosion, reasons for this may be as follows: 
change of the corrosion reaction kinetics due to turbulence induced changes in the local chemical 
environment, formation of reactive species in the environment by diffusion of dissolved gas in the cavity 
or heterogeneous deformation by local impacts. In Figure 16 is presented polarization curves of Bofors 
14 steel in potassium hydrogen phtalate with and without cavitation. As can be seen from Figure 9.16, in 
the passive range, the current density increases by a factor of 30, when vibration is applied. Thus, anodic 
or cathodic protection can be applied to decrease cavitation damage.

TIME

Figure 9.15. Bubble collapse Impact Increases oxidation rate of metal: a) normal film growth, 
b) film broken in places indicated by 1,2 and 3 and c) film broken constantly (Karimi and Martin, 1986).



104

with vibration
ДДДД

x without vibration gye

J I!I I LJ I I I I I—L

ELECTRODE POTENTIAL.V
Figure 9.16. Comparison between polarization curves of Bofors B14 steel in potassium hydrogen phthalate solution 

with and without vibration. Vibration was produced with ultrasonic vibratory cavitation device (Karimi and Martin, 1986).

According to Weber (1992) cavitation damage in a corrosive liquid is a result of complex interactions. 
Material, liquid and flow conditions are closely interconnected. Cavitation damage in an electrolyte 
involves mechanical and corrosion-chemical components. The most efficient method to fight against 
cavitation is proper design. Only then it is sensible to attempt other improvements by selecting a new 
material. In the case of high intensity cavitation, damage cannot be avoided merely by selecting a better 
material or by lowering the aggressivity of the liquid.

9.5 Material Properties Affecting Rate of Flow-Induced Corrosion

Woodford (1972) studied cavitation erosion of stellite, TRIP steels and AISI 300 series stainless steels 
using ultrasonic cavitation erosion apparatus. Woodford (1972) concluded that occurence of surface 
phase transformation is dependent on alloying, but phase transformations cannot be correlated with 
erosion rate. Thus, any contribution from the transformation absorbing some of the energy associated 
with cavitation is minor. Yet, transformable alloys have high erosion resistance relative to non- 
transformable alloys. This was demonstrated by increasing iron content of stellite. Alloying 15 wt-% Fe in 
stellite produces stable fee structure, which will not transform to hep phase. Alloy which was initially 
almost entirely hep had the highest erosion resistance. Yet, hep phase and fee phase in stellite alloys 
having similar low stacking fault energy appear to have similar erosion rate. Woodford (1972) concluded, 
that erosion resistance is due to low stacking fault energy. When comparing properties of materials in a 
specific alloy group, also other relationships can be obtained. For each class of steel erosion resistance 
can also be determined by the tensile strength. Tensile strength cannot be used as a criterion when 
comparing alloys belonging to different alloy groups. Chemical compositions of TRIP steels are presented 
in Table 9.4 and a summary of erosion resistance of AISI 300 steels and TRIP steels is presented in 
Table 9.5.

Table 9.4. Chemical compositions of TRIP steels studied by Woodford (1972).



ТаЫе 9.5. Summary of erosion resistance and transformation characteristics of TRIP steels and 
______________________AISI 300 stainless steels. (Woodford, 1972).______________________
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Steel
Tensile 

Strength, ksi
Weight Loss 

After 50 Hr, gm

Percentage Transformation 
After 10 hr

û-Mar tensile e-Martensiie

TRIP 1 187 0.124 30 30
2 245 0.031 - 6
3 235 0.034 65 -

4 243 0.046 T race —

5 268 0.022 30 —

Type 301 90* 0.063 91 2
303 65* 0.099 53 13
304 70* 0.070 83 —

Heathcock et al. (1982) studied cavitation erosion of stainless steels with ultrasonic drill. Results of tests 
are presented in Table 9.6 and also summarized in Figure 9.17.

Table 9.6. Cavitation test results, heat treatments and corresponding hardnesses of the various alloys (Heathcock et al., 1982).

Alloy Condition CVL (mm3 ) at the following times *0
(h)

Average Vickers hardness 
(kgf mm"*)

20 h 7 h 5 h
è
(mm3 h-1 )

BS 431S29 OH quenched from 1040 ®C 
Tempered at 200 "C 0.82 0.47 2 0.173 427

300 “C 1.04 0.61 0.205 406
400 °C 0.78 0.43 2 0.166 423
500 ’C — 1.77 1.04 2 0.358 325
600 °C — 2.48 1.51 2 0.489 262

DIN 4112 Oil quenched from 1040 "C 
Tempered at 200 °C 1.26 0.23 0.10 4 0.079 636

300’C 0.35 0.19 4 0.086 577
400’C 0.38 0.21 3 0.068 531
600 *C — 0.52 0.34 2.5 0.100 463
600 aC — 0.96 0.56 2 0.200 330

AISI 304 Hot rolled and annealed — 1.10 0.70 2 0.215 194
AISI 316 Hot rolled and annealed — 1.95 2 0.520 194
Had field's Water quenched from 1040 “C 0.86 0.48 2 0.188 181
AISI 430 Hot rolled 37.2 1 8.3 180
AISI 409 Hot rolled 12.5 1 NSS 129
3CR12 Annealed at 700 *C 23.3 1 NSS 165

800 ’C 7.11 1 NSS 141
900 °C 4.17 1 NSS 167

CVL, cumulative volume kw; (g, incubation time; average £, average steady state erosion rate; NSS, no steady state.

FERRITICS IMARTENSITICS AUSTENITICS

3CR12

HAD- AISI
DIN 4112 FIEIDS 304

ALLOY TYPE

Figure 9.17. The results of the cavitation erosion tests (Heathcock et al., 1982).
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Heathcock et al. (1982) concluded that erosion resistance of hardened and tempered martensitic 
stainless steels is directly related to their stregth properties. Massive second phase particles (chrome 
carbides) are detrimental since material removal is initiated at the particle-matrix interfaces because of 
elastic mismatch. The erosion resistance of austenitic stainless steels and manganese steels is primarily 
dependent on their work-hardening rate. Heathcock et al. (1982) attributed cavitation erosion resistance 
of austenitic stainless steels (AISI 304 and AISI 316) to formation of stress-induced a' martensite. X-ray 
spectra of AISI 304 steel before and after cavitation are presented in Figure 9.18. In AISI 316 steel a' 
martensite is also formed during cavitation erosion, but not in the same extent as in the case of AISI 304 
steel. Hadfield's steel has a superior work hardening rate to that of AISI 304 steel. In Hadfield's steel the 
cause of work hardening is not solely related to a a' martensitic transformation. X-ray spectra of 
Hadfield's steel before and after cavitation tests are presented in Figure 9.19. Heathcock et al. (1982) 
found that cavitation erosion produced a small amount of e-martensite. They considered it to be 
accompanied with fine twins and dense tangles of dislocations. Ferritic stainless steels have very poor 
resistance to cavitation erosion owing to the sensitivity of bcc structure to high strain rates. A stainless 
steel with dual structure of ferrite and low carbon martensite has higher resistance to erosion than the 
same steel in the single phase ferritic state.

« 12 M It Ю 76 72 66 6t 60 14 52 te tt to

Figure 9.18. X-ray diffraction spectra showing deformation induced martensitic transformation in 
AISI 304 austenitic stainless steel: a) before and b) after cavitation erosion (Heathcock et al., 1982).
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Figure 9.19. X-ray diffraction spectra of the structure of Hadfield's steel: 
a) before and b) after cavitation erosion (Heathcock et al., 1982).

Response of a surface to solid particles in liquid or in gas depends on the nature of the movement of the 
particles, as well as their angle of impact (Crook and Asphahani, 1983). Particle impacts results in craters 
on ductile surfaces and craters that are surrounded by cleavage cracks on brittle surfaces. Hard second 
phase particles buried in the matrix of a material may have a beneficial effect on slurry erosion 
resistance. On the other hand, depending on their nature precipitates may have a detrimental effect on 
corrosion resistance.

Erosion corrosion occurs when protective surfaces (passive layer) are damaged or worn and the metal 
and alloy are attacked at a rapid rate (Fontana, 1986). Soft metals are readily damaged or worn 
mechanically. The ability of protective films to protect the metal depends on the rate with which they form, 
their resistance to mechanical damage or wear and their rate of re-forming when damaged. A brittle film 
that cracks or spalls under stress may not be protective. Film should be hard, dense, adherent and 
continuous. A spesific environment may influence strongly on film's ability to protect the metal. Stainless 
steels depend on passivity for resistance to corrosion. These materials are vulnerable due to erosion 
corrosion. In the environment, where erosion is fast, stainless steels under static conditions do not 
necessarily show any weight loss at all. Erosion corrosion resistance of stainless steels and alloys varies 
depending upon their composition. Soft metals are more susceptible to erosion corrosion because they 
are more subject to mechanical wear. Hardness is not necessarily a good criterion for predicting 
resistance to erosion corrosion. One method for improving erosion corrosion resistance is solid 
solution hardening. Material has to be corrosion resistant and inherently hard. The best example is Si-iron 
(14,5% Si). Hardening by heat treatment results in changes in microstructure and heterogeneity and 
generally decreases resistance to corrosion.

Karimi and Martin (1986) related good cavitation erosion resistance to low stacking fault energy. Yet, 
martensitic stainless steels posses the best erosion resistance among stainless steels followed by 
austenitic stainless steels. Ferritic stainless steels have poor cavitation erosion resistance. Superior 
erosion resistance of martensitic stainless steels is attributed to the homogenous distribution of 
deformation and to the short effective mean free path of dislocation motion through fine martensite 
platelets. Among the austenitic steels Hadfield's steel has the highest resistance to erosion. AISI 304 
steel has better resistance to cavitation erosion than AISI 316 steel, allthough they have quite similar 
mechanical properties. This behaviour can be related either to the 7 -> a' or 7 -> e transformation. The 
rate of work hardening in Hadfield's steel is higher than in AISI 304 steel, but the amount of a 
transformation in Hadfield's steel is small. Thus, the resistance of Hadfield's steel to cavitation erosion 
can be attributed to the similar transformation ( 7 -» e ) as in alloys with low stacking fault energy. Low



resistance to cavitation erosion of ferritic alloys can be attributed to the strain rate sensitivity of the bcc 
structures.

Hardness of a metallic material is a primary factor determining its resistance to cavitation (Weber, 1992). 
Resistance to cavitation increases with increasing hardness if corrosion resistance remains constant. 
Many factors affecting cavitation resistance are opposing, as can be seen from Figure 9.20.

Low damage 
resistance

Principal effect 
of hardness

Hardness

Figure 9.20. Relation between cavitation resistance and material properties and microstructure (Weber, 1992).

Cavitation can have a variety of effects on corrosion properties (Hansson and Hansson, 1992). Cavitation 
may remove passive film from the metal surface, increase the diffusion rates of reactive dissolved gases 
to the metal surface or increase the rate of removal of the corrosion reaction products from the vicinity of 
the surface. The net effect of the cavitation is dependent on the type of corrosion. Cavitation can increase 
the ability of solution-treated stainless steels to become passive, whereas, for the same steel in the 
sensitized condition, the degree of intergranular corrosion is increased by cavitation. Loading during 
cavitation is localized, dynamic and, at least initially, compressive. The material is free to deform on a 
local and an extended level, in a manner that is unlike to any other form of stressing. The deformation of 
one grain or one phase within a grain is not influenced by the behaviour of the surrounding grains or 
phases, as It would be under bulk compressive or shock stressing. Thus, the theoretical and empirical 
rules which describe the various strengthening mechanisms in different materials do not allways apply to 
the resistance of material to cavitation erosion. No universal correlation with quasistatic mechanical 
properties has been observed. This is also due to the dynamic nature of loading. Materials selection for 
cavitation erosion resistance cannot be based on general experience on bulk deformation and has been 
almost exclusively empirical. The deformation and failure mechanisms of metals and alloys are influenced 
by their strain-rate sensitivity and ability to absorb energy of shock loading without macroscopic 
deformation. Macroscopic deformation can be related to stacking fault energy. According to Preece and 
Hansson (1981) alloying is an effective way to increase the erosion resistance, if it lowers the stacking 
fault energy. Materials selection for the cavitation erosion resistance should be based on the ability of the 
alloys to absorb the impact energy by a nondestructive strain mechanism, such as twinning, stacking fault 
formation, or a deformation induced martensitic transformation (Hansson and Hansson, 1992). Austenitic 
stainless steels have been found to be most erosion resistant alloys available to date, allthough to a 
lesser extent than cobalt. They both have low stacking fault energies and are readily able to develop 
stacking faults, twins, and/or martensitically transformed regions. Materials which deform by normal 
multiple slip mechanisms are not resistant to cavitation erosion. In multiphase alloys, the volume fraction, 
size, and dispersion of a second phase generally have a different and usually a less significant influence 
on erosion rates than they have on the quasistatic mechanical properties. Face-centered cubicmetals and



alloys are isotropic and are the least sensitive to strain rate of the three common metallic crystals. Their 
response to cavitation is similar to their quasistatic mechanical behaviour in that they are highly ductile 
and fail by a microvoid growth and coalescence mechanism, i.e., by ductile rupture mechanism. Early 
damage in the fcc-ailoys consists of isolated depressions, which can be attributed to the jet impact of 
individual cavities collapsing close to the surface. During this early stage, the grain boundaries become 
delineated, coarse slip bands develop across the width of the grains, and the grains become increasingly 
undulated. Eventually, the undulations develop into craters and material is lost by necking of the rims of 
the craters. Body-centered cubic structure is also isotropic, but their deformation is highly strain-rate 
sensitive. Their response to applied stress is always a competition between flow and fracture. As the 
temperature decreases or the strain-rate increases, the tendency to brittle fracture is increased. 
Hexagonal close-packed structure is anisotropic in various degrees depending on the axial ratio of the 
unit cell. Zinc is highly anisotropic and has poor resistance to cavitation erosion. Cobalt has an almost 
ideal axial ratio and does not undergo ductile to brittle transition with decreasing temperature or 
increasing strain rate. Its excellent erosion resistance is attributed to its extensive twinning mechanisms, 
which can effectively allow absorption of the cavitation energy without any major distortion of the metal. 
Effect of grain size on cavitation is complicated. While there is a general increase in cavitation erosion 
resistance with decreasing grain size, there is no consistent quantitative trend and the dependency varies 
with the erosion failure mode. In nickel there is no change in erosion resistance for grain sizes greater 
than 50 pm but the resistance increases rapidly at smaller grain sizes. Preece and Hansson (1981) 
explained this by the grain size relative to the size of the bubbles. For large grain samples, the formation 
of craters requires macroscopic deformation of only a few grains. Thus, the resistance to cavitation 
erosion depends on the deformation characteristics of individual grains. In fine grain samples, large 
numbers of grains must be deformed to produce a crater and the erosion behaviour is a reflection of 
deformation characteristics of the polycrystalline material. In iron the incubation period is grain size 
dependent. However, the subsequent mass loss rate is varied, because the erosion is a mixture of ductile 
and brittle fracture. Brittle fracture results in larger particles being removed. The relative proportions of 
ductile and brittle erosion are not a function of grain size. In а-brass the cavitation erosion occurs 
preferentially in grain boundary regions and the dependence of erosion rate on grain size follows the 
inverse square root proportionality.

Crook et al. (1992) designed an alloy to resist erosion corrosion and cavitation erosion. They concluded 
that cobalt base is ectremely beneficial to resist cavitation erosion. This is mainly due to transformation of 
fee phase to hep phase. Stacking fault energy of these alloys is low and twinning is prevalent during 
deformation. Stacking fault interaction and the formation of hep phase platelets are responsible for the 
high work hardening rate of cobalt base alloys. Twinning and transformation of fee phase to hep phase 
are believed to delay fatigue-crack initiation by reducing internal strain. Precipitations in microstructure 
(carbides) are not essential for optimum cavitation resistance.
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10.1. Manufacturing Routes and Chemical Analyses of Materials

Chemical analyses and manufacturing routes of SiMnCrMoN steels are presented in Tables 10.1 and
10.2. In Tables 10.3 and 10.4 are presented the chemical analyses and manufacturing routes of 
18Cr18MnN steels and in Tables 10.5 and 10.6 respective information of MnCr/MoNiN steels is 
presented. All the chemical compositions are given in wt-% except the oxygen content, which is given as 
part per million (ppm). The compositions of the steels were analyzed in Lokomo Steelworks at Tampere 
with standard commercial optical emission spectrometer. The oxygen content was analyzed in 
Rautaruukki steelworks at Raahe with a Leco analyzer. Manufacturing methods were casting (C), cold 
forging (F), hot forging (GFM), HIPping (H), P/M extrusion (E), extrusion after HIPping (H+E), hot rolling 
(HR) and cold rolling (CR). Reduction after cold or hot deformation is marked after manufacturing 
method. Thus, the notation CR20 means cold rolling with 20% reduction. Materials were supplied by 
Rauma Materials Technology Oy.

Table 10.1. Chemical analyses of SiMnCrMoN steels.
Material C

wt-%
Si

wt-%
Mn

wt-%
P

wt-%
S

wt-%
Cu

wt-%
Cr

wt-%
Mo

wt-%
Ni

wt-%
AI

wt-%
N

wt-%
Nitronic 50 0,06 1 5 0,04 0,03 22 2 12,5 0,3

0,7Si5Mn22Cr3Mo0,4N 0,02 0,68 5 0,023 0,003 022 22,3 2,8 12,4 0,027 0,44
Nitronic 60 0,07 4,1 8,4 0,016 0,004 021 16,4 028 8,2 0,021 0,13

4Si9Mn 19Cr3MoO,1 N 0,03 4 9 0,022 0,006 0,17 18,7 2,8 13,1 0,055 0,12
4Si9Mn17Cr3MoO,2N 0,03 4 8,5 0,025 0,014 0,33 16,9 2,85 11,2 0,017 0,2
4Si9Mn17Cr3MoO,5N 0,03 4 8,5 0,025 0,014 0,33 16,9 2,85 11,2 0,017 0,45

6SÍ17Mn18Cr3MoO,5N 0,05 5,8 17 0,026 0,002 0,09 18,1 2,9 024 0,03 0,46
3Si18Mn18CrO,5N 0,06 3,0 18,0 0,016 0,002 0,007 18,0 3,0 025 0,02 0,5

6Si16Mn18Cr1 MoO.SN 0,05 5,5 15,7 0,02 0,001 0,05 18,2 M7 0,096 0,47

Table 10.2. Manufacturing routes of SiMnCrMoN steels.
No. Material MM Nominal

Particle
Diameter

(pm)

0
[ppm]

ST
PC]

Remarks

1 Nitronic 50 C S.A.
2 0,7Si5Mn22Cr3Mo0,4N H S.A.
3 Nitronic 60 c 29 S.A.
4 4Si9Mn19Cr3Mo0,1N c 24 1175
5 4Si9Mn17Cr3Mo0,2N H <500 290 1125 smallest dimension 60 mm
6 4SI9Mn17Cr3MoO,2N H <500 290 1150 smallest dimension 60 mm
7 4Si9Mn17Cr3MoO,2N H <500 290 1175 smallest dimension 60 mm
8 4Si9Mn17Cr3MoO,2N H <500 290 1200 smallest dimension 60 mm
9 4Si9Mn 17Cr3MoO,2N H+E <250 330 1100 smallest dimension 60 mm

10 4Si9Mn17Cr3MoO,2N H+E <250 330 1125 smallest dimension 60 mm
11 4Si9Mn17Cr3MoO,2N H+E <250 330 1150 smallest dimension 60 mm
12 4Si9Mn17Cr3MoO,2N E <250 350 1050 smallest dimension 60 mm
13 4Si9Mn 17 СгЗМоО ,2N E <250 350 1075 smallest dimension 60 mm
14 4Si9Mn 17Cr3MoO,2N E <250 350 1100 smallest dimension 60 mm
15 4Si9Mn17Cr3MoO,2N E <250 350 1125 smallest dimension 60 mm
16 4Si9Mn17Cr3MoO,2N E <250 350 1150 smallest dimension 60 mm
17 4Si9Mn17Cr3MoO,2N H+F <500 330 1175 cold forging фЮО mm —> 

ф 60 mm (red. 40%)
18 4Si9Mn17Cr3MoO,2N H <250 1150 smallest dimension 30 mm
19 4Si9Mn17Cr3MoO,2N H+GFM40 <250 310 1175 GFM-forging ф 125 mrw 

Ф40 mm (red. 68%)
20 4Si9Mn17Cr3MoO,2N H+GFM80 <250 330 1175 GFM-forging ф125 mm—> 

80 mm (red. 36%)
21 MMCG-

4Si9Mn17Cr3MoO,2N
H 1175 Metal matrix composite 

with graphite
22 4Si9Mn17Cr3MoO,5N H 820 1200 P/M nitrided
23 6Si17Mn18Cr3MoO,5N H 330 1200
24 3Si18Mn18CrO,5N H 1200
25 6Si16Mn18Cr1 MoO.SN H

Solution annealing time was 1/и-----------------------------. MM = manufacturing method, C = cast, H = HIPped, E = extruded, F = forged,
25 mm of thickness

GFM = hot forged, ST = solution annealing temperature and MMC = metal matrix composite.
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ТаЫе 10.3. Chemical Analyses of 18Cr18MnN steels.
Materials C

wt-%
Si

wt-%
Mn

wt-%
P

wt-%
S

wt-%
Cu

wt-%
Cr

wt-%
Mo

wt-%
Ni

wt-%
AI

wt-%
N

wt-%
18Cr19MnO,6N 0,055 0,31 19,15 0,017 0,001 18,49 0,6
19Cr19MnO,7N 0,06 0,53 18,5 0,016 0,002 0,07 18,5 0,09 025 0,02 0,73
19Cr18MnO,7N 0,06 0,67 18,25 0,034 0,002 0,15 19,3 0,04 0,2 0,67
18Cr18MnO,9N 0,054 0.7 18,42 0,02 0,001 17,95 0,85
20Cr21Mn1N 0,07 0,52 21 0,015 0,002 0,05 19,6 0,09 022 0,08 0,96

19Cr17Mn1,2N 0,064 0,58 17 0,041 0,001 0,07 19,4 0,07 1,08 0,41 12
MMC25-19Cr18MnO,7N 0,06 0,67 18,25 0,034 0,002 0,15 19,3 0,04 0,2 0,67
MMC35-19Cr18MnO,7N 0,06 0,67 18,25 0,034 0,002 0,15 19,3 0.2 0,67

Table 10.4. Manufacturing Routes of 18018MnN steels.
No. Material MM ST

PC]
0

[ppm]
Remarks

25 18Cr19MnO,6N F 1120 22
26 18Cr19MnO,7N H 1050 430 smallest dimension 40 mm
27 18Cr19MnO,7N H 1100 430 smallest dimension 40 mm
28 18Cr19Mn0.7N H 1150 430 smallest dimension 40 mm
29 18Cr19MnO,7N H 1200 430 smallest dimension 40 mm
30 18Cr19Mn0.7N H 1250 430 smallest dimension 40 mm
31 19Cr19Mn0.7N C 1050 smallest dimension 20 mm
32 19Cr19Mn0.7N C 1100 smallest dimension 20 mm
33 19Cr19Mn0.7N F 1050 27 smallest dimension 40 mm
34 19Cr19Mn0.7N F 1100 27 smallest dimension 40 mm
35 19Cr19MnO,7N F 1150 27 smallest dimension 40 mm
36 18Cr18Mn0.8N F 1120 30
37 20Cr21Mn1N H 1200 210
38 20Cr21Mn1N H 1250 210
39 19Cr17Mn12N H 1200 1300 P/M nitrided
40 MMC25-19Cr18MnO ,7N H 1050 1300 Metal matrix composite with 5 

vol-% average diam. 25 pm 
AloOo-particles

41 MMC25-19Cr18MnO,7N H 1100 Metal matrix composite with 5 
vol-% average diam. 25 pm 

AloOo-particles
42 MMC35-19Cr18MnO,7N H 1050 Metal matrix composite with 5 

vol-% average diam. 35 pm 
AloOo-particles

43 MMC35-19Cr18MnO,7N H 1100 Metal matrix composite with 5 
vol-% average diam. 35 pm 

AloOo-particles

Solution annealing time was 1h+--------------------------- . MM = manufacturing method, C = cast, H = HIPped, E = extruded, F = forged,
25 mm of thickness

GFM = hot forged, ST = solution annealing temperature and MMC = metal matrix composite.

Table 10.5. Chemical analyses of MnCr7MoNiN steels.
Materials C

wt-%
Si

wt-%
Mn

wt-%
P

wt-%
S

wt-%
Cu

wt-%
Cr

wt-%
Mo

wt-%
Ni

wt-%
AI

wt-%
N

wt-%
2,3Mn24Cr8Mo23Ni0,3N 0,009 0,2 225 0,004 0,001 0,46 23,7 8 22,7 0,027 0,33
2.3Mn25Cr7Mo22Ni0,4N 0,01 0,24 2,3 0,029 0,004 0,48 24,8 7,1 22,2 0,055 0,37
2.5Mn24Cr9Mo22Ni0,4N 0,009 0,18 2,5 0,004 0,001 0,44 23,8 8,6 21,6 0,025 0,42
2,5Mn26Cr8Mo22Ni0,5N 0,01 025 2,48 0,027 0,007 0,46 25,5 7,71 21,6 0,48
0,3Mn27Cr8Mo19Ni0,4N 0,01 0,16 029 0,009 0,003 0,97 26,79 7,75 19,08 0,36
3,4Mn23Cr8Mo22Ni0,5N 0,015 0,1 3,4 0,019 0,001 0,35 23,4 825 22 0,011 0,47
2,4Mn25Cr8Mo21 NÍ0.4N 0,02 0,33 2,36 0,005 0,005 0,56 24,74 7,72 21,41 0,02 0,385
22Mn26Cr7Mo22Ni0,4N 0,03 0,19 2,18 0,026 0,003 0,43 25,6 6,92 22,18 0,022 0,41
3,7Mn25Cr7Mo21 NÍ0.5N 0,02 0,21 3,65 0,03 0,005 0,41 24,6 7,2 20,9 0,017 0,49
3,4Mn25Cr7Mo22Ni0,6N 0,02 0,17 3,4 0,032 0,002 0,39 24,6 7.3 21,5 0,008 0,57
2,3Mn25Cr7Mo22Ni0,8N 0,02 026 2,3 0,028 0,005 0,48 25 7,2 22,4 0,038 0,75

654 SMO 0,02 0,31 2 0,031 0,001 0,4 24,2 7,1 22,2 0,031 0,44
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Table 10.6. Manufacturing routes of MnCr7MoNiN steels.
No. Material MM Nominal

Particle
Diameter

[pm]

HIP-T
ГС]

HIP-p
[MPa]

HIP-t
[h]

ST
ГС]

O
[ppm]

Remarks

44 2,3Mn24Cr8Mo23Ni0,3N H <500 1205 100 4 1175 150
45 2,3Mn25Cr7Mo22Ni0,4N H <250 1205 100 4 1175 220
46 2,5Mn24Cr9Mo22Ni0,4N H <500 1205 100 4 1175 170
47 2.5Mn26Cr8Mo22Ni0,5N H <250 1205 100 4 1175 180
48 0,3Mn27Cr8Mo19Ni0,4N H <250 1194 100 12 1175 330
49 0,3Mn27Cr8Mo19Ni0,4N H <250 1194 100 12 1200 330
50 0,3Mn27Cr8Mo19NÍ0.4N H+HR20 <250 1194 100 12 1200 330 HR at 1200°C
51 3,4Mn23Cr8Mo22Ni0,5N H <250 1218 100 4 1175 160
52 2,4Mn25Cr8Mo21Ni0,4N H <250 1218 100 4 1175 220
53 2,2Mn26Cr7Mo22Ni0.4N H 1175 1100
54 3,7Mn25Cr7Mo21 N¡0,5N H 1175 209
55 3,4Mn25Cr7Mo22Ni0,6N H 1175 183
56 2,3Mn25Cr7Mo22Ni0,8N H 1175 343 P/M nitrided
57 654 SMO W S.A.

Solution annealing time was 1 h+--------------------------- . MM = manufacturing method, C = cast, H = HIPped, E = extruded, F = forged,
25 mm of thickness

GFM = hot forged, ST = solution annealing temperature, MMC = metal matrix composite, HR = hot rolled and S.A. = solution annealed.

Table 10.7. Chemical compositions of reference materials.
Materials c

wt-%
Si

wt-%
Mn

wt-%
P

wt-%
S

wt-%
Cr

wt-%
Mo

wt-%
Ni

wt-%
Co

wt-%
W

wt-%
V

wt-%
N

wt-%
Fe

wt-%
Hastelloy C276 0,002 0,03 0,47 0,007 0,002 15,83 15,86 bal 1,68 3,92 0,12 6,03
Hadfield Mn13 1,2 1 12,3 1,8 bal
Hadfield AM17 1,35 1 16 1 bal
Hadfield Suora 1.2 1 17 2 0,15 bal

CF8M 0,05 1 1 0,015 0,015 20,5 2,2 9,2 bal
Duplok 27 0,02 0,58 0,83 25,8 2,95 7,5 0,2

34CrNiMo6
Saniere 28

Table 10.8. Manufacturing routes of reference materials
No. Materials MM S.T

ГС]
O

[ppm]
58 Hastelloy C276 W S.A.
59 Hadfield Mn 13 C 1150
60 Hadfield AM17 C 1150
61 Hadfield Supra C 1150
62 CF8M C 1070 95
63 CF8M C 1100 95
64 CF8M H 1070 170
65 CF8M H 1100 170
66 Duplok 27 H S.A.
67 34CrN¡Mo6 W *
68 Saniere 28 w *
69 Santero 28 w ••
70 SHron c S.A.

Solution annealing time was 1 h+--------------------------- . MM = manufacturing method,
25 mm of thickness

C = cast, W = wrought, F = forged and ST = solution annealing temperature, *= normalized and
**= case hardened.

10.2 HIP parameters

Only limited amount of data is available of HIP parameters. In Table 10.6 measured temperatures, 
pressures and times during HIP-cycles are presented. Powder size distribution was analyzed only for 
some MnCrTMoNiN steels. In Figures 10.1 -10.7 are presented obtained sieve analyses. It would be 
possible to calculate spesific surface area of powder bed relying on information from sieve analyses, if 
the density of the powder bed is known. Because the density of powder was measured only from four 
batches, these calculations were not conducted. However, an attempt was made to characterize powder 
batches with average surface area of powder particles. This was calculated using Equation 10.1.:
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A = —ísl---------------
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where n represents the amount of fractions, wt-% is the relative amount of each fraction and r is average 
radius of powder particles in each fraction. Average areas of powder particles are presented in Figures 
10.1-10.7.

30 T

25 --
25,2

600pm- 250pm- 150pm- 125pm- 106pm- 75pm-
250pm 150pm 125pm 106pm 75pm 53pm

Sieve (pm)

53pm- 45pm- 38pm-0
45pm 38pm

Figure 10.1. Sieve analysis of 2,3Mn24Cr8Mo23Ni0,3N steel (< 500 um). 
Average surface area of powder particles (Eq. 1.1) A= 18,231 mnr.

600pm- 250pm- 150pm- 125pm- 106pm- 75pm- 53pm- 45pm- 38pm-0
250pm 150pm 125pm 106pm 75pm 53pm 45pm 38pm
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Figure 10.2. Sieve analysis of HIPped 2,3Mn25Cr7Mo22Ni0,4N steel (< 250 pm). 
Average surface area of powder particles (Eq. 1.1) A= 4,428 mm^.
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Figure 10.3. Sieve analysis of 2,5Mn24Cr9Mo22Ni0,4N steel (< 500 urn). 
Average surface area of powder particles (Eq. 1.1) A= 9,659 mrrr.

Figure 10.4. Sieve analysis of HIPped 2,5Mn26Cr8Mo22Ni0,5N steel (<250 pm).
Average surface area of powder particles (Eq. 1.1) A= 4,586 mrn^.
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Figure 10.5. Sieve analysis of 3,4Mn23Cr8Mo22Ni0,5N steel (< 250 urn). 
Average surface areaa of powder particles (Eq. 1.1) A= 1,224 mm2.

Figure 10.6. Sieve analysis of 0,3Mn27Cr8Mo19NÍ0.4N steel (< 250 urn). 
Average surface area of powder particles (Eq. 1.1) A= 3,768 mm2.
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Figure 10.7. Sieve analysis of 3,7Mn25Cr7Mo21 NiO,5N steel (< 250 um). 
Average surface area of powder particles (Eq. 1.1) A= 4,233 mir,

10.3. Densities of Materials

Measured densities together with theoretical values of selected materials are presented in Table 10.8. 
Theoretical densities were calculated using following densities for elements (in g/cm3)1: C 3,516; Si 2,33; 
Mn 7,47; Cu 8,93; Cr 7,19; Mo 10,22; Ni 8,91 ; V 6,09; Ti 4,51 ; Nb 8,58; AI 2,70; W 19,25; N 1,03 and Fe 
7,87. Densities of phosphorus and sulphur were not used. Densities were measured using Micrometritics 
model 1302/1303 Helium-Air Pycnometer (Figure 10.8) in Laboratory of Minerals and Particles at Helsinki 
University of Technology. Pycnometry is a method of determining the volume occupied by a solid of 
complex shape and is generally used to determine the true density of P/M materials. Pycnometer is a 
suitable device for mesuring densities of porous materials. In gas pycnometry, volume displacement is 
not measured directly, but determined from the pressure-volume relationship of a gas under controlled 
conditions. Helium gas is used because it does not adsorb on most materials. He can penetrate to 1 nm 
diam. pores and it behaves as an ideal gas. The sample is first outgassed to remove contaminants. 
Helium is purged into sample cell holder and system is allowed to reach ambient temperature and 
pressure. Reference cell is then isolated from the system and sample is placed into the sample cell. 
Pressure of the system is then raised to about 0,1 MPa over ambient pressure and valve between 
sample cell and reference cell is opened. System reaches a new equilibrium. The volume of the sample 
can then be defined with relationship pV=nRT using data from ambient, intermedium and final conditions. 
The density of the sample is achieved dividing the weight of the sample by the volume.

1 Kittel, C., Introduction to Solid State Physics. 5th ed., 1976, John Wiley & Sons Inc.
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Figure 10.8. Schematic diagram of Micrometritics model 1302/1303 helium-air pycnometer.

Table 10.8. Densities of selected steels.
No. Material Calculated 

Density fo/cm^l
Measured 

Density fo/cm^l
Difference

fo/cm^l
3 Nitronic 60 S.A. 7,58 7,60 -0,02
4 4Si9Mn 1 ЭСгЗМоО, 1N C 1175°C 7,67 7,65 0,02
7 4Si9Mn 17Cr3Mo0,2N H 1175°C 7.67 7,62 0,05

11 4Si9Mn17Cr3MoO,2N H+E 1150°C 7,67 7,65 0,02
16 4Si9Mn17Cr3MoO,2N E 1150°C 7,67 7,65 0,02
25 18Cr19MnO,6N F 1120°C 7,61 7,67 -0,06
26 18CM 9MnO,7N H 1050°C 7,58 7,65 -0,07
33 19Cr19MnO,7N F 1050°C 7,59 7,40 0,19
34 18Cr18Mn0.8NF1120°C 7,57 7,63 -0,06
40 MMC25-19Cr18MnO,7N H 1050°C 7,58 6,83 0,75
42 MMC35-19Cr18MnO,7N H 1050°C 7,58 7,50 0,08
59 Hadfield Mn13 C 1150°C 7,70 7,78 -0,08
60 Hadfield AM17 C 1150°C 7,69 7,71 -0,02
61 Hadfield Suixa C 1150°C 7,68 7,73 -0,05
44 2,3Mn24Cr8Mo23Ni0,3N H 1175°C 8,10 8,00 0,10
46 2,5Mn24Cr9Mo22Ni0,4N H 1175°C 8,09 7,98 0,11
49 0,3Mn27Cr8Mo19NÍ0.4N H 1200°C 8,04 7,97 0,07
51 3,4Mn23Cr8Mo22Ni0,5N H 1175°C 8,09 7,98 0,11
52 2,4Mn25Cr8Mo21 NÍ0.4N H 1175°C 8,06 8,00 0,05
53 2,2Mn26Cr7Mo22Ni0,4N H 1175°C 8,04 7,98 0,06
54 3,7Mn25Cr7Mo21 NiO,5N H 1175°C 8,03 7,98 0,05
55 3,4Mn25Cr7Mo22Ni0,6N H 1175°C 8,04 7,98 0,06
56 2,3Mn25Cr7Mo22Ni0,8N H 1175°C 8,03 7,96 0,06
57 654 SMO S.A. 8,05 7,95 0,10
58 Hastelloy C 276 8,83
70 Si-Iron 7,01

S.A. = solution annealed.
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10.4 Discussion and Conclusions

Comparison of densities of MnCr7MoNiN steels versus average surface area of powder particles show no 
relationship. Thus, it can be concluded that average area of powder particles does not affect obtained 
density during HIP-cycle. Comparison of calculated and measured densities show that there is not 
remarkable deviation between those two values, except with metal matrix composites. Calculated 
densities of metal matrix composites are higher than in reality, because the volume fraction of AI2O3- 
particles was not included in calculations. Thus, it can be concluded that it is possible to produce fully 
dense materials with HIP-technique. It can also be concluded, that the applied pressures and 
temperatures during HIP-cycles have been adequate. More data with larger deviations in manufacturing 
procedures is needed in order to set specifications for HIP-procedure. This data includes at least powder 
density, sieve analysis, powder form index 8 (for spherical particles 8=1), applied pressure ( inside and 
outside the can), HIP temperature and cycle times. In Figure 10.9 is presented relationship between 
average particle surface area and oxygen content of HIPped solid specimens. As can be seen, oxygen 
content decreases as average particle surface area increases. Allthough the amount of data is small and 
possibility to some error exists, there is a logical explanation for this phenomenon. As the particle surface 
area decreases, the surface area of powder bed increases. Thus, there is more free surface to interact 
with environment. In order to establish this important phenomenon more accurately, powder samples of 
4Si9Mn17Cr3MoO,2N steel were analyzed with LECO analyzer at Rautaruukki Oy in Raahe. Results of 
these measurements are presented in Figure 10.10. Results show clearly, that as the average powder 
diameter (i.e., surface area) decreases, the amount of oxygen increases. Thus, in order to decrease the 
amount of oxygen in HIPped steels, the average particle surface area should be as high as possible and 
the average surface area of powder bed as small as possible.
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Figure 10.9. Amount of oxygen аз a function of average particle surface area in HIPped MnCrZMoNiN steels.
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Figure 10.10. Amount of oxygen as a function of fraction size in 4Si9Mn17Cr3MoO,2N steel powder samples. 
Analyses were conducted with LECO analyzer.

11. Microstructures

11.1. Optical Microscopy and X-Ray Diffraction

Optical microscopy was conducted using a Nikon metallographic microscope. Samples were prepared by 
polishing them with SiC abrasive paper and diamond paste. After polishing all the samples, except 
MnCrTMoNiN steels, were etched with aqua regia. MnCrTMoNiN steels were etched electrolytically in 12 
% HNOg.solution with anodic current of approximately 2 A.

X-ray diffraction analysis for determining amounts of ferrite and austenite in polished samples was 
conducted using SIEMENS D500 diffractometer operating at 25 kV X 40 mA and detected by an INEL 
CPS-120 curved position sensitive detector. Co-Ka1 radiation was used with quartz monochromator. 
Samples were coated with silicon single crystal powder for calibration of the X-ray diffraction peak 
positions.

Microstructures of SiMnCrMoN steels are presented in Figures 11.1 -11.23. Microstructures of 
SiMnCrMoN steels are austenitic-ferritic; the amount of ferrite varied between 0-10 %. Microstructures of 
18Cr18MnN steels are fully austenitic. Typical microstructures of 18СИ 8MnN steels are presented in 
Figures 11.24 -11.27. Grain sizes of HIPped steels are smaller than those of forged steels. Forged steels 
appear to be cleaner than HIPped steels. HIPped materials have large amounts of inclusions at grain 
boundaries, whereas forged steels have no grain boundary inclusions. Microstructures of MnCr7MoNiN 
steels are fully austenitic. An exception is 0,3Mn27Cr8Mo19NiO,4N steel, which contains appr. 9 % 
ferrite. HIPped materials have inclusions at grain boundaries. Microstructures of MnCr7MoNiN steels are 
presented in Figures 11.28-11.31.
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Figure 11.1. Fully austenitic microstructure of cast Nitronic 50 steel. Magnification 550X.

Figure 11.2. Cast Nitronic 60 steel: microstructure is fully austenitic. Magnification 175X.
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Figure 11.3. Cast 4Si9Mn 19Cr3MoO,1 N steek solution annealing temperature 1175 “C, ferrite content 7,5 %. Ferrite content in X-ray
diffraction analysis was 8,2 %. Magnification 550X.

Figure 11.4. HIPped and extruded 4Si9Mn17Cr3Mo0.2N steel: solution annealing was not conducted. Microstructure is austenitic with
nets of precipitation along grain boundaries. Magnification 530X.
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jure 11.5, HiPped 4Si9Mn17Cr3MoOy2N steel: solution annealed at 1150 °C. ferrite content 5 %. Magnification 460X,

Figure 11.6. HIPped 4SI9Mnl7Cr3MoO,2N steel: solution annealed at 1175 °C, Ferrite content 6,7 %. Magnification 460X.
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Figure 11.7. HIPped 4Si9Mn17Cr3MoO,2N steei: solution annealed at 1200 “C, ferrite content 8,7 %. Magnification 460X.

Figu: ) 11.8. HIPped and extruded 4Si9Mn1903MoO,2N steel: solution annealed at 1100 °C, ferrite content 6,5 %. Magnification
1100X.
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'■igar® 1 ; ,S, HIPped and extruded 4Si9Mn17Cr3Moû,2N steel: solutos annealed at 1125 °C, ferrite content 0,5 %. Magnification 540X.

Figure 11.10. HIPped and extruded 4S(9Mn 17Cr3MoO,2N steei: solution annealed at 1150 °C, ferrite content 8 %. Magnification 540X.
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Figure 11.11. Extruded 4S¡9Mn 17СгЗМоО,2N steel: solution annealed at 1050 °C.
Large amounts of precipitates inside grains and at grain boundaries. Magnification 1100X.

/ .x^'5

Figure 11.12. Extruded 4Si9Mn17Cr3MoO,2N steel: solution annealed at 1075 °C.
Precipitates inside grains and at grain boundaries. Magnification 1100X.



126

Figure 11.13. Extruded 4Si9Mn17Cr3MoO,2N steel: solution annealed at 1100 °C. Solution annealing temperature is high enough
dissolved precipitates. Feirite content is 3,5 %. Magnification 1100X.

Figure 11.14. Extruded 4Si9Mn17Cr3Mo0,2N steel: solution annealed at 1125 °C, ferrite content 2,5 %. Magnification 550X.
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Figure 11.15. Extruded 4St9Mn 1 TCrSMcC^N steei: solution annealed at 1150 °C, ferrite content S .5 %. Magnifiât uon 220X.

i
Figure 11.16. HIPped and forged 4Si9Mn17Cr3MoO,2N steel: solution annealed at 1175 °C, ferrite content 6,6 %. Magnification 580X.
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Figure 11,17. HIPped and GFM-forged 4Si9Mn17Cr3MoO,2N steel: reduction 68%, solution annealed at 1150 °C, ferrite content 2 %.
Magification 570X.

:

Figure 11.18. HIPped and GFM-forged 4Si9Mn17Cr3MoO,2N steel: reduction 36 %, solution annealed at 1150 CC, ferrite content 2,4 %.
Magnification 570X.
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Figure 11.19. HiPped 4Si9Mn 17Cr3MoO,5N steei: soiution annealed at 1200 °C, Microstructure is fully austenitic. Magnification 550X.

Figure 11.20. HIPped 6Si17Mn18Cr3Mo0,5N steel: solution annealed at 1200 °C. Microstructure consists of austenite, fenite, silicides 
and oxides. Ferrite content in X-ray diffraction analysis was 75,5 vol-%. Magnification 550X.
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Figure 11.21. HlPped 3Si18Mn18CrO,5N steel: solution annealed at 1200 °C. Microstructure is austenitic with 20 % ferrite.
Magnification 5SOX.

i______________________________...................... .................... ................................................................ _.......... ..... .....................i
Figure 11.22. HiPped 6SÎ16MnT8Cr1 MoO,5N steei: solution annealed at 1200 CC. Material is extremely brittle. Microstructure consiste 

of austenite, ferrite and thed'phase. Ferrite content in X-ray diffraction analysis was 43 vof-%. »
The hardness of third phase is >1000 HV. Magnification 200X.
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Figure 11.23. H i Pped 6Si 16Mn1801 MoQ,SN steal: solution annexed at 1250 °C. Cracking is dueío internai stresses. Cracks 
propagate along harder phase (ferrite). Hardness of ferrite is appr. 400 HV. Hardness o? austenite is appr, 300 HV. Magnification 200X.

Figure 11.24. HIPped 18Cr19MnO,7N steel: soiution annealed at 1050 “C. Microstructure is fuiiy austenitic. Magnification 500X.
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Figure 11.25. HIPped 20021 Mn1 N steei: solution annealed at 1200 °C. Microstructure is fully austenitic. 
Dark inclusions are present at grain boundaries. Magnification 530X.

Figure 11.26. HIPped 19Cr17Mn1,2N steel: solution annealed at 1200 °G. 
Microstructure is fully austenitic with dark inclusions at grain boundaries. Magnification 220X.
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Figure 11.27. Forged 1 SCrl 9MnO,6N steel: solution annealed at 1120 °C. Microstructure is fully austenitic. Magnification 110X.

Figure 11.28. Fully austenitic microstructure of wrought Avesta 654 SMO. Magnification 175X.
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Figure 11.29, H iPped 2,3Mn25Cr7Mo22Ni0,8N sted: solution annealed at 1175 °C. 
Microstructure is fully austenitic. Magnification 115X.

Figure 11.30. HiPped 0,3Mn27Cr8Mo19NiO,4N steel: solution annealed at 1200 *0. Microstructure is austenitic with 9,1 % ferrite like
phase (possibly o-phase). Magnification 1125X.
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Figure 11.31. HIPped 2,3Mn24Cr8Mo23Ni0,3N steel: solution annealed at 1175 °C. Microstructure is austenitic. Magnification 530X.

11.2. Electron Probe Micro Analyses (ERMA)

Electron probe micro analyses (EPMA) were conducted with ARL SEMQ microsond analyzer at IM 
(Institut för Metallforskning) in Sweden. Analyzed elements were Si, Mn, Cr, Mo, Ni and N. Limit of 
detectability for carbon and nitrogen was 0,03 wt-%. Thus, carbon contents of different phases could not 
be analyzed. Compositions of austenite, ferrite and other phases of selected steels are presented in 
Table 11.1.

Table 11,1. Results of Electron Probe Micro Analysis conducted at IM in Sweden.
No. Material MM Phase Si Mn Cr Mo Ni N

wt-% wt-% wt-% wt-% wt-% wt-%
4 4SI9Mn19Cr3MoO,1N 

(Figure 2.3)
C a 4,32 7,58 25,78 4,09 9,09 0

7 3,95 8,95 20,97 2,64 14,14 0,04

7 4Si9Mn17Cr3MoO,2N 
(Figure 2.4)

H
a 6,94 8,25 19,74 4,41 9,3 0
7 6,26 8,29 17,43 3,01 11,28 0,14

Particle 1 0,67 * 19,88 0,03 021 0,91
Particle 2 29,79 * 16,49 * * 0,38

24 6Si17Mn18Cr3MoO,5N 
(Figure 2.20)

H

Grain 10,19 13,65 19,56 2,67 0,75 0
Grain boundary 9,02 14,05 33,29 11,2 0,26 1,45

Particle 1 5,11 * 44,36 2,73 0,75 4,57
Si-phase 15,78 17,58 14,9 2,24 0,62 0,36
Particle 2 10,1 * 37,5 3,36 0,7 3,46

GB of Si-phase 9,16 * 31.4 10,3 0,89 1,55
25 3Si18Mn18CrO,5N 

(Figure 2.21)
H a 4,25 17,61 24,36 0,1 1,1 0

7 3,64 19,94 22,02 0,03 0,96 0,35
41 19СИ7МП1,2N 

(Figure 2.26)
H 7 0,67 * 19,88 0,03 021 0,91

Grain boundary 29,79 * 3,08 0 0 0
51 0,3Mn27Cr8Mo19NÍ0.4N 

(Figure 2.30)
H a 0,28 * 33,82 18,82 12,4 0

7 0,2 * 28,9 7,14 20,05 0,39
*= Not analyzed.

In 4Si9Mn17Cr3MoO,2N steel two kinds of particles were observed. Particle 1 contains mainly chromium 
and nitrogen and is .thus, assumed to be*chromium nitride (C^N or CrN). Particle 2 contains high 
amounts of silicon, chromium and nitrogen and is assumed to be a silicide. In 6Si17Mn18Cr3MoO,5N 
steel was observed several Si-rich phases. Within grains no nitrogen was measured, which may be due 
to ability of silicon to reduce solubility of nitrogen. At the grain boundaries nitrogen and chromium 
contents are remarkably high thereby suggesting the existence of chromium nitrides. Similar observations
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were made with both Particle 1 and Particle 2. Si-phase is assumed to contain silicides. At the grain 
boundary of Si-phase molybdenum content is higher than in the Si-phase and reason for which is not 
known. At the grain boundary of 19СИ 7Mn1,2N steel the silicon content of small precipitates is 
surprisingly high. Small particles may be silicides precipitated from austenitic matrix. The second phase in 
0,3Mn27Cr8Mo19NÍ0.4N steel may be ferrite of о-phase. In optical microscopy the phase appears like 
ferrite. However, EPMA analysis show extraordinary high contents of Mo and Ni thereby suggesting, that 
the phase should be something else than ferrite, possibly o-phase.

11.3. Discussion

As can be seen from the micrographs, solution annealing temperature has an effect on 5-ferrite content 
of SiMnCrMoN steels. Ferrite content of SiMnCrMoN steels as a function of solution annealing 
temperature is presented in Figure 11.32. Ferrite content increases as solution annealing temperature 
increases because of higher stability of 5-ferrite at elevated temperatures. Partitioning of alloying 
elements between ferrite and austenite depends on the amount of ferrite. Values of alloying element 
partition coefficients have been published by, e.g., Charles (1991) for duplex stainless steels. These 
values have been compared to measured values in Figures 11.33-11.35.

<— Solidification structure 
( Precipitation at GB )

<— Solution cnnealed structure —> 
( 8-ferrtte and austenite )

Solution Annealing Temperature (°C)

Figure 11.32. Effect of solution annealing temperature on 5-ferrite content of 4Si9Mn 19Cr3MoO,2N steels.

Figure 11.33. Partition coefficients of alloying elements in cast 4Si9Mn 1 ЭСгЗМоО, 1N steel. Part 1 and Part 2 are partition coefficients
calculated using data obtained from different measurements.
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Figure 11.34. Partition coefficients of alloying elements in HIPped 4Si9Mn17Cr3MoO,2N steel. Part 1 and Part 2 are partition 
coefficients calculated using data obtained from different measurements.

Ш partition coefficient 1 

D Partition coefficient 2 

El Partition after Choies (1991)

Figure 11.35. Partition coefficients of alloying elements in HIPped 0,3Mn27Cr8Mo19Ni0,4N steel. Partition coefficients 1 and 2 were 
calculated using data obtained from different measurements. High values of partition coefficients in case of Si, Mo and N are probably

due to false measurements of alloying element content

11.4. Conclusions

Low solution annealing temperature minimizes the amount of ferrite in Si-alloyed steels. Solution 
annealing temperature must be high enough in order to get rid of precipitates generated during 
solidification after HIP. Equations by Zheng (1991), which are presented in literature review, can be used 
for selecting solution annealing temperature. The equations determine the minimum solution annealing 
temperature to get desired amount of nitrogen in solid solution. With SiMnCrMoN steels solution 
annealing temperature must be higher than 1100 °C. Partition coefficients obey generally values given in 
literature. An exception is 0,3Mn27Cr8Mo19Ni0,4N steel. It is assumed that the ferrite like phase is an 
intermetallic phase, possibly о-phase. 6Si17Mn18Cr3MoO,5N steel has several phases rich in silicon. It is 
assumed that these phases are silicides. Silicides cause marked brittleness of materials. Similar 
behaviour was observed with 6Si16Mn18Cr1 MoO,5N steel.



12. Analyses of Passive Films

12.1 Materials and Methods
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Passive layers of typical SiMnCrMoN, 18Cr18MnN and MnCr7MoNiN steels were analyzed using 
Electron Spectroscopy for Chemical Analysis (ESCA) at Tampere University of Technology and Glow 
Discharge Optical Spectroscopy (GDOS) at Rautaruukki Oy in Raahe and at Outokumpu Oy in Västerås, 
Sweden. ESCA or XPS (X-ray Photoelectron Spectroscopy) is based on photoelectric phenomena. An 
atom is bombarded with photons, which leaves atom in charged state. When the excitation energy is 
known, the binding energies of electrons can be calculated from measured kinetic energies of electrons. 
XPS was first used to determine general spectra from the samples for qualitative analysis of the 
elements. The observed elements were then measured quantitatively <n wt-%. Also the metal/oxide ratios 
were analyzed. The samples were sputtered in 5-25 min intervals to find the depth where the 
metal/oxide ratio is stabilized. Sputtering rate was approximately 10 nm ± 2,5 nm/min.

GDOS is based on use of glow discharge lamp. A planar sample is fastened in glow discharge lamp of 8 
mm diam. nozzle. The hole of the nozzle acts as an anode and the sample as cathode. When the 
voltage is connected, plasma ignition occurs in the nozzle. At the same time positively charged ions from 
plasma start to bombard surface of the probe, which has negative potential. The emission lines of the 
elements are analyzed with an optical emission spectrometer. The spectrometer regístrales intensities 
of chosen elements as a function of time from the moment of ignition. The intensities of vawe lengths are 
functions of concentrations. Thus, by measuring intensities, amplifying them in photoamplifier and 
processing the data in computer, the concentration profiles can be achieved. The calibration of 
sputtering rate is normally conducted by weighing the sample or by use of profilometer. Equipment used 
for GDOS analysis was LEGO SDP-750 (Surface Depth Profile Emission Spectrometer) at Rautaruukki 
Oy and optical emission spectrometer ARL 3580 OES with ARL 8000 GDL glow discharge lamp at 
Outokumpu Oy. Sputtering rate was approximately 40 nm/s.

12.2 Results of ESCA Analyses

The results of ESCA analyses are presented in Figures 12.1 -12.16. The stoichiometry of the iron oxide 
is Рв20з. The stoichiometry of chromium oxide is СГ2О3. The stoichiometry of molybdenum oxide is 
M0O3 and that of manganese is МП3О4. The highest photo peaks of silicon are between 99 - 102,5 eV. 
Metallic silicon is located in 99,5 eV and silicon oxide in 103,4 eV. In order to achieve the amount of 
silicon oxide, reference samples for metallic and oxidic silicon should have been made.

In Figure 12.1 is presented ESCA anlysis of Nitronic 50. Carbon shows a peak on surface. This may be 
due to impurities in analysing chamber. More important finding is, that silicon and nitrogen show also a 
peak on surface, whereas chromium and molybdenum are depleted from the surface. In fact, the 
elements showing a peak on surface are oxygen, carbon, silicon and nitrogen. Relative amounts of iron, 
molybdenum and chromium as oxides are presented in Figure 12.2. Almost all chromium is as oxide on 
the surface, whereas the amount of molybdenum as oxide is only about 25 %. Also iron is almost all as 
oxide on the surface.

In Figures 12.3 and 12.4 are presented the results of Nitronic 60. Elements showing peak on the surface 
are oxygen, carbon, silicon and nitrogen. Molybdenum appears also only on the surface. Again, almost all 
chromium and iron are in the forms of oxide on the surface.

In Figures 12.5 and 12.6 are presented the results of cast 4Si9Mn19Cr3MoO,1 N steel. Elements showing 
peak on the surface are carbon, oxygen and nitrogen. Manganese and silicon show a peak at 50 nm 
from the surface.

Analysis of HIPped 4Si9Mn19Cr3MoO,2N steel (Figures 12.7 and 12.8) show, that oxygen and nitrogen 
have peaks on the surface. Also manganese content is higher on the surface than below the surface.

In Figures 12.9 and 12.10 are presented results of 4Si9Mn17Cr3MoO,2N steel solution annealed at 1150 
°C. Solution annealing temperature is, thus, higher than in Figures 3.7 and 3.8. Nitrogen and silicon show 
now much clearer peaks on the surface. Nitrogen cannot be found at all after 100 nm sputtering depth. 
Manganese remains almost at same level throughout the sputtering depth. Nickel, molybdenum, 
chromium and iron are depleted from the surface, but their relative amounts increase sharply and 
stabilize at about 150 - 200 nm sputtering depth.



In Figures 12.11 and 12.12 are presented ESCA analyses of HIPped and forged 4Si9Mn17Cr3MoO,2N 
steel solution annealed at 1175 °C. Peaks existing on the surface are those of carbon, oxygen and 
nitrogen. Level of silicon remains stable throughout the sputtering depth.

In Figures 12.13 and 12.14 are presented ESCA analyses of HIPped 2,2Mn26Cr7Mo22Ni0,4N steel 
solution annealed at 1175 °C. Nitrogen as well as silicon appear only on the surface. Chromium shows a 
peak at 50 nm sputtering depth. Nickel, chromium, molybdenum and iron amounts are all low on the 
surface.

In Figures 12.15 and 12.16 are presented ESCA analyses of forged 19СИ 9MnO,7N steel. Only nitrogen, 
carbon and oxygen show peaks on the surface. Manganese and chromium are mostly oxidic throughout 
the sputtering depth (350 nm).
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Distance from Surface (nm)

Figure 12.1 ESCA results for Nitronic 50 steel. Solution annealed. 
Surface was polished with A^Og and washed with alcohol prior to sputtering.

Distance from Surface (nm)
Figure 12.2 Relative amounts of oxides on Nitronic 50 steel.

Solution annealed. Surface was polished with A^Oß and washed with alcohol prior to sputtering.



140

Distance from Surface (nm)

Figure 12.3. ESCA results for Nitronic 60 steel. Solution annealed. 
Surface was polished with A^Og and washed with alcohol prior to sputtering.

Distance from Surface (nm)

Figure 12.4 Relative amounts of oxides on Nitronic 60 steel. Solution annealed.
Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.5 ESCA results for cast 4Si9Mn 1 ЭСгЗМоО, 1N steel solution annealed at 1175°C. 
Surface was polished with A^Og and washed with alcohol prior to sputtering.

Distance from Surface (nm)

Figure 12.6 Relative amounts of oxides on cast 4Si9Mn1 ЭСгЗМоО,1N steel solution annealed at 1175°C.
Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Distance From Surface (nm)

Figure 12.7 ESCA results for HIPped 4Si9Mn17Cr3MoO,2N steel solution annealed at 1125°C. 
Surface was polished with A^Og and washed with alcohol prior to sputtering.

Distance From Surface (nm)

Figure 12.8 Relative amounts of oxides on HIPped 4Si9Mn17Cr3MoO,2N steel solution annealed at 1125°C.
Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.9 ESCA results for HIPped 4Si9Mn17Cr3MoO,2N steel solution annealed at 1150°C. 
Surface was polished with A^Og and washed with alcohol prior to sputtering.

Distance from Surface (nm)

Figure 12.10 Relative amounts of oxides on HIPped 4Si9Mn17Cr3MoO ,214 steel solution annealed at 1150°C.
Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Distance from Surface (nm)

Figure 12.11 ESCA results for HIPped and forged 4Si9Mn17Cr3MoO,2N steel solution annealed at 1175°C. 
Surface was polished with AlgOg and washed with alcohol prior to sputtering.

Distance from Surface (nm)

Figure 12.12 Relative amounts of oxides on HIPped and forged 4Si9Mn17Cr3MoO,2N steel solution annealed at 1175°C.
Surface was polished with AlgOg and washed with alcohol prior to sputtering.
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Distance from Surface (nm)

figure 12.13 ESCA results for HIPped 2,2Mn26Cr7Mo22Ni0,4N steel solution annealed at 1175°C.
Surface was polished with A^Og and washed with alcohol prior to sputtering.

Distance from Surface (nm)

figure 12.14 Relative amounts of oxides on 2,2Mn26Cr7Mo22N¡0,4N steel solution annealed at 1175°C.
Surface was polished with AlgOg and washed with alcohol prior to sputtering.
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Distance from Surface (nm)

Figure 12.15 ESCA results for forged 19Cr19MnO,7N steel solution annealed at 1050°C. 
Surface was polished with A^Og and washed with alcohol prior to sputtering.

„ 50

Distance from Surface (nm)

Figure 12.16 Relative amounts of oxides on forged 19Cr19MnO,7N steel solution annealed at 1050°C. 
Surface was polished with A^Og and washed with alcohol prior to sputtering.

12.3 Results of Glow Discharge Optical Spectroscopy

Results of GDOS analyses are presented in Figures 12.17 -12.41. Carbon and oxygen appear in every 
spectra with high peaks on surface. They are thought to exist mainly as impurities from the environment. 
Thus, peaks of carbon and oxygen are left without notice.

In Figures 12.17 and 12.18 are presented spectra for Nitronic 50 steel. It can be seen that there exist 
several peaks in the surface layer. Highest peaks are those of carbon and oxygen. Chromium has a high 
peak right after the surface approximately at depth of 10 nm. Manganese has a peak approximately at 
same depth. Peaks of nitrogen and silicon are also clearly visible and appear before the peak of 
chromium. Nickel has a low peak aproximately at the same depth as that of chromium.

In Figures 12.19 and 12.20 are presented spectra of Nitronic 60 steel. Similar features appear than those 
in the case of Nitronic 50 steel, but the peak of silicon is higher due to higher content in Nitronic 60 steel.



147
In Figure 12.21 are presented spectra of Nitronic 60 steel obtained by Outokumpu Oy in Västerås, 
Sweden. Appearing peaks in the surface layer are those of chromium, nitrogen, silicon, molybdenum, 
manganese and nickel.

In Figures 12.22 and 12.23 are presented spectra of cast 4Si9Mn19Cr3MoO,1N steel solution annealed at 
1175 °C. Spectra show clear maxima in curves of chromium, nickel, silicon, manganese and nitrogen in 
the surface layer.

In Figures 12.24 and 12.25 are presented spectra of HIPped 4Si9Mn17Cr3MoO,2N steel solution 
annealed at 1125 °C. Appearing peaks in the surface layer are those of chromium, silicon, nickel, 
manganese and nitrogen. Also molybdenum seems to have a hardly visible peak in the surface layer.

In Figures 12.26 and 12.27 are presented spectra of the same steel solution annealed at 1150 °C. Only 
difference as compared to Figures 12.24 and 12.25 is that peaks are more clearly separated from each 
other.

In Figures 12.28 and 12.29 are presented spectra of HIPped 4Si9Mn17Cr3MoO,2N steels solution 
annealed at 1125 °C and 1150 °C. Spectra were obtained by Outokumpu Oy. Similar kinds of features 
appear than in the case of spectra obtained by Rautaruukki Oy.

In Figures 12.30 and 12.31 are presented spectra of HIPped 4Si9Mn17Cr3MoO,2N steel solution 
annealed at 1175 °C. Spectra are similar to those in Figures 12.24 -12.27.

In Figures 12.32 and 12.33 are presented spectra of HIPped 2,2Mn26Cr7Mo22Ni0,4N steel solution 
annealed at 1175 °C. Appearing peaks are those of chromium, nitrogen and molybdenum. Peaks of 
nitrogen and molybdenum appear at the same depth (4 - 7 nm). In Figure 12.34 are presented spectra of 
same steel obtained by Outokumpu Oy. Appearing peaks are those of chromium, manganese, 
aluminium, nitrogen, nickel and silicon. Peak of molybdenum does not appear.

In Figures 12.35 and 12.36 are presented spectra of forged 19Cr19MnO,7N steel solution annealed at 
1050 °C. Strongest peaks in the surface layer are those of chromium and manganese. Peaks of silicon 
and nitrogen do also appear. In Figure 12.37 are presented spectra of the same steel obtained by 
Outokumpu Oy. There are more analyzed elements than in spectra in Figures 12.35 and 12.36. Thus, 
there are also more elements showing peaks on the surface. Existing peaks are those of chromium, 
silicon, aluminium, manganese, molybdenum and nitrogen. Also nickel has a peak, but it is located 
deeper.

In Figure 12.38 are presented spectra of HIPped 18Cr19MnO,7N steel solution annealed at 1050 °C. 
Appearing peaks are those of nickel, chromium, manganese, silicon, molybdenum and nitrogen.

In Figure 12.39 are presented spectra of forged 18Cr19MnO,6N steel solution annealed at 1120 °C. 
Appearing peaks in the surface layer are those of chromium, manganese, nitrogen and silicon.

In Figure 12.40 are presented spectra of forged 18Cr18MnO,8N steel solution annealed at 1120 °C. 
Appearing peaks are those of chromium, manganese, silicon and nitrogen.

In Figure 12.41 are presented spectra of cast CF8M steel solution annealed at 1070 °C. Appearing peaks 
in the surface layer are those of chromium, manganese, nickel, silicon and aluminium.



148

Z------------------------------------------------
RAUTARUUKKI Of
RAAHE flNLAND

DATE CLOCK
92-03-10 1254
PRG.NAME SAMPL
KAUKOCR N50
EXffA. PRESRE
3004 1

a Zoom Position Smooth HS
C 1.0 0.00 0 5
CR 3.R 0.00 4 1
NI 3.0 0.00 3 4
SI tO 0.00 2 4MN L«.’ V.uV
MO 0.5 0.00 2 3

8. Zoom Position Smooth HS
N to 0.00 0 10
0 1.0 0.00 0 10

6.430 ¿

S767

il 44

<501 ч

^1858

S'1215

2572

1929

1286

0.643

------------------—

i _ ж - - « - - -

——i--------

0500
V

<077 1153 12230 Ш06 20563 , 2 <460 21536
lime / see

---- ~V""~..........  I>
32613 31669 40.766

J
Figure 12.17. G DOS results of solution annealed Nitronic 50 steel obtained by Rautaruukki Oy.

Sputtering rate is approximately 40 nm/s. The spectra are stabilized after 4 s. Corresponding depth Is approximately 160 nm. 
Surface was polished with A^Oq and washed with alcohol prior to sputtering.
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Figure 12.18. GDOS spectra of wrought and solution annealed Nitronic 50 steel obtained by Rautaruukki Oy. Spectra were run in 
shorter steps than those in Figure 3.17 to reveal distribution of elements in the surface layer. Sputtering rate was appr. 40 nm/s. 

Surface was polished with AI2Og and washed with alcohol prior to sputtering.
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Figure 12.20. GDOS spectra of wrought and solution annealed Nitronic 60 steel obtained by Rautaruukki Oy. Sputtering rate was 40 
nm/s. Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.21. G DOS spectra of Nitronic 60 steel obtained by Outokumpu Oy. The upper spectra extend up to 400 nm and the lower up
to 40 nm. Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.22. GDOS spectra of cast 4Si9Mn 1 ЭСгЗМоО, 1N steel solution annealed at 1175 °C obtained by Rautaruukki Oy. Sputtering 
rate was 40 nm/s. Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.23. GDOS spectra of cast 4Si9Mn 1 ЭСгЗМоО, 1N steel solution annealed at 1175 °C obtained by Rautaruukki Oy. Sputtering
rate was appr. 40 nm/s. Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.24. GDOS spectra of HIPped 4Si9Mn 17Cr3MoO,2N steel solution annealed at 1125 °C obtained by Rautaruukki Oy. 
Sputtering rate was appr. 40 nm/s. Surface was polished with AlgOg and washed with alcohol prior to sputtering.
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Figure 12.25. GDOS spectra HIPped 4Si9Mn17Cr3MoO,2N steel solution annealed at 1125 °C obtained by Rautaruukki Oy. Sputtering
rate was appr. 40 nm/s. Surface was polished with AlgOg and washed with alcohol prior to sputtering.
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Figure 12.26. GDOS spectra of HIPped 4Si9Mn17Cr3MoO,2N steel solution annealed at 1150 °C obtained by Rautaruukki Oy. 
Sputtering rate was appr. 40 nm/s. Surface was polished with A^Og and washed with alcohol prior to sputte-i .
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Figure 12.27. GDOS spectra of HIPped 4Si9Mn17Cr3MoO,2N steel solution annealed at 1150 °C obtained by Rautaruukki Oy.
Sputtering rate was appr. 40 nm/s. Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.28. GDOS spectra of HIPped 4S¡9Mn17Cr3MoO,2N steel solution annealed at 1150 °C obtained by Outokumpu Oy. Surface
was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.29. G DOS spectras of HIPped and extruded 4Si9Mn17Cr3MoO,2N steel solution annealed at 1125 °C. Results obtained by
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Figure 12.30. GDOS spectra of HIPped and forged 4Si9Mn17Cr3MoO,2N steel solution annealed at 1175 °C obtained by Rautar икк! 
Oy. Sputtering rate was appr. 40 nm/s. Surface was polished with A^Og and washed with alcohol prior to spv tering.
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Figure 12.31. GDOS spectra HIPped and forged 4Si9Mn17Cr3MoO,2N steel solution annealed at 1175 °C obtained by Rautaruukki Oy.
Sputtering rate was appr. 40 nm/s. Surface was polished with A^Og and washed with alcohol prior to sputtering.
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rigure 12.32. G DOS spectra of HIPped 2,2Mn26Cr7Mo22Ni0,4N steel solution annealed at 1175 °C obtained by Rautaruukki Oy. 
Sputtering rate was appr. 40 nm/s. Surface was polished with AlgOg and washed with alcohol prior to sputter g.
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Figure 12.33. GDOS spectra of HIPped 2,2Mn26Cr7Mo22Ni0,4N steel solution annealed at 1175 °C obtained by Rautaruukki Oy.
Sputtering rate was appr. 40 nm/s. Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.34. GDOS spectra of HIPped 2,2Mn26Cr7Mo22Ni0,4N steel solution annealed at 1175 °C obtained by Outokumpu Oy.
Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.35. GDOS spectra of forged 19CM 9MnO,7N steel solution annealed at 1050 °C obtained by Rautaruukki Oy. Sputtering rate 
was appr. 40 nm/s. Surface was polished with AUOg and washed with alcohol prior to sputtering.
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Figure 12.36. GDOS spectra of forged 19Cr19MnO,7N steel solution annealed at 1050 °C obtained by Rautaruukki Oy. Sputtering rate
was appr. 40 nm/s. Surface was polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.37. G DOS spectra of forged 19Cr19MnO,7N steel solution annealed at 1050 °C obtained by Outokumpu Oy. Surface was
polished with A^Og and washed with alcohol prior to sputtering.



161

SKALA/SCALE 
C 0-100% 
Si 0-10%

Fe 0—100% 
Cr 0—100%

O 0-10%
Ni 0-1%

Mn 0-100%
N ø-10%
HV 0-1 ØØØV 
Mo 0-0. 1 %

SKALA/SCRLE 

C 0-100% 
Si 0-10%
Fe 0-100% 
Cr 0-100%

O 0-10%
N i 0-1 %
Mn 0-100%
N 0—1ø%

HV 0-1 ØØØV 
Mo 0-0. 1 %

Figure 12.38. G DOS spectra of HIPped 18Cr19MnO,7N steel solution annealed at 1050 °C obtained by Outokumpu Oy. Surface was
polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.39. G DOS spectra of forged 18Cr19MnO,6N steel solution annealed at 1120 °C obtained by Outokumpu Oy. Surface was
polished with Al203 and washed with alcohol prior to to sputtering.
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Figure 12.40. GDOS spectra of forged 18Cr18MnO,8N steel solution annealed at 1120 °C obtained by Outokumpu Oy. Surface was
polished with A^Og and washed with alcohol prior to sputtering.
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Figure 12.41. GDOS spectra of cast CF8M steel solution annealed at 1070 °C obtained by Outokumpu Oy. Surface was polished with
Al203 and washed with alcohol prior to sputtering.

12.4 Discussion and Conclusions

According to the presented results nitrogen has a clear tendency to enrich on the surface of analyzed 
stainless steels. If silicon is present, it has a similar tendency. Behaviour of nitrogen and silicon is visible 
in both ESCA and GDOS analyses. According to the ESCA results, levels of chromium, nickel and 
molybdenum are lower on the surface than deeper in the steels. Similar features appear also in GDOS 
spectra. According to GDOS analyses, manganese is also present in the surface layer. Results of both 
ESCA and GDOS show, that there are several elements present in the surface layer with higher 
concentration than in bulk. These elements are chromium, nitrogen, manganese, molybdenum, nickel 
and silicon. Thus, these elements have to be taken into account when the effects of alloying are analyzed 
on different surface phenomena, such as corrosion and wear.

Thickness of passive layer is difficult to estimate from presented results. In many ESCA analyses the 
level of oxygen is stabilized at sputtering depth of 150 nm - 350 nm. The amount of chromium oxide 
relative to the amount of metallic chromium stabilizes at the same depth. Thus, according to presented 
results thickness of the passive layer would be approximately 150 nm - 350 nm. On the other hand, 
GDOS results show that thickness of the passive film would vary from 5 nm to 20 nm. However, 
measurements with ESCA and GDOS are delicate and subject to errors due to selective sputtering.
Thus, the results should be interpreted only on qualitative basis.



13. Tensile Properties at Room Temperature

13.1 Materials and Methods
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Tensile strength, yield strength (0,2%-proof stress), elongation at fracture and reduction of area were 
measured by Rauma Oy with MSL UT System Machine tensile testing machine and by Metals Laboratory 
in VTT (Valtion Teknillinen Tutkimuskeskus) with INSTRON Model 1185 tensile testing machine. 
Specimens were round bars manufactured according to standard SFS-EN 10 002-1 (1990). Tested 
materials are presented in Table 13.1.

Table 13.1 Tested materials and their treatment
Materials Heat treatment 

ГС]
Note

Nitronic 60 S.A. as received
4Si9Mn17Cr3MoO,2N H 1175

4Si9Mn 17Cr3MoO,2N H+E 1100
4Si9Mn 17Cr3MoO,2N H+E 1150

4Si9Mn 17Cr3Mo0.2N E 1100
4Si9Mn17Cr3MoO,2N E 1150
4Si9Mn 17Cr3MoO,2N E 1050
4Si9Mn17Cr3Mo0.2N E 1075

4Si9Mn 17Cr3MoO,2N H+F 1175
4Si9Mn17Cr3MoO,2N H+GFM40 1150
4Si9Mn17Cr3MoO,2N H+GFM80 1150

2,3Mn24Cr8Mo23Ni0,3N H 1175
2,5Mn24Cr9Mo22Ni0,4N H 1175
2,5Mn26Cr8Mo23Ni0,3N H 1175
0,3Mn27Cr8Mo19Ni0,4N H 1200
3,4Mn23Cr8Mo22Ni0,5N H 1175
2,4Mn25Cr8Mo21 NÍ0.4N H 1175
2,2Mn26Cr7Mo22Ni0,4N H 1175
3,7Mn25Cr7Mo21 NÍ0.5N H 1175
3,4Mn25Cr7Mo22Ni0,6N H 1175
2,3Mn25Cr7Mo22Ni0,8N H 1175

654 SMO S.A. as received
18Cr19Mn0.7N H 1050
18Cr19MnO,7N H 1100
18Cr19MnO,7N H 1150
19019MnO,7N F 1050
19Cr1 9MnO,7N F 1100
19Cr19MnO,7N F 1150
18Cr19MnO,6N F 1120
18Cr18MnO,8N F 1120
19Cr17Mn1,2N H 1200

MMC25-19СП SMnOJN H 1050
MMC35-19Cr18MnO,7N H 1050

Solution annealing time was ^h+--------------------------- . S.A. = solution annealed.
25 mm ot thickness

13.2 Results

Results of tensile tests are presented in Figures 13.1 -13.12. In Figures 13.1 -13.4 are presented tensile 
properties of SiMnCrMoN steels. Highest tensile strength was achieved with extruded 
4Si9Mn17Cr3MoO,2N steel solution annealed at 1050 °C (Figure 13.1). The lowest tensile and yield 
strength values were obtained with extruded and HIPped and extruded 4Si9Mn17Cr3MoO,2N steels 
solution annealed at 1150 °C. Increase in solution annealing temperature decreases tensile strength, as 
well as yield strength (Figure 13.2). Tensile strength values are in the range of 750 - 865 MPa. Yield 
strength values are in the range of 405 MPa - 474 MPa. Effect of solution annealing temperature on 
ductility is the opposite as compared to tensile and yield strength. In Figures 13.3 and 13.4 are presented 
elongation at fracture and reduction of area of SiMnCrMoN steels. Steels having high strength are 
associated with low ductility. Values of elongation at fracture are in the range of 15 - 48 % and reduction 
of area in the range of 13 - 55 %.

Tensile properties of 18Cr18MnN steels are presented in Figures 13.5 -13.8. Tensile strengths are in the 
range of 734 -1057 MPa. Yield strength values are in the range of 466 - 733 MPa. Elongation at fracture 
values of 18СП 8MnN steels are in the range of 10 - 63 % and reduction of area values are in the range 
of 4,5 - 75 %. Highest strength is attributed to HIPped 19Cr17Mn1,2N steel. Cast 19Cr19MnO,7N steel



has the lowest strength, allthough the metal matrix composites have lower tensile strength. Yield strength 
of HIPped steels is somewhat higher than that of forged steels. Situation is opposite when ductility is 
concerned. HIPped steels have clearly lower elongation at fracture and reduction of area values.

Tensile properties of MnCr7MoNiN steels are presented in Figures 13.9 -13.12. Tensile strength values 
are in the range of 667 - 1049 MPa. Yield strength is in the range of 444 - 843 MPa. Elongation at 
fracture values are in the range of 18 - 64,5 %. Reduction of area values are between 14-66 %. Yield 
strength of HIPped 2,4Mn25Cr8Mo21 NiO,4N steel was not possible to measure, because the strain 
gauge was damaged during the test. Material shortage inhibited new testing. Elongation at fracture and 
reduction of area was achieved by manual measurements from the broken sample. Also the tensile 
strength value of 2,4Mn25Cr8Mo21 NiO,4N steel is probably not exact. The highest tensile strength was 
achieved with 2,3Mn25Cr7Mo22Ni0,8N steel, which has also high value of yield strength. Surprisingly, 
same steel also has high value of elongation at fracture. Also HIPped 0,3Mn27Cr8Mo19NiO,4N steel has 
high strength, whereas ductility is poor. Elongation at fracture is 18 % and reduction of area is 14 %.
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Figure 13.1. Tensile strength of SiMnCrMoN steels at room temperature. Manufacturing routes and chemical analyses are presented In 
Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.

Figure 13.2. Yield strength of SiMnCrMoN steels at room temperature. Manufacturing routes and chemical analyses are presented in
Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.
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Figure 13.3. Elongation at fracture of SiMnCrMoN steels at room temperature. Manufacturing routes and chemical analyses are 
presented in Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.
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Figure 13.4. Reduction of area of SiMnCrMoN steels at room temperature. Manufacturing routes and chemical analyses are presented 
in Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.
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Figure 13.5. Tensile strength of 18Cr18MnN steels at room temperature. Manufacturing routes and chemical analyses are presented in 

Tables 10.1 -10.8. Different shades of grey separate tests conducted on the same material.
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Figure 13.6. Yield strength of 18Cr18MnN steels at room temperature. Manufacturing routes and chemical analyses are presented in 
Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.
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Fiqure 13.7. Elongation at fracture of 18Cr18MnN steels at room temperature. Manufacturing routes and chemical analyses are 
presented in Tables 10.1 -10.8. Different shades of grey separate teste conducted on the same material.

Figure 13.8. Reduction of area of 18Cr18MnN steels at room temperature. Manufacturing routes and chemical analyses are presented
in Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.
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Figure 13.9. Tensile strength of MnCr7MoNiN steels at room temperature. Manufacturing routes and chemical analyses are presented 
in Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.

Figure 13.10. Yield strength of MnCrZMoNiN steels at room temperature. Manufacturing routes and chemical analyses are presented in 
Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.
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Figure 13.11. Elongation at fracture of MnCr7MoNiN steels at room temperature. Manufacturing routes and chemical analyses are 
presented in Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.

Figure 13.12. Reduction of area of MnCrTMoNiN steels at room temperature. Manufacturing routes and chemical analyses are
presented in Tables 10.1 - 10.8. Different shades of grey separate tests conducted on the same material.
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In Figure 13.13 the tensile strength correlation with yield strength is shown. There exists scatter in the 
data, but the plot shows somewhat linear dependence. Thus, effects of alloying can be correlated only 
with yield strength. In Figure 13.14 is presented the dependence of elongation at fracture on reduction of 
area. Dependence is somewhat linear and, thus, effects of alloying can be correlated only with elongation 
at fracture. In Figure 13.15 is presented the correlation of yield strength and elongation at fracture. 
Elongation at fracture remains at relatively stable level as yield strength increases. Scatter of data is 
thought to be due to variation in alloying, ferrite content, grain size, presence of impurities etc.

Estimating effect of one particular alloying element alone by using a simple correlation is hampered by 
interactions with other alloying elements. Only the strongest contributors can be analyzed with some 
reliability. In Figure 13.16 is presented the effect of increasing nitrogen contenten yield strength. Trend is 
clear, allthough there is scatter in data. In Figure 13.17 is presented the effect of nitrogen content on 
elongation at fracture. Scatter of data is large and no general conclusions can be made. The role of 
silicon is difficult to estimate with correlation analysis, because only two levels of silicon were studied. 
Yield strength of silicon containing steels appears to be lower than that of steels without Si. It seems that 
silicon does not affect elongation at fracture. Manganese content appears not to affect either strength or 
ductility. Chromium seems to increase yield strength, while its effect on elongation at fracture appears to 
be small. Molybdenum seem to have small effect on both yield strength and elongation at fracture. Also 
the effect of nickel on yield strength and elongation at fracture appears to be small.

The strong effect of oxygen content on elonation at fracture is presented in Figure 13.18. Allthough there 
is scatter in data, it can be seen that increase of oxygen content from the level of 20 -50 ppm to the 
level of 350 - 400 ppm decreases elongation at fracture from 40 - 65 % to 20 - 40 %.

Thus, strongest contributor to yield strength of powder metallurgical^ produced high nitrogen austenitic 
stainless steels is nitrogen. Oxygen content appears to be major contributor to loss of ductility. Besides 
alloying elements, also grain size and ferrite content are known to affect yield strength of austenitic 
stainless steels. Effect of ferrite content on yield strength and elongation at fracture is presented in 
Figures 13.19 and 13.20, respectively. Effect of grain size on yield strength is presented in Figure 13.21. 
Effect of grain size on elongation at fracture is presented in Figure 13.22.

In Figure 13.23 is presented a fitting equation of Irvine et al. (1969) for yield strength. This equation 
predicts yield strength of P/M high nitrogen austenitic stainless steels to be somewhat lower than the 
measured data. In Figure 13.24 is presented measured yield strength values as a function of equation of 
Nordberg (1993). Measured values are in good accordance with calculated values. Thus, it appears that 
Nordberg's equation can be applied in predicting yield strength of P/M high nitrogen austenitic stainless 
steels. Nordberg's equation takes into account Mn, Cr, Mo, Cu, N and ferrite content as well as grain 
size. Nickel and silicon are not included.

In Figure 13.25 is presented 7-variable multiple linear regression analysis based on measured data. Only 
the main elements have been included in analysis. Thus, elements that appear only as impurities have 
been excluded. Some of those elements would have a strong effect on yield strength if their contents 
were higher. These kinds of elements are carbon, copper, titanium, niobium, aluminium and tungsten. In 
Table 13.2 is presented correlation matrix of the elements used in regression analysis. In order to get 
reliable results from regression analysis, the degree of correlation between the elements should be as 
low as possible. As can be seen, there is remarkable correlation between silicon and chromium, 
manganese and molybdenum, manganese and nickel, chromium and molybdenum, chromium and nickel 
as well as molybdenum and nickel. Thus, there Is a major risk for multicolinearity. Yield strength 
correlates best with nitrogen. As can be seen from Figure 13.16, the effect of nitrogen is important. Also 
the role of grain size is emphasized due to nitrogen, allthough in the correlation matrix it appears to a 
have negative correlation with yield strength. Silicon has also a negative correlation with yield strength, 
allthough it appears to increase yield strength according to the regression analysis. Correlation of silicon 
with yield strength is not remarkable. Negative correlation between silicon and yield strength may be due 
to strong negative correlation of silicon with chromium. Thus, effect of silicon is covered by the effect of 
chromium. Ferrite content has been excluded as a parameter, because the effect of ferrite on yield 
strength is rather small and the amount of ferrite In studied steels is low.

Scatter in diagram exists due to variations in chemical analyses (impurities, measurement errors), 
inclusion contents, manufacturing etc. There exist also errors in mechanical testing, grain size 
measurements and so on. Standard error of the estimate is 35,5 MPa. R2 is a measure, which explains 
the percentage of the variation in yield strength explained by the fitted regression equation. In present
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regression R2 = 85,8 % . F value is the ratio of the explained to the unexplained variation in yield 
strength. The regression is significant only, if the proportion is large. F value should be as large as 
possible. In present regression F (7, 30) value is 25,8. Thus, F value is large and the regression is 
significant. Still, because there are so many elements correlating with each other, results of the 
presented regression analysis may not be unambiguous.

■ D

<—Môtd matrix composites

Yield Strength (MPa)

Figure 13.13. Correlation of tensile strength with yield strength of tested high nitrogen steels.
Presence of A^Og-particles in the matrix lowers the tensile strength of metal matrix composites relative to their yield strength. 

Some materials were tested twice and the results are separated by black and white squares.

Elongation at Fracture (%)

Figure 13.14. Correlation of elongtion at fracture with reduction of area of tested high nitrogen steels. 
Some materials were tested twice and the results are separated by black and white squares.
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Figure 13.15. Correlation of yield strength with elongation at fracture of high nitrogen austenitic stainless steels. 
Some materials were tested twice and the results are separated by black and white squares.

Ntrogen Content (wt-%)

Figure 13.16. Effect of nitrogen on yield strength of high nitrogen austenitic stainless steels.
Some materials were tested twice and the results are separated by black and white squares.



175

60 --

40 -- 2,3Mn25Cf7Mo22Ni0,8N

18Cr19MnO,7N H 
MMC35-19Cr 18MnO,7N 
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SA <1100*0
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Figure 13.17. Effect of nitrogen content on elongation at fracture of high nitrogen austenitic stainless steels. 
Some materials were tested twice and the results are separated by black and white squares.
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Oxygen Content (ppm)

Figure 13.18. Effect of oxygen content on elongation at fracture of high nitrogen austenitic stainless steels.
Some materials were tested twice and the results are separated by black and white squares.
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Ferrite Content (%)

Figure 13.19. Effect of ferrite content on yield strength of high nitrogen austenitic stainless steels. 
Some materials were tested twice and the results are separated by black and white squares.

Ferrite Content (%)

Figure 13.20. Effect of ferrite content on elongation at fracture of high nitrogen austenitic stainless steels.
Some materials were tested twice and the results are separated by black and white squares.
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l/dd/pm)

Figure 13.21. Effect of grain size on yield strength of SiMnCrMoN steels at room temperature. 
Some materials were tested twice and the results are separated by black and white squares.

1/d (1/pm)

Figure 13.22. Effect of grain size on elongation at fracture of high nitrogen austenitic stainless steels at room temperature.
Some materials were tested twice and the results are separated by black and white squares.
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YS (MPa)= 68 + 492N + 354C + 20Si + 14 Mo + 18V + 4.4W + 40Nb + 2611 + 
12A1 + 2.4(5) + 7cf'e

Figure 13.23. Effect of alloying elements, grain size and amount of ferrite on yield strength of austenitic stainless steels based on 
equation of Irvine et al. (1969). Contents of the alloying elements in wt-%, 5 = ferrite content in vol-% and d = grain size in mm.

600 ■ -

350-

Calcuiated Yield Strength (MPa)
YS= 120 + 210V(N + 0.02) + 2Mn + 2Cr + 14Mo + lOCu + (6.15 - 0.054d)S+ (7 +

35(N + 0.02))d *

Figure 13.24. Effect of alloying elements, grain size and amount of ferrite on yield strength of austenitic stainless steels based on 
equation of Nordberg (1993). Contents of the alloying elements in wt-%, 5 = ferrite content in vol-% and d = grain size in mm.
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“ 600

YS(MPa)= 354+ llSi-17Mn +7Cr - 9Mo - 8NI + 385N + 594d

Figure 13.25. Obtained equation for yield strength using multiple linear regression. All the elements are in wt-% and grain size in pm.
r2=85,8 %, F(7,30)= 25,8 and standard error of estimate is 35,5 MPa.

SI Mn Cr Mo N Nl 1

d 2

Y.S.

SI 1 0,18 -0,85 -0,49 -0.69 -0,33 0,38 -0.58
Mn 0,18 1 -0,65 -0.92 0,40 -0.98 -0,35 0.14
Or -0,85 -0,65 1 0.83 0.34 0,75 -0,08 0,41
Mo -0,49 -0,92 0,83 1 -0,13 0,97 0,15 0.02
N -0.69 0,40 0,34 -0,13 1 -027 -0.54 0.83
N1 -0,33 -0,98 0,75 0,97 -0.27 1 021 -0,08

1
d~ 2

0,38 -0,35 -0,08 0,15 -0,54 021 1 -0,16

Y.S -0,58 0,14 0,41 0,02 0,83 -0,08 -0,16 1

13.4 Conclusions

Nitrogen increases the yield strength of P/M high nitrogen austenitic stainless steels. Effect of grain size 
is enhanced by the effect of nitrogen. Effect of grain size alone on yield strength cannot be observed 
clearly. This may be due to the strong effect of nitrogen, which hides the effect of grain size. As the grain 
size decreases, yield strength increases and elongation at fracture decreases. Thus, nitrogen may affect 
via the grain size effect. Nitrogen is known to enhance the strengthening effect of grain size. Nitrogen 
may also enhance transition to brittle fracture via grain size. Nitrogen and grain size are thought to 
counteract on yield strength and elongation at fracture. If ferrite is present, it decreases both yield 
strength and elongation at fracture. Oxygen decreases the ductility of P/M high nitrogen austenitic 
stainless steels. It is possible to use equation presented by Nordberg (1993) to estimate the yield 
strength of P/M high nitrogen austenitic stainless steels. Equation presented by Irvine et al. (1969) gives 
too low values for yield strength.



14. Charpy-V Impact Toughness

14.1 Materials and Methods
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Charpy-V impact toughness (CVN) was tested at Rauma Oy in Tampere with Wolpert PW 30/15 impact 
hammer and at Metals Laboratory in VTT with Wolpert PW 30/15-E impact hammer. Specimens were 
ground bars with dimensions of 10 mm X 10 mm X 55 mm according to standard SFS-EN 10 045-1 
(1990). Testing was conducted at several different temperatures depending on the material. Tested 
materials, their treatments and testing temperatures are presented in Table 14.1

Table 14.1. Tested materials and their treaments. Manufacturing routes and chemical analyses are presented in Tables 10.1 - 10.8.
Material Solution

annealing
t°C]

CVN
-100°C

CVN
-20°C

CVN
-10°C

CVN
♦20°C

Note

4Si9Mn17Cr3MoO,2N H 1150 X (-500 urn, 60 mm)
4Si9Mn17Cr3MoO,2N H 1175 X

4Si9Mn 17Cr3MoO,2N H 1200 X

4Si9Mn17Cr3MoO,2N H+E 1100 X

4Si9Mn17Cr3MoO,2N H+E 1150 X

4Si9Mn17Cr3MoO,2N E 1125 X

4Si9Mn 17Cr3MoO,2N E 1100 X

4Si9Mn 17Cr3MoO,2N E 1150 X

4Si9Mn17Cr3MoO,2N E 1050 X X

4SI9Mn17Cr3MoO,2N E 1075 X X

4Si9Mn 17Cr3MoO,2N H+F 1175 X

4Si9Mn17Cr3MoO,2N H 1150 X (-250 urn, 30 mm)
4Si9Mn17Cr3MoO,2N H+GFM40 1150 X

4Si9Mn17Cr3MoO,2N H+GFM80 1150 X

2,3Mn24Cr8Mo23Ni0,3N H 1175 X

2,5Mn24Cr9Mo22Ni0,4N H 1175 X

2,5Mn26Cr8Mo22Ni0,5N H 1175 X

0,3Mn27Cr8Mo19Ni0,4N H 1200 X X

0,3Mn27Cr8Mo19Ni0,4N H+HR20% 1200 X X Hot rolled 20% at 1200 °C
Drier to solution annealina

3,4Mn23Cr8Mo22Ni0,5N H 1175 X X

2,4Mn25Cr8Mo21Ni0,4N H 1175 X X

2,2Mn26Cr7Mo22Ni0,4N H 1175 X

3,7Mn25Cr7Mo21Ni0,5N H 1175 X X

3,4Mn25Cr7Mo22Ni0,6N H 1175 X X

2,3Mn25Cr7Mo22Ni0,8N H 1175 X X

18Cr19MnO,7NH 1050 X X

18Cr19MnO,7N H 1100 X X

18Cr19MnO,7N H 1150 X X

18Cr19MnO,7NH 1200 X X

18Cr19MnO,7NH 1250 X X

19Cr19MnO,7NC 1050 X X

19Cr19MnO,7NF 1050 X X

19Cr19MnO,7N F 1100 X X

19Cr19MnO,7N F 1150 X X

18Cr19MnO,6NF 1120 X

18Cr18MnO,8NF 1120 X

20Cr21Mn1NH 1200 X X

20Cr21Mn1N H 1250 X X

19Cr17Mn1,2N H 1200 X X

MMC25-19Cr18MnO,7N H 1050 X

MMC25-19Cr18MnO,7N H 1100 X

MMC35-19Cr18MnO,7N H 1050 X

MMC35-19Cr18MnO,7N H 1100 X

14.2 Results

Results of Charpy V-notch impact toughness measurements are presented in Figures 14.1 -14.7. In 
Figure 14.1 are presented impact toughnesses of SiMnCrMoN steels at +20 °C. GFM-forged steels have 
the highest impact toughnesses among SiMnCrMoN steels. Steels solution annealed below 1100 °C and 
at 1200 °C show lowest CVN values. In Figure 14.2 is presented impact toughnesses of two extruded 
SiMnCrMoN steels at -10 °C. Only difference between these two steels is the solution annealing 
temperature. When the solution annealing temperatures are below 1100 °C, the impact toughnesses 
remain low. In Figure 14.3 are presented impact toughnesses of 18Cr18MnN steels at +20 °C and in



°C and in Figure 14.4 at -20 °C, respectively. Forged steels have superior CVN as compared to HIPped 
steels at both temperatures. Increase of solution annealing temperature increases CVN of HIPped steels. 
In Figures 14.5 and 14.6 are presented impact toughnesses of MnCr7MoNiN steels at +20 °C and -20 
°C, respectively. Impact toughnesses remain at relatively high level, except those of HIPped 
0,3Mn27Cr8Mo19NÍ0.4N steel. It also appears that increase in nitrogen content decreases CVN at both 
temperatures. In Figure 14.7 is presented impact toughness of 2,2Mn26Cr7Mo22Ni0,4N steel at -100 °C. 
Impact toughness remains at a high level even at -100 °C.
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Figure 14.1. Charpy V-notch impact toughness of SiMnCrMoN steels at +20 °C. Different shades of grey separate tests conducted on 
the same material. Manufacturing routes and chemical analyses are presented in Tables 10.1 - 10.8.

Figure 14.2. Charpy V-notch impact toughness of SiMnCrMoN steels at -10 °C. Different shades of grey separate tests conducted on 
the same material. Manufacturing routes and chemical analyses are presented in Tables 10.1 - 10.8.



Figure 14.3. Charpy V-notch impact toughness of 18Cr18MnN steels at +20 °C. Different shades of grey separate tests conducted on 
the same material. Manufacturing routes and chemical analyses are presented in Tables 10.1 - 10.8.

Figure 14.4. Charpy V-notch impact toughness of 18Cr18MnN steels at -20 °C. Different shades of grey separate tests conducted on 
the same material. Manufacturing routes and chemical analyses are presented in Tables 10.1 - 10.8.
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Figure 14.5. Charpy V-notch impact toughness of MnCrZMoNiN steels at +20 °C. Different shades of grey separate tests conducted on 
the same material. Manufacturing routes and chemical analyses are presented in Tables 10.1 - 10.8.

z
>и

Figure 14.6. Charpy V-notch impact toughness of MnCrZMoNiN steels at -20 °C. Different shades of grey separate tests conducted on 
the same material. Manufacturing routes and chemical analyses are presented in Tables 10.1 - 10.8.
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Figure 14.7. Charpy V-notch impact toughness of 2,2Mn26Cr7Mo22Ni0,4N steel (H 1175 °C) at -100 °C. Different shades of grey 
separate tests conducted on the same material. Manufacturing routes and chemical analyses are presented in Tables 10.1 -10.8.

14.3 Discussion

Forged materials have superior CVN as compared to P/M materials. This phenomenon is especially 
marked when 18Cr18MnN steels are concerned. With SiMnCrMoN steels the best CVN impact energies 
were obtained with GFM-forged steels, the impact energy being higher in more deformed steel. 
Inspection of fractured specimens of P/M steels reveals several features affecting CVN. These features 
are ferrite content, weak powder particle boundaries, presence of inclusions and increasing role of brittle 
fracture with increasing nitrogen content.

In Figure 14.8 is presented the effect of ferrite content on CVN at room temperature. Ferrite content 
seems to have some effect on CVN, although its effect is not linear. The lowest value of CVN among fully 
austenitic steels appears to be 49 J with HIPped 20Cr21 Mn1,2N steel and highest 300 J with forged 
19Cr19MnO,7N steel. The range of CVN in ferrite containing steels is from 9 to 94 J. Thus, if there is no 
ferrite present the range of CVN is larger. This suggests that the presence of ferrite dominates CVN 
impact energy. The highest value of CVN among ferrite containing steels is obtained with HIPped and 
GFM-forged 4Si9Mn17Cr3MoO,2N steel. Exceptionally low impact toughness among MnCr7MoNiN steels 
is obtained with HIPped 0,3Mn27Cr8Mo19Ni0,4N steel having high ferrite content.

In Figure 14.9 is presented a fracture surface of HIPped 0,3Mn27Cr8Mo19Ni0,4N steel. CVN impact 
energy with this sample was 10 J at +20 °C. Content of ferrite like phase (possibly о-phase, see Table 
2.1) in HIPped 0,3Mn27Cr8Mo19NiO,4N steel is 9,1 %. This phase produces a net in the microstructure, 
which decreases impact toughness strongly. Weak particle boundaries are also clearly visible on fracture 
surface. There exist dimples on surface, which show that material is basically ductile. In Figure 14.10 is 
presented another powder particle of the same specimen. Powder particle surface is consisting of 
dimples. In dimples small inclusions with an approximate diameter of 2 pm are present. An EDS 
spectrum of these small particles in Figure 14.11 shows a peak of sulphur suggesting, that small particles 
are manganese sulphides.

In Figure 14.12 is presented the effect of manganese on CVN at +20 °C. It appears that manganese has 
a decreasing effect on impact energy, as has been pointed out earlier. An exception is forged 
18Cr18MnN steel. Thus, it appears that detrimental effect of manganese is attributed to P/M materials.



Forged 19Cr19MnO,7N steels have superior impact toughness as compared to P/M steels also due to 
their low content of impurities.

In Figure 14.12 is presented a fracture surface of forged 18Cr18MnO,8N steel. Quality of this steel is not 
consistent, because CVN impact energy is scattered in a wide range from 92 to 241 J. As can be seen 
from Figure 14.12, there exist areas of cleavage-like fracture on fracture surface. This is probably due to 
high nitrogen content. Nitrogen is known to introduce transition behaviour to austenitic stainless steels. 
Further increase of nitrogen increases the transition temperature. Similar kind of features as in the case 
of 18018MnO,8N steel are also present on fracture surfaces of Flipped 20Cr2l Mnl N and 
19017МШ ,2N steels. Fracture surfaces are presented in Figures 14.13 and 14.14, respectively. Both 
steels have fractured in a brittle manner. CVN impact energies of 20Cr21 Mn1 N steel were 29 and 31 J, 
when solution annealing was conducted at 1200 °C. When solution annealing was conducted at 1250 °C, 
the CVN impact energies were 66 J at +20 °C and 13 and 33 J at -20 °C. Impact energies of 
19017Mn1,2N steel were 7 J, 7 J and 10 J at +20 °C and 4,5 J, 4,5 J and 5 J at-20 °C. In Figure 14.15 
is presented the effect of nitrogen content on CVN of studied steels at +20 °C.

In Figure 14.16 is presented the effect of solution annealing temperature on CVN. As can be seen from 
the figure, rising of solution annealing temperature increases the CVN of Flipped 18Cr18MnN steels. It 
has been reported by Harzenmoser (1990), that increase in solution annealing temperature decreases 
CVN of forged high nitrogen steels. Behaviour of P/M high nitrogen steels suggests that their impact 
energy is affected by inclusions, such as oxides.

In Figure 14.17 is presented the effect of oxygen content on CVN at +20 °C. The increasing oxygen 
content decreases CVN strongly. Oxygen forms oxides at powder particle surfaces. Once formed, oxide 
layers are difficult to remove before compaction. Oxides increase decohesion of powder particle 
boundaries in solid P/M steels. The negative effect of oxygen on CVN is clearly visible also at -20 °C. 
Thus, it appears that with low nitrogen contents (N < 0,8 wt-%) fracture occurs in a ductile manner and 
impact ductility is mainly governed by ferrite content and presence of impurities at powder particle 
boundaries. When nitrogen content exceeds 0,8 wt-%, the role of brittle fracture becomes more and more 
important as nitrogen content increases.

Allthough other alloying elements may have some effect on CVN, their effect is not possible to estimate 
due to their strong mutual correlation. Yet, some remarks can be made. It seems that silicon content 
does not affect CVN of studied steels at +20 °C. Chromium seems to increase impact toughness of 
studied steels at +20 °C. Molybdenum seems to have a positive effect on impact toughness. Exceptions 
are FlIPped 0,3Mn27Cr8Mo19Ni0,4N and forged 19Cr19MnO,7N steels. Nickel also seems to have a 
positive effect on CVN. Problem arises, because molybdenum and nickel have also a strong mutual 
correlation. That is, in studied steels molybdenum content has been increased with nickel content.

Effects of manganese, nitrogen, oxygen, ferrite content and grain size on CVN were analyzed using 
multiple linear regression. Results of the analysis are shown in Figure 14.18. Standard error of the 
estimate is quite large, i.e., 40,5 J. R2 = 81 %, meaning that regression can explain 81 % of the 
observed deviation. Analysis is significant, because F value is 42. Correlation matrix is shown in Table
14.2. There is no remarkable correlation among studied factors. Thus, risk for multicolinearity is small.

Finally, in Figure 14.19 is presented the correlation of CVN with elongation to fracture. Correlation is 
evident, although not quite linear. Thus, it can be expected that basically the same factors affect CVN 
and elongation to fracture.
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Ferrite Content (%)

Figure 14 8. Effect of ferrite content on CVN of studied high nitrogen steels at + 20 °C.

Figure 14.9. Fracture surface of HIPped 0,3Mn27Cr8Mo19Ni0,4N steel CVN-specimen tested at +20 °C.



Figure 14.10. Particle surface with inclusions on fracture surface of HIPped 
0,3Mn27Cr8Mo19Ni0,4N steel CVN-specimen tested at + 20 °C.

Figure 14.11. EDS spectrum for inclusions on particle surface on fracture surface 
of HIPped 0,3Mn27Cr8Mo19NI0,4N steel CVN-spedmen tested at +20 °C.
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Figure 14.13. F.v.íur» surface of HIPped 20Cr21Mn1N steel CVN-specimen solution annealed at 1200 °C and tested at +20 °C.

Figure 14.12. Fracture surface of forged 18Cr18MnO,8N steel CVN-specimen tested at +20 °C.



Figure 14.14. Fracture surface of HIPped 19СИ7Mn1 ,2N steel CVN-specimen tested at +20 °C.

Figure 14.15. Effect of nitrogen content on CVN at +20 °C of studied high nitrogen austenitic stainless steels. 
Different shades of grey separate different tests made on same materials.
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Figure 14.16. Effect of solution annaling temperature on CVN at+20 °C of HIPped steels.
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Figure 14.17. Effect of oxygen content on CVN of studied high nitrogen austenitic stainless steels at +20 °C.
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&= ferrite (%).d= grain size (pm)

20021 Mn1 N н

CVN(J) =258-1,59xMn + 140xN - 0252xO(ppm) - 4x5 - 808xd

Figure 14.18. Estimation of CVN of studied high nitrogen steels at +20 °C using 5-variable multiple linear regression analysis.
Standard error of the estimate is 40,5 J, = 81 % and F= 42.

Table 14.2. Correlation matrix of the parameters used in 5-variable multiple linear regression.

Mn N 0 ferrite content
1

d 2 CVN at +20 “C

Mn 1 0,55 0,07 -0,34 -0.52 0,32
N 0,55 1 025 -0,66 -0,39 0,45
0 0,07 025 1 0,05 0,13 -0,57

ferrite content -0,34 -0,66 0,05 1 0,51 0,60
1

d2 -0,52 -0,39 0,13 0,51 1 -0,61

CVN at +20 °C 0,32 0,45 -0.57 -0,60 -0,61 1
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14.4 Conclusions

Increase in nitrogen content above 0,8 wt-% decreases CVN at +20 °C and -20 °C.This is probably 
related to increase of transition temperature. Increase in ferrite content decreases CVN. Increase of 
solution annealing temperature of HIPped steels increases CVN if ferrite is not formed. Thus, it is 
assumed that inclusions, such as oxides, contribute on CVN. Increase of oxygen content decreases 
CVN. Oxygen content may be related to amount and distribution of oxide inclusions. Manganese 
decreases CVN of HIPped steels. This is probably due to formation of MnS inclusions or the ability of 
manganese to enrich on powder particle surfaces during atomization. Enrichment of manganese may 
increase the tendency to formation of MnS inclusions on powder particle surfaces. Effect of silicon could 
not be established experimentally. Effect of silicon is thought to be related mainly to its ferrite stabilizing 
effect. If silicon is added beyond the solubility limit, toughness decreases rapidly due to formation of 
brittle Si-rich phases. CVN impact energy values of studied high nitrogen austenitic stainless steels show 
a positive correlation with elongation at fracture.
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15. Resistance to Crevice Corrosion

15.1 Materials and Methods

The resistance to crevice corrosion of SiMnCrMoN, MnCr7MoNiN and 18Cr18MnN steels was studied in 
6 % FeCIg-solution according to standard ASTM G 48-76 (1976). Tested materials are presented in 
Table 15.1.

Materials Solution annealing 
temperature Г°С1

Note

Nitronic 50 C S.A. As received
Nitronic 60 C S.A. As received

4Si9Mn19Cr3MoO,1NC 1175
4Si9Mn 17Cr3MoO,2N H 1150
4Si9Mn 17Cr3MoO,2N H 1175
4Si9Mn 17Cr3MoO,2N H 1200
4Si9Mn 17Cr3MoO,2N E 1125
4Si9Mn 17Cr3MoO,2N E 1150

4Si9Mn17Cr3MoO,2N H+F 1175
4Si9Mn17Cr3MoO,2N H+GFM40 1150
4Si9Mn 17Cr3MoO,2N H+GFM80 1150

2,3Mn24Cr8Mo23Ni0,3N H 1175
2,5Mn24Cr9Mo22Ni0,4N H 1175
2,5Mn26Cr8Mo22Ni0,5N H 1175
0,3Mn27Cr8Mo19NÍ0.4N H 1200
3,4Mn23Cr8Mo22Ni0.5N H 1175
2,2Mn26Cr7Mo22Ni0,4N H 1175
3,7Mn25Cr7Mo21 NÎ0.5N H 1175
3,4Mn25Cr7Mo22Ni0,6N H 1175
2,3Mn25Cr7Mo22Ni0,8N H 1175

654 SMO S.A. As received
18Cr19MnO,7N H 1050
19Cr19Mn0,7N F 1050
18Cr19Mn0,6N F 1120
18Cr18Mn0.8N F 1120

-10.8.

FeCIg-solution was prepared by mixing of100 g FeC^-öF^O in 900 ml distilled water more than 24 hours 
before the test. The amount of 600 ml solution was then poured to laboratory glasses through paper filter. 
Glasses were put in oil or water bath at appropriate temperature. After the solution had reached the 
desired temperature the samples were immersed in glasses. The sample dimensions were 4 X 25 X 35 
mm3. A diameter 9 mm hole was drilled in the middle of each sample. The samples were ground with 800 
grit abrasive paper. All the edges and corners of the samples were rounded. After grinding the samples 
were allowed to repassivate for at least 24 hours before starting the test. Prior to testing the samples 
were washed in acetone with ultrasonic washer. After cleaning the samples were examined with a stereo 
microscope using 20X magnification and weighed to 0,001 g accuracy. Prior to immersion special PTFE- 
blocks were tightened on the samples to create crevices. The crevice blocks are shown in Figure 15.1. 
The blocks were tightened to 0,3 Nm with a screw using torque wrench. The samples were then attached 
on PTFE-statives and the assemblies were immersed into the FeCIg-solution. Temperature of the bath 
was kept constant for 24 hours. After 24 hours the samples were removed from the bath and washed in 
acetone with ultrasonic washer, examined optically and weighed. If crevice corrosion was detected, the 
temperature of the solution was recorded as the critical crevice corrosion temperature (CCT). If crevice 
corrosion had not occurred, the test was repeated by raising the temperature of the solution by 2,5 °C . 
This routine was continued until corrosion occurred. The highest testing temperature was always less 
than 100 °C. If the level of FeCIg-solution in glasses was lowered during the test, the solution was 
renewed.
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Figure 15.1. The crevice blocks used in critical crevice corrosion temperature test

15.2 Results

In Figures 15.2 -15.4 are presented the critical crevice corrosion temperatures of SiMnCrMoN, 
MnCrTMoNiN and 18Cr18MnN steels , respectively. The highest critical crevice corrosion temperatures 
are obtained with MnCrTMoNiN steels; the highest being that of powder nitrided HIPped 
2,3Mn25Cr7Mo22Ni0,8N steel. The lowest CCT (50 °C) in the group of MnCr7MoNiN steels is for 
2,3Mn24Cr8Mo23Ni0,3N steel. In the group of SiMnCrMoN steels cast 4Si9Mn19Cr3MoO,1 N steel has 
the highest CCT (29,5 °C) and Nitronic 60 (<1 °C and 9 °C) the lowest. In the group of 18Cr18MnN steels 
critical crevice corrosion temperatures vary between 7 °C and 10 °C.

30 -r

25 --

20 --

U

О
О

29,5

15 --

10 --

J

24,5

20

23
22

27

13,5 13,5

< z U X

и

8
о
Б

4
n
§

U
S
U

$
z

z
L

a s
* 1 U
z i

x
z
§
i У5 Юy £

z
%

o2 P <2 юO CN

i У 
I Йи z

z
CN (J

II
и 9

li
11
is

Figure 15.2. Critical crevice corrosion temperatures of SiMnCrMoN steels.
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Figure 15.3. Critical crevice corrosion temperatures of MnCr7MoNiN steels.
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Figure 15.4. Critical crevice corrosion temperatures of 18Cr18MnN steels.

15.3 Discussion

The analysis of the effects of other alloying elements than nitrogen Is complicated, because of strong 
mutual correlation. In Figure 15.5 is presented the effect of nitrogen on CCT. The correlation of CCT with 
N Is good, if 18Cr18MnN steels are excluded. If all the points are used In correlation anaysls, the 
correlation coefficient of CCT with nitrogen is 0,30. It can be clearly seen that 18СП 8MnN steels 
strongly affect on this result. If 18Cr18MnN steels are excluded, the correlation coefficient of CCT with 
nitrogen is 0,91. The differences in analyses of HIPped and extruded SiMnCrMoN steels with 0,2 wt-% 
nitrogen are small and not exactly analyzed.

Manganese appears to decrease the CCT, the correlation coefficient being -0,77. If the effects of other 
alloying elements are taken into account, the role of manganese is not so clear as it seems at first sight. 
The effect of Mo is presented in Figure 15.6. The correlation coefficient of Mo with CCT is 0,93. A 
problem In this analysis arises, because the correlation coefficient of Cr with Mo is 0,84. Chromium and 
molybdenum, as well as nitrogen, are known to increase strongly the resistance to crevice corrosion. This 
is not the case with manganese. Manganese content correlates strongly with chromium and molybdenum 
content. The correlation coefficients of manganese with chromium and molybdenum are -0,68 and -0,88, 
respectively. Thus, the low values of CCT of high manganese steels are mainly due to the relatively 
small amounts of chromium and molybdenum. The correlation coefficient of nickel with CCT is 0,87. As
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in the case of manganese, the role of nickel remains unclear. This is because also the amount nickel 
correlates with amounts of chromium and molybdenum. The correlation coefficients of nickel with Cr and 
Mo are 0,76 and 0,96, respectively.

Multiple linear regression technique was applied to create Equation 15.1 to predict CCT. Equation takes 
into account manganese, chromium, molybdenum, nickel and nitrogen contents.

CCT[°C] = -0,46- Mn + 0,05- Cr + 3,58- Mo + 2,06- Ni + 54,81- N- 22,06 (15.1)

The result is plotted in Figure 15.7. Equation 15.1 does not represent the measured values fully.
Standard error of estimate is 9 °C. R2 = 93,7 % and F(5,19) value is 56. There is a significant deviation 
among MnCr7MoNiN steels, as well as SiMnCrMoN steels. The deviation among SiMnCrMoN steels may 
be explained with variation of ferrite content, as can be seen from Figure 15.8. Problem arises also, 
because alloying of nearly all SiMnCrMoN steels is assumed to be the same. When ferrite content is 
taken into account in multiple linear regression, the equation to predict CCT takes the following form:

CCT[°C] = 0,53- Mn + 0,22- Cr +1,91- Mo + 3,44- M + 69,56- N +1,58- a -54,37. (15.2)

The result is plotted in Figure 15.9. Standard error of estimate is 8,4 °C, R2 = 94,8 % and F(6,18) value 
is 54. Regression is, thus, significant and offers better explanation to variations than Equation 15.1.

In Figures 15.10 and 15.11 are plotted CCT-values versus PRE, which take into account Cr, Mo and N 
contents. In Figure 15.10 nitrogen content is multiplied by 30 and in Figure 15.11 by 16. CCT-values 
deviate more at lower values. At higher values the fit is quite good. In Figures 15.12 and 15.13 are plotted 
CCT-values of MnCr7MoNiN steels versus PRE. The values deviate less if nitrogen content is multiplied 
by 16. Still, it can be said that PRE index is not suitable for comparing steels having nearly similar 
composition. PRE is a powerful tool in comparing corrosion resistance of steels having clearly differing 
analysis.
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Figure 15.5. Effect of nitrogen content on critical crevice corrosion temperature of studied high nitrogen steels.
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Figure 15.6. Effect of molybdenum content on critical crevice corrosion temperature of studied high nitrogen steels.
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_______________ CCT = -0,46xMn + 0,05x0 + 3,58xMo + 2,06xNi + 54,81 xN - 22.06___________
Figure 15.7. Effect of manganese, chromium, molybdenum, nickel and nitrogen contents of studied high nitrogen steels on critical 

crevice corrosion temperature. Standard error of estimate is 9 °C, = 93,7 % and F(5,19) = 56.
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Figure 15.8. Effect of ferrite content on critical crevice corrosion temperature of ferrite containing high nitrogen steels, i.e., 
SiMnCrMoNiN steels and 0,3Mn27Cr8Mo19Ni0,4N steel (9,1 vol-% ferrite). In the latter the ’ferrite-phase'' may be o-phase.
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CCT = 0.53xMn + 0,22xCr + 1,91 xMo + 3.44xNi + 69.5óxN + 1,58xfer -
54,37

Figure 15.9. Effect of manganese, chromium, molybdenum, nickel, nitrogen and ferrite contents on critical crevice corrosion 
temperature of studied high nitrogen steels. Standard error of estimate is 8,4 °C, R2 = 94,8°% and F(6,18) = 54.

Table 15.2.«

Mn
rwt-%1

Cr
rwt-%1

Mo
[wt-%1

N1
fwt-%1

N
fwt-%1

ferrite-
content
Wol-%1

CCT
PC]

Mn
rwt-%1

1 -0,86 -0,88 -0,96 0,28 -0,04 -0,77

Cr
rwt-%1

-0,68 1 0,84 0,76 0,42 -0,40 0,89

Mo
[wt-%]

-0,88 0,84 1 0,96 0,06 -0,20 0,93

N1
rwt-%1

-0,96 0,76 0,96 1 -0,13 -0,12 0,87

N
rwt-%1

0,28 0,42 0,06 -0,13 1 -0,66 0,30

ferrite-
content
Fvol-%]

-0,04 -0,40 -0,20 -0,12 -0,66 1 -0,30

CCT
rci

-0,77 0,89 0,93 0,87 0,30 -0,30 1
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Figure 15.10. Critical crevice corrosion temperature versus Pitting Resistance Index 
(PRE=Cr+3,3Mo+30N) of studied high nitrogen steels.

Figure 15.11. Critical crevice corrosion temperature versus Pitting Resistance Index 
(PRE=Cr+3,3Mo+16N) of studied high nitrogen steels.
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Figure 15.12. Critical crevice corrosion temperature of MnCr7MoNiN steels versus Pitting Resistance Index (PRE=Cr+3,3Mo+30N).
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Figure 15.13. Critical crevice corrosion temperature of MnCr7MoNiN steels versus Pitting Resistance Index
(PRE=Cr+3,3Mo+16N).
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Nitrogen is the strongest promoter for resistance against crevice corrosion. According to literature and 
obtained data chromium and molybdenum are also assumed to have an important role. Some uncertainty 
arises due to strong mutual correlation of chromium and molybdenum. Manganese and nickel seem to 
have an effect on CCT, but their effect remains unclear due their strong correlation with molybdenum and 
chromium. If ferrite phase is present, it has some positive effect on resistance against crevice corrosion. 
PRE-indices do not fully explain the effect of alloying on crevice corrosion resistance, if the composition 
of steels to be compared is nearly similar. It is assumed that other factors, such as composition of 
inclusions, their distribution and size hamper exact analysis. The best estimate for CCT of all studied 
steels was achieved using Mn, Cr, Mo, Ni, N and ferrite content as parameters (Eq.15.2). Equation 15.2 
does not fully explain the differences between MnCrTMoNiN steels.
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16. Resistance to Pitting Corrosion

16.1 Materials and Methods

Resistance to pitting corrosion was studied in 6 % FeClg -solution according to standard ASTM G 48-76 
(1976). Tested materials and their treatments are presented in Table 16.1.

Table 16.1. Tested materials and their treatments. Manufacturing routes and compositions are presented in Tables 10.1 -10.8.
Materials Solution annealing 

temperature Г°С1
Note

Nitronic 50 C S.A. As received
Nitronic 60 C S.A. As received

4Si9Mn19Cr3MoO,1N C 1175
4Si9Mn 17Cr3MoO,2N H 1150
4Si9Mn 17Cr3MoO,2N H 1175
4Si9Mn17Cr3MoO,2N H 1200

4Si9Mn17Cr3MoO,2N H+E 1100
4Si9Mn17Cr3MoO,2N H+E 1150
4Si9Mn 17Cr3MoO,2N H+E 1125

4Si9Mn17Cr3MoO,2N E 1125
4Si9Mn17Cr3MoO,2N E 1150

4Si9Mn17Cr3MoO,2N H+F 1175
4Si9Mn17Cr3MoO,5N H 1200

6Si17Mn18Cr3MoO,5N H 1200
2,3Mn24Cr8Mo23Ni0,3N H 1175
2,3Mn25Cr7Mo22Ni0,4N H 1175
2,5Mn24Cr9Mo22Ni0,4N H 1175
2,5Mn26Cr8Mo22Ni0,5N H 1175
0,3Mn27Cr8Mo19Ni0,4N H 1200
3,4Mn23Cr8Mo22Ni0,5N H 1175
2,2Mn26Cr7Mo22Ni0,4N H 1175
3,7Mn25Cr7Mo21Ni0,5N H 1175
3,4Mn25Cr7Mo22Ni0,6N H 1175
2,3Mn25Cr7Mo22Ni0,8N H 1175

654 SMO S.A. As received
18Cr19MnO,7N H 1050
18Cr19MnO,7N H 1100
19Cr19MnO,7N F 1050
18Cr19MnO,6N F 1120
19Cr17Mn1,2N F 1200

Solution was prepared by mixing 100 g FeCtø-ei-tøO in 900 ml distilled water for at least 24 hours. The 
amount of 600 ml of solution was then poured to laboratory glasses through paper filter. Glasses were 
Immersed in oil or water bath at appropriate temperature. After the solution had reached the desired 
temperature the samples were immersed in glasses. The samples (4 X 25 X 35 mm3) were ground with 
800 grit abrasive paper. All the edges and corners of the samples were rounded. After grinding the 
samples were allowed to repassivate more than 24 hours before starting the test. Prior to testing the 
samples were washed in acetone using ultrasonic cleaning device. After cleaning the samples were 
examined with a stereo microscope using 20X magnification and weighed to 0,001 g accuracy. The ’ 
samples were then put in glass sample holders and immersed in solution being in stable temperature for 
24 hours. After 24 hours the samples were washed in acetone with ultrasonic washer, examined with a 
stereo microscope and weighed. If pitting was detected, the temperature of the solution was recorded as 
the critical pitting temperature (CPT). If pitting had not occurred, the test was repeated by raising the 
temperature of the solution by 2,5 °C . This routine was continued until pitting occurred or the 
temperature reached 100 °C. The last testing temperature was always less than 100 °C. If the level of 
FeCIg-solution in glasses was lowered during the test due to vaporization, the solution was renewed.

16.2 Results

Results of pitting corrosion tests are presented in Figures 16.1 -16.3. In Figure 16.1 are presented 
critical pitting corrosion temperatures of SiMnCrMoN steels. In Figure 16.2 are presented critical pitting 
corrosion temperatures of MnCr7MoNiN steels. In Figure 16.3 are presented critical pitting corrosion 
temperatures of 18Cr18MnN steels.
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Figure 16.2. Critical pitting corrosion temperatures of MnCr7MoNiN steels.

Figure 16.3. Critical pitting corrosion temperatures of 18Cr18MnN steels.
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16.3 Discussion
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Critical pitting corrosion temperatures are generally higher than critical crevice corrosion temperatures. 
Problem arises with MnCr7MoNiN steels. In many cases it was not possible to measure CRT, because it 
was higher than 100 °C. Thus, in order to compare corrosion resistance of MnCr7MoNiN steels in 
chloride environments one has to use results from critical crevice corrosion temperature measurements. 
In Figure 16.4 is presented the correlation of CRT with CCT. There is a remarkable amount of scatter in 
correlation diagram. According to literature CRT generally obeys the rule CRT = CCT + 20 °C. According 
to the results obtained here this rule does not apply. Yet, most of the data points are located between 
"CRT = CCT"-line and "CRT = CCT + 20 °C"-line. Effect of nitrogen on CRT can be seen from Figure
16.5. Effect of nitrogen is clear and needs no further comments. In Figures 16.6 and 16.7 is presented 
the correlation of CRT with PRE-indeces.

CPT = ест * ive?

CPT = CCT

CCT (°C)
Figure 16.4. Correlation of CPT with CCTof studied high nitrogen steels.
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Figure 16.5. Effect of nitrogen content on CPT.
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PRE = Cr + 3,3Mo + 30N

Figure 16.6. Correlation of PRE = Cr + З.ЗМо + 30N with CPT of studied high nitrogen steels.
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Figure 16.7. Correlation of PRE = Cr + 3,3Mo + 16N with CPT of studied high nitrogen steels.

16.4 Conclusions

MnCr7MoNiN steels exhibit excellent pitting corrosion resistance in terms of critical pitting corrosion 
temperature. By manipulating alloying it is possible to increase critical pitting corrosion resistance above 
100 °C. Nitrogen has clearly a beneficial effect on pitting corrosion resistance. Effects of other alloying 
elements remain somewhat unclear due to lack of data. PRE indices can be used as a guideline to 
evaluate pitting corrosion resistance of high nitrogen austenitic stainless steels. In order to establish 
effects of alloying on CPT more clearly than is done here, one needs to make tests in more agressive 
environment or to use results from CCT-tests.
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17. General Corrosion Resistance in Sulphuric Acid

17.1 Materials and Methods

General corrosion resistance in sulphuric acid solutions was determined with immersion tests according 
to standard ASTM G 31-72. Apparatus consisted of electric hot plate, 1000 ml Erlenmayer flask, 
thermometer, water cooled reflux condenser with atmospheric seal and a glass cradle for specimen 
support. An Erlenmayer flask was filled with solution (600 ml) and placed on a hot plate. Water cooled 
condenser with seal was placed on Erlenmayer flask and solution was heated up to desired temperature. 
Glass cradle with the specimen was then immersed into the solution. The specimen dimensions were 25 
X 35 X 40 mm3. Specimens were ground with 800 grit abrasive paper and all the corners and edges were 
rounded. Samples were washed in acetone in ultrasonic washer and weighed to the accuracy of 0,001 g 
prior to the tests. Testing was conducted in 2 hour intervals. After each holding period samples were 
washed in acetone and weighed. Corrosion rate was then calculated using equation:

Corrosion Rate = ----- , (17.1)
ATD

where К is a constant, T is time of exposure in hours to the nearest 0,01 h, A is area of specimen in cm2 
to nearest 0,01 cm2, W is mass loss in g to nearest 1 mg and D is density in g/cm3. Applied corrosion 
rate unit is mm/а, and, thus, К gets a value of 87600. Densities of tested materials were obtained with 
He-pycnometer. Applied environments were boiling 37,5 vol-% sulphuric acid, 37,5 vol-% sulphuric acid 
at 110 °C, 37,5 vol-% sulphuric acid at 80 °C, boiling 37,5 vol-% sulphuric acid with 1000 ppm Cl*, boiling 
65 vol-% sulphuric acid and boiling 5 vol-% sulphuric acid. Tested materials are presented in Table 17.1.

17.2 Results

Because all the materials were not tested in same environments and testing was conducted in several 
different environments, the data is presented as a form of table in Table 8.1. Results obtained in 37,5 vol- 
% sulphuric acid solution at 80 °C, 110 °C and in boiling solution are presented in Figures 17.1 -17.3, 
respectively. According to obtained results Si-iron has clearly the best corrosion resistance in all studied 
environments, except in 5 vol-% boiling sulphuric acid. Hastelloy C 276 takes second place if Si-iron is 
present, except in 5 vol-% boiling sulphuric acid where Hastelloy C 276 has the best corrosion resistance. 
HIPped 0,3Mn27Cr8Mo19NiO,4N steel appears to have very low corrosion rate in 37,5 vol-% sulphuric 
acid at 80 °C.

Table 17.1. Tested materials and their corrosion rates in various sulphuric add environments.

Material Solution Density 37,5 % 37,5 % 37,5% 37,5% + Cl- 65% 5%
annealing

r«j/cm®l

boiling 110°C 80 °C 1000 ppm 
boiling

boiling boiling

[°C] rmnVal FmnVal FmnrVal rmnVal rmrrVal rmnVal
4Si9Mn19Cr3MoO,1NC 1175 7,65 568,44 6,65
4Si9Mn17Cr3MoO,2N H 1150 7,62 588,71 8,35
4Si9Mn17Cr3Mo0.2N E 1125 7,65 593,92 9,14
4Si9Mn17Cr3MoO,2N E 1150 7,65 572,28 921

0,3Mn27Cr8Mo19NÍ0.4N H 1200 7,97 (a) 159,8 125,323 (a) 0,013
(b) 185,2 (b) 0,008

3,4Mn23Cr8Mo22Ni0,5N H 1175 7,98 129,3 10,553
2,4Mn25Cr8Mo21Ni0,4N H 1175 8,00 53,5 3,065
2,2Mn26Cr7Mo22Ni0,4N H 1175 7,98 95,299 55,089 2,622 22,85 183,766 0,452
3,7Mn25Cr7Mo21 NÍ0.5N H 1175 7,98 49,96 13,674 2283
3,4Mn25Cr7Mo22Ni0,6N H 1175 7,98 94,019 17,158 2271
2,3Mn25Cr7Mo22Ni0,8N H 1175 7,97 40,878 22,515 4,516

18Cr19MnO,7NH 1050 7,65 129,944
19Cr19MnO,7N F 1050 7.4 131,56

Si - Iron S.A. 7,01 0,323 0,157 0,119 1,884 0290 0,413
Hastelloy C 276 S.A. 8,83 3,877 1,475 0,136 13,629 41,611 0,159

17.3 Discussion and Conclusions

In Figures 17.1 -17.3 are presented, respectively, the effect of nitrogen content on corrosion resistance 
of MnCr7MoNiN steels in 37,5 vol-% sulphuric acid solution at 80 °C, 110 °C and boiling point. Corrosion 
rate of a specific steel as compared with other steels depends strongly on the environment. Temperature



the sulphuric acid solution has a strong effect on the relative corrosion rates of different steels. Effect of 
nitrogen content on decreasing corrosion rate in boiling sulphuric acid is evident, while at 110 °C and 80 
°C it is not so evident. PRE appears to correlate with corrosion rate in boiling 37,5 vol-% sulphuric acid 
solution. Among tested materials Si-iron has the best corrosion resistance in most of the environments. 
Hastelloy C 276 is the second best.

207

Figure 17.1. Effect of nitrogen content on corrosion rate of MnCrZMoNiN steels in 37,5 vol-% sulphuric add solution at 80 °C.

Nitrogen Content (wt-%)
Figure 17.2. Effect of nitrogen content on corrosion rate of MnCr7MoNiN steels in 37,5 vol-% sulphuric add at 110 °C.
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Figure 17.3. Effect of nitrogen content on corrosion rate of studied high nitrogen steels in boiling 37,5 voi-% sulphuric acid.
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Figure 17.4. Effect of PRE of studied high nitrogen steels on corrosion rate in boiling 37,5 voi-% sulphuric acid.
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18. Corrosion Resistance in Simulated Flue Gas Desulphurization Environment

18.1 Materials and Methods

Tests in simulated flue gas desulphurization environment were made as immersion tests at Laboratory of 
Metallurgy in VTT. Solution was 7 vol-% H2SO4, 3 vol-% HCI, 1% CuCl2, 1% FeCtø and distilled water. 
pH value of the solution was -0,50. Tests were conducted in similar way as critical pitting corrosion 
temperature tests. Thus, critical pitting corrosion temperatures were obtained as results.Tested materials 
are presented in Table 18.1.

Table 18.1. Tested materials and their treatments.
Material Solution annealing 

temperature Г°С1
Note

2,3Mn24Cr8Mo23NI0,3N H 1175
2,5Mn24Cr9Mo22NI0,4N H 1175
2,2Mn26Cr7Mo22NI0,4N H 1175

254 SMO S.A. As received
CF8MC 1070

Hastelloy C 276 S.A. As received

18.2 Results

Results of the tests are summarized in Figure 18.1.

Figure 18.1. Critical pitting corrosion temperatures in simulated FGD-environment

18.3 Discussion and Conclusions

Best corrosion resistance in FGD-environment was obtained with HIPped 2,2Mn26Cr7Mo22Ni0,4N steel. 
High nitrogen MnCr7MoNiN steels performed better, than commercial 254 SMO and Hastelloy C 276. 
MnCr7MoNiN steels have better pitting corrosion resistance in flue gas desulphurization environment 
than 254 SMO and Hastelloy C 276. Highest CPT was obtained with the material having highest content 
of chromium.
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19. Corrosion Resistance in Chlorine Dioxide Pulp Bleaching Environment

19.1 Materials and Methods

Potentiostatic tests were conducted at Laboratory of Metallurgy in VTT to study mass loss rate of 
MnCrTMoNiN steels in chlorine dioxide bleaching environment. Solution was distilled water with 700 ppm 
СГ and 100 ppm CIO2. Temperature of the solution was 80 °C and pH value 3,5. Corrosion potential was 
polarized to +700 mV (SCE) and test surface area was 1 cm2. Tested materials are presented in Table 
19.1.

Table 19.1. Tested materials and their treatments. 
Manufacturing routes and compositions are presented in Tables 10.1 -10.8.

Material Solution 
annealing 

temperature f°C1

Note

0,3Mn27Cr8Mo19Ni0,4N H 1175
0,3Mn27Cr8Mo19NÍ0.4N H 1200
2,3Mn24Cr8Mo23Ni0,3N H 1175
3,4Mn23Cr8Mo22Ni0,5N H 1175
2,4Mn25Cr8Mo21Ni0,4N H 1175

Hastelloy C 276 W S.A. As received

19.2 Results

Results of the tests are presented in Figure 19.1.

8.925

Figure 19.1. Corrosion rates of studied high nitrogen steels and Hastelloy C 276 in chlorine dioxide pulp bleaching environment when 
polarized electrochemically to + 700 mV (SCE). A = 1 cm^, t = 3 h, T = 80 °C, 700 ppm СГ, 100 ppm CK^.

19.3 Discussion and Conclusions

Smallest corrosion rate was obtained with HIPped 0,3Mn27Cr8Mo19NÍ0.4N steel solution annealed at 
1200 °C. This steel has the highest content of chromium and the lowest content of manganese among 
tested steels. The second best material was Hastelloy C 276, followed by HIPped 
0,3Mn27Cr8Mo19NiO,4N steel solution annealed at 1175 °C and HIPped 3,4Mn23Cr8Mo22Ni0,5N steel. 
According to these results low manganese content may have beneficial effect on corrosion resistance of 
MnCr7MoNiN steels in chlorine dioxide pulp bleaching environments. More data is needed to analyze the 
effects of alloying on corrosion resistance of MnCr7MoNiN steels in chlorine dioxide pulp bleaching 
environment. Alloy development of MnCr7MoNiN steels offers a promising way to achieve more corrosion 
resistant alloys than Hastelloy C 276 in chlorine dioxide bleaching plants. More data is needed to analyze 
the effects of alloying. According to obtained results, HIPped 0,3Mn27Cr8Mo19NiO,4N steel solution 
annealed at 1200 °C has slightly better corrosion resistance in a given environment than Hastelloy C 276.



20. Resistance to Erosion Corrosion
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20.1 Materials and Methods

Tested materials are presented in Table 20.1. Materials are mainly MnCr7MoNiN steels. CF8M, Duplok 
27 and Hastelloy C 276 were tested as reference materials. In Figure 20.1 is presented the principle of 
erosion corrosion test. Testing was conducted in Laboratory of Metallurgy at Technical Research Centre 
of Finland (VTT). Samples were cylindrical with diam. 12 mm and their height 20 mm. Surface was 
ground with 800 grit abrasive paper. Prior to testing all samples were washed in acetone and weighed to 
the accuracy of 0,0001 g. Samples were attached in circular plate. The assembly was then immersed in 
solution and solid particles containing cylindrical vessel. The amount of solid particles in solution was 100 
g/l. Solid particles were silica sand (Silversand 25). Samples were rotated 300 min at the velocity of 4,73 
m/s in the solution. After the testing samples were washed in acetone using ultrasonic vibrator and 
weighed to the accuracy of 0,0001 g.

Table 20.1 Tested material and their treatments. Manufacturing routes and compositions are presented in Tables 10.1 - 10.8
Material Solution annealing 

temperature Г°С1
Note

2,3Mn24Cr8Mo23Ni0,3N H 1175
0,3Mn27Cr8Mo19Ni0,4N H 1200
2,2Mn26Cr7Mo22Ni0,4N H 1175
3,7Mn25Cr7Mo21 NiO.SN H 1175
3,4Mn25Cr7Mo22Ni0,6N H 1175
2,3Mn25Cr7Mo22Ni0,8N H 1175

CF8MC 1070
CF8MC 1100
CF8M H 1070
CF8M H 1100

Duplok 27 H S.A. As received
Hastellov C 276 W S.A. As received

Figure 20.1 Principle of erosion corrosion testing. Slurry (7) is inside a cylindrical vessel (2). Rotation (to) is 
transmitted to specimen holder (plates 3, 5 and 6) and specimens (4) drowned in a slurry via a rotating shaft (1).

20.2 Results

Results are presented in Figures 20.2 and 20.3. Erosion rate is expressed as volume loss during 300 
min exposure. As can be seen, erosion rate of CF8M is clearly higher than that of Hastelloy C 276 and 
MnCr7MoNiN steels. It appears that differences between MnCr7MoNiN steels and Hastelloy C 276 are 
small. Also the differences between each material in different solutions are small and obey no general 
trends.
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Figure 20.2. Volume loss of tested materials in erosion conos ion tests in different environments. 
Silica sand Silversand 25 100 g/l, v = 4,73 m/s and t = 300 min.
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Figure 20.3. Volume loss of tested materials without CF8M in erosion corrosion tests in different environments. 
Silica sand Silversand 25 100 g/l, v = 4,73 m/s and t = 300 min.

20.3 Discussion and Conclusions

High nitrogen austenitic stainless steels perform better than ordinary CF8M austenitic stainless steel in 
erosion corrosion test. Their resistance to erosion corrosion is even better than that of Hastelloy C 276. 
Effects of other alloying elements than that of nitrogen on erosion corrosion rate is difficult to analyze due 
to small amount of data. It appears that nitrogen alloying may have some decreasing effect on erosion 
corrosion rate, but this may also be an artefact due to scatter of data. Effect of nitrogen content on 
erosion rate is presented in Figure 20.4. It appears that in distilled water increasing nitrogen content 
decreases slightly erosion corrosion resistance, whereas in acidic environments no clear conclusions can 
be made.

Ductility is often reported to have positive effect on erosion resistance. Correlation of elongation at 
fracture on erosion rate is presented in Figure 20.5. It seems, that ductility does not improve erosion 
resistance. This tendency appears to exist especially in distilled water. It appears that a positive linear
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correlation exists between elongation at fracture and erosion rate in distilled water. In acidic solutions 
corrosion may affect results.

A comment must be made on the testing apparatus. Applied test procedure can be used to rank different 
materials, but it should not be used for accurate measurements. It is not possible to separate the effects 
of corrosion and erosion, because the surface area of exposure is not known accurately. Liquid is in 
contact with whole sample area, whereas solid particles hit approximately only a quarter of the sample 
area. Thus, the whole sample area is subjected to corrosion but only 1/4 of the surface is subjected to 
erosion. Another thing is, that weight losses were generally rather small. This is due to low velocity and 
short exposure time.
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Figure 20.4. Effect of nitrogen content on erosion corrosion rate of studied high nitrogen steels.
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Figure 20.5. Effect of elongation at fracture on erosion corrosion rate of studied high nitrogen steels.
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21. Resistance to Sliding Wear

21.1 Materials and Methods

Resistance to sliding wear was determined with a Pin on Disc machine at Laboratory of Machine Design 
in Helsinki University of Technology. Studied materials were SiMnCrMoN, MnCr7MoNiN and 18Cr18MnN 
steels. Materials and their heat treatments are presented in Table 21.1. Disc materials were Stellite Celsit 
50 NB, Stellite 6, Hard Chrome, HIPped 4Si9Mn17Cr3MoO,5N solution annealed at 1200 °C, cast 
4Si9Mn19Cr3MoO,1N steel solution annealed at 1175 °C and wrought 34CrNiMo6 steel in as received 
condition.

Table 21.1. Tested materials (pins) and their treatments. Manufacturing routes and compositions are presented in Tables 10.1 - 10.8.
No. Pin material Primary heat 

treatment
PCI

Secondary
treatment

Note

1 Nitronic 50 C S.A. As received
3 Nitronic 60 C S.A. As received
4 4Si9Mn19Cr3MoO,1NC 1175
7 4Si9Mn17Cr3MoO,2N H 1175

(7) 4Si9Mn17Cr3MoO,2N H 1175 cold rolled
15 4Si9Mn17Cr3MoO,2N E 1125
16 4Si9Mn17Cr3MoO,2N E 1150
21 MMCG-4Si9Mn17Cr3MoO,2N H 1175 Metal matrix composite with graphite
22 4Si9Mn 17Cr3MoO,5N H 1200
23 6Si17Mn18Cr3MoO,5N H 1200
24 3Si22Mn21Cr0,5N H 1200
25 18Cr19MnO,6N F 1120
26 18Cr19MnO,7N H 1050
33 19Cr19MnO,7N F 1050
36 18Cr18MnO,8N F 1120
37 20Cr21Mn1N H 1200
38 20Cr21Mn1NH 1250
39 19Cr17Mn1,2N H 1200
40 MMC35-19Cr18MnO,7N H 1050
42 MMC35-19Cr18MnO,7N H 1050
46 2,5Mn24Cr9Mo22Ni0,4N H 1175
53 22Mn26Cr7Mo22Ni0,4N H 1175

(53) MMCG-2,2Mn26Cr7Mo22Ni0,4N H 1175 Metal matrix composite with araphite
62 CF8M C 1070
64 CF8M H 1070
66 Duplok 27 S.A. As received
67 34CrNiMo6 Normalized As received
68 Sanicro 28 Normalized As received
69 Saniere 28 Case

hardened
Stellite 6 As received

Principle of Pin on Disc machine is presented in Figure 21.1. The pins, mounted in a pin holder and 
clamped to a movable arm, were pressed with a chosen force against horizontally assembled discs 
rotating at constant velocity. Applied surface pressures were 2 MPa and 10 MPa. Sliding velocity was 
0,017 m/s and sliding distance 1000 m. Sliding diameters varied from 36 to 100 mm. Prior to testing all 
specimens were ground with 800 grit abrasive paper, cleaned in ethanol and dried. The length of the pins 
was measured with micrometer before and after the tests. The tests were conducted in laboratory 
atmosphere at +20 - +23 °C temperature and in 45 - 60 % relative humidity. The surface roughness (Ra) 
of the discs was measured with a digital tester. The target surface roughness of the discs was (Ra) 0,3 ± 
0,2 pm, but this was not obtained in all cases. Volume loss of the discs was determined with a laser 
profilometer (FORM TALYSURF, Rank Taylor Hobson Ltd.) having a mechanical diamond stylus with tip 
radius of 2 pm. Macrohardness testing was conducted with a Knoop Vickers hardness tester using 10 kp 
force. Microhardness testing was conducted with a Nikon/Paar MHT 4 tester with 40 g load. Optical 
metallography was conducted with Nikon metallographic microscope. Worn surfaces were analyzed with 
a Zeiss DSM 962 scanning electron microscope and a Link ISIS energy dispersive X-ray spectrometer 
(EDS). EDS analysis was conducted using Pentafet Plus Si(Li) detector and atmospheric thin window 
(ATW). Minimum detection limit was carbon.
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Figure 21.1. Principle of pin on disc machine for sliding wear.

21.2 Results

All obtained results of the tests are summarized in Tables 21.2 - 21.10. Only Nitronic 60 C (No. 3) was 
tested at 2 MPa surface pressure against Stellite 6 (v = 0,017 m/s, s = 1000 m). Amount of revolutions 
was 3248 and applied normal force 14,1 N. Volume loss in the pin was 2,12 mm3. No volume loss could 
be observed in the disc. Friction coefficient in the beginning of the test was 0,16 and in the end 0,50, 
respectively.

Table 21.2. Results of the sliding wear tests against hard chrome discs at nominal surface pressure p = 10 MPa, sliding velocity v = 
0,017 m/s and sliding distance s = 1000 m. No volume loss could be observed in hard chrome discs. Initial hardness of the hard 

chrome discs was within HV 1000 ± 20 %. Manufacturing routes and compositions are presented in Tables 10.1 - 10.8.
No. Materials FM[N] Rev. p-start p-end Restart

[pm]
R„-end

[pm]
HV-end

pin
HV-end

disc
AV-pin
[mm3]

1 Nitronic 50 C 31,4 3537 0,54 0,61 - - - - 5,87
1 Nitronic 50 C 31,4 4547 0,49 0,56 1,02 0,58 671 883 4,40
3 Nitronic 60 C 31,4 3537 0,35 0,48 0,3 0,86 528 1034 5,37
4 4Si9Mn19Cr3MoO,1N C 31,4 3979 0,32 0,59 0.51 0,56 652 786 7,13
7 4Si9Mn17Cr3MoO,2N H 31,4 3979 0,25 0,43 0.28 0,62 645 918 4,81
15 4Si9Mn 17Cr3MoO,2N E 31,4 3537 0,48 0,53 - - - - 4,18
15 4Si9Mn17Cr3MoO,2N E 31,4 3979 0,43 0,56 0,52 0,37 569 1102 5,31
16 4Si9Mn17Cr3MoO,2N E 31,4 3979 0,32 0,67 - - - - 3,83
16 4Si9Mn 17Cr3MoO,2N E 31,4 4547 0,53 0,61 0,52 0,97 562 970 5,5
22 4Si9Mn17Cr3MoO,5N H 70,65 3061 0,53 0,63 - - - - 2,83
22 4Si9Mn 17Cr3MoO,5N H 70,65 3316 0,57 0,66 - - - - 3,605
23 6Si17Mn 18Cr3MoO,5N H 31,4 3537 0,21 0,51 - - - - 0,63
23 6Si17Mn 18Cr3MoO,5N H 31,4 3979 0,42 0,33 025 0,47 598 958 1,88
53 22Mn26Cr7Mo22Ni0,4N H 31,4 3979 0,57 0,59 0,2 0,35 - - 2,73
26 18Cr19MnO,7N H 31,4 3537 0,32 0,64 - - 544 - 6,31
33 19Cr19MnO,7N F 31,4 3537 0,46 0,49 0,56 0,41 553 817 628
25 18Cr19MnO,6N F 31,4 4547 0,32 0,41 0,56 0,82 - - 4,84
25 18Cr19MnO,6N F 31,4 3537 0,49 0,56 0,52 0,62 558 1125 5,81
36 18Cr18MnO,8N F 31,4 3537 0,51 0,64 1,02 0,38 614 860 4,96
42 MMC35-19Cr18MnO,7N H 31,4 4547 0,32 0,45 028 0,62 552 1179 4,59
64 CF8M H 31,4 3979 0,64 0,68 0.3 0,48 - - 5,34
68 Saniere 28 31,4 3537 0,52 0,58 - - - - 1.70

Stellite 6 73 4421 0,77 0,73 - - - - 2.71
Stellite 6 73 4974 0,74 0,77 - - - - 8,09

66 Duplok 27 31.4 3979 0,41 0,61 0,38 0,49 - - 4,37



Table 21.3. Results of the sliding wear tests against hard chrome at nominal pressure p = 2 MPa, sliding velocity v = 0,017 m/s and
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No. Materials FM[N] Rev. p-start p-end AV-pin
[mm3]

3 Nitronic 60 C 14,13 3882 0,56 0,53 3,04
3 Nitronic 60 C 14,13 3537 0,56 0,52 2,69
4 4Si9Mn 1 ЭСгЗМоО, 1N C 14,13 3617 0,16 0,64 1,63
4 4Si9Mn19Cr3MoO,1NC 14,13 3701 0,18 0,72 2,12

22 4Si9Mn17Cr3MoO,5N H 14,13 3537 0,71 0,7 1,34
22 4Si9Mn 17Cr3MoO,5N H 14,13 3316 0,4 0.71 1.27
33 19Cr19MnO,7NF 14,13 2947 0,18 0,71 0,21
37 20Cr21Mn1N H 14,13 3090 0,5 0,8 0,71
37 20Cr21Mn1N H 14,13 3386 0,78 0,71 0,28
39 19Cr17Mn1,2N H 14,13 3121 0,71 0,67 0,21
39 19Cr17Mn1,2N H 14,13 2947 0,3 0,34 0,07

Stellite 6 14,4 3979 0,86 0,8 1,75
Stellite 6 14,4 3617 0,71 0,69 1,34

Table 21.4. Results of the sliding wear tests against stellite Celsit 50 NB discs at nominal surface pressure p = 10 MPa, sliding velocity 
v = 0 017 m/s and sliding distance s = 1000 m. Manufacturing routes and compositions are presented in Tables 10.1 - 10.8.
No. Materials Fn[N] Rev. p-start p-end Restart

[pm]
HV-end

pin
HV-end

disc
AV-pin
[mm3]

AV-disc
[mm3]

1 Nitronic 50 C 31,4 3537 0,16 0,45 0,46 764 687 0,09 2,46
3 Nitronic 60 C 31,4 3537 0,15 0,36 0,39 523 696 223 1,82
4 4Si9Mn1 ЭСгЗМоО, 1N C 31,4 3979 0,16 0,46 0,46 533 741 0,65 2,06
15 4Si9Mn 17Cr3MoO,2N E 31,4 3386 0,16 0,43 0,24 536 733 0,547 6,63
16 4Si9Mn 17Cr3MoO,2N E 31,4 3979 0,16 0,45 - 587 837 0,19 323
23 6Si17Mn18Cr3MoO,5N H 31,4 3979 0,4 0,42 - - - 1,32 0,017
23 6Si17Mn18Cr3MoO,5N H 31,4 3183 0,16 0,19 0,46 721 568 0,38 0
53 22Mn26Cr7Mo22Ni0,4N H 31,4 3979 0,43 0,48 - - - 0,38 5,72
26 18Cr19Mn0,7N H 31,4 3537 0,13 0,19 0,33 518 665 0,03 0
33 19Cr19MnO,7N F 31,4 4547 0,29 0,49 - - - 0 2,57
33 19Cr19MnO,7N F 31,4 4547 0,4 0,45 - - - 0,19 727
33 19Cr19Mn0.7N F 31,4 3537 0,14 0,64 024 592 749 0,03 1,82
25 18Cr19MnO,6N F 31,4 4547 0,38 0,45 0,39 627 737 0,63 4,81
36 18Cr18MnO,8N F 31,4 3537 0,16 0,42 - - - 0,15 2,10
36 18Cr18MnO,8N F 31,4 4547 0,41 0,48 0,39 666 826 0,31 4,91
40 MMC35-19Cr18MnO,7N H 31,4 3183 0,32 0,38 0,39 - - 1,19 4,16
62 CF8MC 31,4 3979 0,16 0,44 - - - 0,31 4,92
64 CF8M H 32 3930 0,42 0,47 - - - 020 5,93
66 Duplok 27 32 3659 0,45 0,50 - - - 020 7,46

Table 21.5. Results of the sliding wear tests against Celsit 50 NB at nominal surface pressure p = 2 MPa, sliding speed v = 0,017 m/s 
and sliding distance s = 1000 m. No volume loss could be observed in stellite discs.

No. Materials fn[N] Rev. p-start p-end AV-pin
[mm3]

4 4Si9Mn1 ЭСгЗМоО, 1N C 14,4 3460 0,15 0,15 0,014
7 4Si9Mn17Cr3MoO,2N H 14,4 3745 0,16 0,15 0,021

22 4Si9Mn17Cr3MoO,5N H 14,4 3215 0,14 0,15 0,064
33 19Cr19MnO,7NF 14,4 3183 0,15 0,16 0,049
33 19Cr19MnO,7NF 14,4 3745 0,17 020 0,113

Table 21.6. Results of the sliding wear tests against Stellite 6 at nominal surface pressure p = 10 MPa, sliding speed v = 0,017 m/s and

No. Materials FM[N] Rev. p-start p-end AV-pin
[mm3]

AV-disc
[mm3]

7 4Si9Mn17Cr3MoO,2N H 70,7 3183 0,14 0,45 0,52 14.21
22 4Si9Mn 17Cr3MoO,5N H 70,7 3537 0,14 0,41 2,50 7,48
37 20Cr21Mn1NH 70,7 3537 0,42 0,42 0,64 11,99
40 MMC35-19Cr18MnO,7N H 70,7 3537 021 0,40 2,58 10,16
68 Saniere 28 70,7 3183 0,35 0,41 0,89 8,18
46 2,5Mn24Cr9Mo22Ni0,4N H 77,4 3183 0,39 0,41 2,94 15,85
21 MMCG-

4Si9Mn1 ЭСгЗМоО,2N H
46 3183 0,33 0,37 2,60 8,00



Table 21.7. Results of the sliding wear tests against cast 4SI9Mn19Cr3MoO,1N steel at nominal surface pressure p = 10 MPa, sliding
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No. Materials FM[N] Rev. p-start p-end AV-pin
[mm3]

AV-disc
Г mm3!

7 4Si9Mn 17Cr3MoO,2N H 73 5134 0,43 0,43 1,22 8,83
(7) 4Si9Mn17Cr3MoO,2N H+CD 73 4547 - - 1,54 9,01
37 20Cr21Mn1N H 73 5895 0,52 0,44 0,37 9,41
22 4Si9Mn 17Cr3MoO,5N H 79 6920 0,44 0,43 0,75 11,50

Table 21.8. Results of the sliding wear tests against HIPped 4SI9Mn19Cr3MoO,5N steel at nominal 
surface pressure p = 10 MPa, sliding speed v = 0,017 m/s and sliding distance s = 1000 m.

Manufacturing routes and compositions are presented in Tables 10.1 -10.8.
No. Materials fn[N] Rev. p-start p-end AV-pln

[mm3!
AV-disc

Г mm3]
3 Nitronic 60 С 39,4 8603 0,39 0,39 3,84 1,66
7 4Si9Mn 17Cr3MoO,2N H 75,4 6241 - - 4,7 1,99

22 4SI9Mn17Cr3MoO,5N H 74 3744 0,46 0,45 0,54 4,65
24 3Si22Mn21CrO,5N H 32,3 4421 0,5 0,42 1.13 3,48
37 20Cr21Mn1N H 72 7234 0,49 0,49 0,47 10,48
42 MMC35-19Cr18MnO,7N H 73,4 4823 0,44 0,41 2,46 4,66
67 34CrNiMo6 73,4 5488 0,5 0,48 0.7 3,48

Table 21.9. Results of the sliding wear tests against forged 18Cr19Mn0,6N steel at nominal surface pressure p = 10 MPa, sliding

No. Materials FM[N] Rev. p-start p-end AV-pln
Г mm3]

AV-disc
[mm3]

3 Nitronic 60 73 3979 0,55 0,38 1,7318 0,1872
4 4Si9Mn 1 ЭСгЗМоО, 1N C 73 5684 0,41 0,44 8,2349 0,1137
7 4Si9Mn 17Cr3Mo0,2N H 73 6631 0,36 0,41 7,8108 0,1071

33 19Cr19MnO,7N F 73 4974 0,47 0,41 3,0748 0,3838

Table 21.10. Results of the sliding wear tests against forged 18Cr19MnO,6N steel at nominal surface pressure p = 2 MPa, sliding 
speed v = 0,017

No. Materials Fn[N] Rev. p-start p-end AV-pln
[mm3]

AV-disc
[mm3]

3 Nitronic 60 14,4 3617 0,40 0,45 0,8836 0,0545
4 4Si9Mn 1 ЭСгЗМоО, 1N C 14,4 3316 0,38 0,48 1,9014 0,0232
7 4Si9Mn 17Cr3MoO,2N H 14,4 3061 0,30 0,36 1,8096 0,0161

33 19Cr19MnO,7N F 14,4 4421 0,35 0,40 0,4100 0,0645

21.3 Discussion

Wear mechanism is not purely adhesive in the case of stellite, hard chrome or steel discs. Wear debris 
generated during tests has a substantial contribution to wear. In the case of stellite discs, wear is thought 
to begin adhesively. As soon as first adhesive junctions have formed, the material removal begins by 
tearing in the weaker material. Generated wear debris is then both removed aside and stuck on surfaces 
of the pin and the disc. The smaller the sliding diameter is, the more opportunities the pin has to slide on 
wear debris. In the case of stellite discs wear debris is thought to constitute of more or less oxidized steel 
and stellite. Finally, wear process against stellite disc is at least partially abrasive, with wear debris 
acting as abrasive media. This can be concluded from Figures 21.22 and 21.27. In the case of hard 
chrome discs the role of abrasion is thought to be smaller. Steel pins slide on hard chrome discs covered 
with wear debris. In the case of hard chrome discs wear debris is mainly oxidized steel. Thus, situation 
arises where steel will slide against itself. Adherence of wear debris on sliding surfaces and plastic 
deformation of steel pins is thought to have a considerable effect on wear rate. Wear resistance of steel 
pins against hard chrome discs is thought to be mainly due to ability of pins to resist plastic deformation. 
In the case of stellite discs, resistance to abrasive wear is thought to be a dominant factor.

The measured volume losses were adjusted with normal force and amount of revolutions during 1000 m 
sliding. In Equation 21.1 AVL is the adjusted volume loss [mm3/N], AV is the measured volume loss 
[mm3], Rev is the amount of revolutions during 1000 m sliding and Fjsj is the normal force [N].

AVL
mm3

N
AV

Re v ■ Fn
(21.1)

Adjusted volume losses together with friction curves are presented in Figures 21.2 - 21.21.
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Figure 21.2. Friction coefficients of SiMnCrMoN steels during sliding on Cels it 50 NB 
with p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.3. Friction coefficients of 18Cr18MnN steels during sliding on Cel sit 50 NB 
with p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.4. Friction coefficients of reference steels during sliding on Cels it 50 NB

with p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.5. Adjusted volume loss of tested materials and Cels it 50 NB disc with 10 MPa surface pressure.
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Figure 21.6. Friction coefficients of pins during sliding on Stellite 6 disc with p= 10 MPa, v = 0,017 m/s and s = 1000
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Figure 21.7. Adjusted volume loss of pins and Stellite 6 disc.
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Figure 21.8. Friction coefficients of pins during sliding on Celsit 50 NB disc with p = 2 MPa, v = 0,017 and s = 1000 m.
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Figure 21.10. Friction coefficients of SiMnCrMoN steels during sliding on hard chrome
discs with nominal surface pressure p - 10 MPa, v = 0,017 m/s and s = 1000 m.
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Figure 21.11. Friction coefficients of 18Cr18MnN steels during sliding on hard chrome discs 
with p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.12. Friction coefficients of reference steels and Stellite 6 during sliding on 
hard chrome discs with p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.13. Adjusted volume loss of tested steels on hard chrome disc with 10 MPa surface pressure.
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Figure 21.14 Friction coefficients of the pins during sliding on hard chrome disc 
with p = 2 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.15 Adjusted volume loss of the pins on hard chrome with 2 MPa surface pressure.
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Figure 21.16 Friction coefficients of the pins during sliding on cast 4Si9Mn19Cr3MoO,1N steel cfisc 
with p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.17 Adjusted volume loss of the pins and cast 4Si9Mn19Cr3MoO,1 N steel disc with 10 MPa surface pressure.
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Figure 21.18 Friction coefficients of the pins during sliding on HIPped 4Si9Mn17Cr3MoO,5N steel disc 
with p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.19 Adjusted volume loss of the pins and HIPped 4Si9Mn17Cr3MoO,5N steel disc with 10 MPa surface pressure.
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Figure 21.21 Adjusted volume loss of the pins and forged l8Cri9MnO,6N steel disc with 2 MPa surface pressure.

Figure 21.22. A scanning electron micrograph of the surface of 19СИ 9MnO,7N F steel pin worn adhesively against Celsit 50 NB. 
Hardness of the pin prior to testing was HV 233 and after testing HV 592. Hardness of the wear track on disc was HV 749 after the 

test. Volume losses of the pin and the disc were 0,03 mm3 and 1,82 mm3, respectively. Friction coefficient in the beginning of the test
was 0,14 and in the end 0,64. Magnification 100 X.
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Figure 21.23. A SEM/EDS spectrum of wear debris on the surface of 19Cr19MnO,7N steel pin worn against Celsit 50 NB. Spectrum
reveals traces of cobalt

Figure 21.24 Scanning electron micrograph of surface of Nitronic 60 steel pin worn adhesively against stellite Celsit 50 NB. Hardness 
of the pin prior to testing was HV 233 and after testing HV 523. Hardness of the wear track on disc after the test was HV 696. Volume 
losses of the pin and disc were 2,23 mm3 and 1,82 mm3, respectively. Friction coefficient in the beginning of the test was 0,15 and in

the end 0,36. Magnification 100 X.
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Figure 21.25. A SEM/EDS spectrum of wear debris on Nitronic 60 steel worn against stellite Celsit 50 NB. Peaks of Fe and Ni disturb 
the analysis and, thus, the existence of cobalt in wear debris can not be determined.

Figure 21.26. SEM micrograph of the surface of forged 19Cr19MnO,7N steel worn against hard chrome disc. Hardness of the pin prior 
to testing was HV 307 and H V 553 after the test. Hardness of the wear track on disc was HV 817 after the test Volume loss of the pin 
was 6,28 mm3. No volume loss in disc could be observed. Friction coefficient in the beginning of the test was 0,46 and in the end 0,49.

Magnification 500X.
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Figure 21.27. SEM micrograph of the surface of HiPped 6Si17Mn18Cr3MoO,5N steel worn against hard chrome disc. Hardness of the 
pin prior to testing was HV 421 and after the test HV 598. Hardness of the wear track on the disc was HV 958 after the test Volume 
loss of the pin was 1,88 mm3. No volume loss could be observed in the disc. Friction coefficient in the beginning of the test was 0,42

and in the end 0,23, respectively. Magnification 500X.
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Figure 21.28. Effect of nitrogen on volume loss of austenitic stainless steels worn against hard chrome dree 
at p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.29. Effect of nitrogen on volume loss of austenitic stainless steels worn against 

hard chrome at p = 2 MPa surface pressure, v = 0,017 m/s and s = 1000 m.
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Figure 21.30. Result of 7-variable multiple linear regression analysis to predict volume loss of high nitrogen austenitic 
stainless steels against hard chrome at p = 10 MPa surface pressure, v = 0,017 m/s and s = 1000 m. Standand error of

estimate is 0,84 mm®, R2 = 85,4 % and F(7,8) = 6,7.

Table 21.10. Correlation matrix of 7-variable multiple linear regression.
Ferrite

content
fvok%l

Si
fwt-%1

Mn
fwt-%1

Mo
fwt-%1

Ni
fwt-%1

N
fwt-%1

0
fwt-%1

V-Loss
[mm3]

Ferrite
content
fvof-%1

1 -0,21 -0,45 -0,04 -0,14 -0,32 -0,10 0,07

Si
fwt-%1

-0,21 1 0,05 -0,35 -0,01 -0,64 -0,19 0,27

Mn
fwt-%1

-0,45 0,05 1 -0,72 -0,78 0,52 -0,30 0,63

Mo
fwt-%1

-0,04 -0,35 -0,72 1 0,90 -0,03 0,39 -0,81

Ni
fwt-%1

-0,14 -0,01 -0,78 0,90 1 -0,33 0,34 -0,70

N
fwt-%1

-0,32 -0,64 0,52 -0,03 -0,33 1 0,34 -0,13

О
fwt-%1

-0,10 -0,19 -0,30 0,39 0,34 0,34 1 -0,52

V-Loss
fmm3!

0,07 0,27 0,63 -0,81 -0,70 -0,13 -0,52 1

21.4 Conclusions

Amount of revolutions becomes an important factor when pin on disc tests are conducted with constant 
sliding diameter. Normal force is an important factor affecting plastic deformation of the contacting 
surfaces. Friction coefficients correlate neither with volume loss nor initial surface roughness. Wear was 
purely adhesive in none of the cases. Abrasive wear was considered to have some role in all situations. 
No volume loss could be observed in hard chrome discs, which may be due to the high difference in 
relative hardness between sliding materials. Wear debris affected sliding by adhering on disc and pin 
surfaces. In the case of hard chrome discs, wear debris was generated from the steel pins. In the case of 
stellite and steel discs, wear debris originated from both discs and pins. The amount of plastic 
deformation was higher in steel pins tested against hard chrome discs than in pins tested against stellite 
discs. It is assumed, that considerably more plastic deformation occurred in stellite and steel discs than in 
hard chrome discs. Hard secondary phases have a beneficial effect on wear resistance against hard 
chrome. Nitrogen alloying increases the wear resistance of silicon alloyed steel pins against hard chrome 
discs. Manganese may increase the wear rate against hard chrome, but does not seem to have an effect 
against stellite. More data is needed to verify the effect of manganese. Alloying seemed not to affect 
wear rates against stellite discs, which may be due to the role of wear debris. Compacted wear debris 
may act as an abrasive media between sliding surfaces, or it can protect the surfaces from further wear. 
Most worn material surfaces contained only small amounts of wear debris. Because the composition of



wear debris is different between various material pairs, each test result is unique and can not be 
compared with each other.

Although sliding velocity, nominal surface pressure and sliding distance were monitored and kept 
constant, some variables still existed. Changing parameters during the testing were surface roughness, 
condition of disc material (which was not known), sliding radius and, thus, amount of revolutions, pin 
diameter, normal force and pin alignment. Surface roughness was tried to be kept constant, but that 
could not be established in all cases. Fortunately, it appeared that surface roughness had nothing or little 
to do with volume loss. Condition of disc materials is an important factor, which could be used in 
explaining differences between reruns. This was, especially, a problem with stellite discs, where similar 
pin materials contributed substantially different amounts of wear in disc and pin itself. Stellite discs were 
manufactured by welding and, thus, different material properties were possibly obtained in different parts 
of discs. This is also one reason why sliding diameter becomes an important factor affecting test results. 
Another reason is, that as sliding diameter is decreased the amount of revolutions is increased. Pin 
materials have more possibilities to slide on wear debris as the amount of revolutions increases. 
Situations may arise, where every test result is unique and can not be compared with each other. Pin 
diameter and, thus, normal force were variables because of difficulties in manufacturing. It was not 
possible to obtain uniform pin diameters with all materials. Differences in pin alignment are thought to be 
due to differences in pin surface form. Corrective action was made to diminish the diameter of the pins as 
small as possible. Therefore, false alignment is considered to be only a minor source of error.

In order to get more reliabe results, as many variables in test configuration as possible should be 
eliminated. The most important factors are sliding diameter and normal force, which should be kept 
constant. If wear debris becomes a problem, as it was in the case of stellite and steel discs, corrective 
action should be made to separate its effect from other effects. One way to establish this is to use pin on 
drum configuration or pin on disc equipment with constantly changing (increasing or decreasing) sliding 
diameter. Problem arises because drum or disc material wear rate is not possible to measure. An other 
alternative is to make button on block tests, where standardized cylindrical button rotating at constant 
speed around its axis of inertia is pressed against static block. Friction, surface roughening and volume 
loss can, thus, be recorded as a function of lapplied load. Wear debris can be transfered from sliding 
surfaces via on purpose machined groove. Another beneficial feature is that material usage would remain 
at a low level. Machining costs would be low by applying standard bar diameters.

232



22. Resistance to Abrasive Wear
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22.1 Materials and Methods

Resistance to abrasive wear was studied with modified dry sand rubber wheel abrasion test at Tampere 
University of Technology and with ASTM G 65-85 (1985) dry sand rubber wheel abrasion test at Helsinki 
University of Technology. Tested materials are presented in Table 22.1. Main purpose of the study was 
to determine the effect of nitrogen content on abrasive wear resistance of high nitrogen austenitic 
stainless steels. Their properties were correlated to properties of Hadfield manganese steels and 
martensitic Cronidur 30 steel. Materials were manufactured by casting (C), forging (F) and HIPping (H). 
Primary heat treatment was solution annealing. Precipititation heat treatment was conducted for some 
materials in order to obtain the effect of CrN- and C^N-precipitates on abrasion resistance. Metal matrix 
composites with alumina particles were tested to establish the effect of relatively large second phase 
particles on abrasion resistance. Volume content of alumina particles was 5 %. Size of the particles was 
25 pm in MMC25 and 35 pm in MMC35. Matrix material in both composites was 19018MnO,7N steel.

Table 22.1. Materials and their heat treatment
Material Primary Heat

T reatment
Secondary
Heat Treatment

Additional
Treatments

ASTM G 65 
Method

Modified
Method

Note

Hadfield Mn13C 1150°C/water X

Hadfield AM17C 1150°C/water X X

Hadfield Supra C 1150°C/water X

18Cr19MnO,6N F 1120°C/water X

19Cr19MnO,7N F 1050°C/water X X

18Cr19MnO,7NH 1050°C X

19Cr19MnO,7NF 1050°C/water 750°C/3h/air Cold Rolled 
20% prior 
precipitation

X

19Cr19MnO,7N F 1050°C/water 750°C/3h/air Cold rolled 
30% prior 
precipitation

X

18Cr18MnO,8N F 1120°C/water X X

20Cr21Mn1N H 1200°C/water X

20Cr21Mn1N H 1200°C/water 750°C/15h/air X

19Cr17Mn1.2N H 1200°C/water X

19Cr17Mn1,2N H 1200°C/water 750°C/15h/air X

MMC25-
19Cr18MnO,7NH

1050°C/water X X metal matrix 
composite

MMC35-
19Cr18MnO,7N H

1050°C/water X X metal matrix 
composite

Cronidur 30 1050°C/oil 3X550°C/air X martensitic steel

In Figure 22.1 is presented principle of rubber wheel abrasion test. Abrasive particles were silica sand 
with diameter of 0,1 - 0,6 mm. Ground specimen size was 20 X 20 X 50 mm3. Abraded surface was 
ground with 800 grit abrasive paper prior to test. The abrasive was introduced between the test specimen 
and a rotating rubber wheel through a nozzle. Direction of rotation was parallel to sand flow. Test 
specimen was pressed against the rotating wheel at a specified force by means of a lever arm. Flow of 
grit could not be controlled in the modified abrasion tests. Specimens were weighed before and after the 
test. In modified abrasion test total testing time of one hour consisted of five intervals with duration of 12 
min. Because the wear rate was different in each sample holder, the sample locations were changed 
after each interval. Only total mass loss could, thus, be measured. Width of contact between rubber 
wheel and sample was that of the sample, Le., 20 mm. In ASTM method testing time was 30 min without 
intervals and width of contact area was smaller than the sample width. Parameters of both tests are 
summarized in Table 22.2.
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Figure 22.1 Principle of the rubber wheel abrasion test

Table 22.2 Abrasive wear test parameters
Parameter Modified method ASTM G 65 Note

Wheel diameter 520 mm 235 mm
Wheel width 1500 mm 12,7 mm

Wheel material - CIIR-mbber
Wheel hardness - 66±5 Sha

Velocity 1,64 m/s 2,46 m/s
Test duration 60 min 30 min

Normal force at contact 25 N 45 N
Grit Silica sand Silica sand

Size of Grit 0.1-0,6 mm 0.1-0,6 mm
Flow rate of arit 30-50 o/min 100-300 o/min Flow rate chanqes durinq test

Sample size 20 X 20 X 50 mm3 20 X 20 X 50 mm3
Samóle surface finish Grit 800 Grit 800

22.2 Results

Results of modified teste and ASTM G 65 teste are presented in Figure 22.3 and Figure 22.4, 
respectively.

2 <J U
S Q g 1 1

UZU и и и И z и и и и и
" £ i и В В i £ £ I и^и - 8 ВI gi ^ \ | i ! g* û B y 11A S « = § i g g gg IФ -3 - " S 5 Q

9 9 о ï S» 25 fi c 9 9 u
5 5 I ^55
2 2 » u u
y y g i § ï s g

Figure 22.3 Volume loss of tested steels in modified rubber wheel abrasion test 
Sliding distance s = 5900 m and counter weight 5 kg.
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Figure 22.4 Volume loss of tested steels In ASTM G 65 - 85 rubber wheel abrasion test 
Fn = 45 N, amount of revolutions 6000 at velocity of 200 RPM.

22.3 Discussion and Conclusions

Wear rates of studied steels are at an equal level. Small differences exist, but wear rates of nitrogen 
steels are pretty much at the same level as those of Hadfield steels. Metal matrix composites do not 
perform much better. It is assumed that poor performance of metal matrix composites is due to too small 
alumina particle size and too small amount of alumina. According to literature, best abrasion resistance is 
achieved with a material having large and hard particles embedded in a ductile matrix. Experiences with 
white cast iron have shown, that best resistance to abrasive wear can be achieved with materials having 
approximately 35 vol-% large carbides embedded in matrix. VN or NbN should be suitable particles to 
increase abrasion resistance of high nitrogen austenitic stainless steels. Size of nitrides should be about 
the size of the abrasive particles, i.e., greater than 100 pm. Nitrogen content of the matrix should be kept 
low. Maximum nitrogen content is assumed to be 0,6 - 0,8 wt-%.



23. Resistance to Impact Wear

23.1 Materials and Methods
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Resistance to impact wear was analyzed using laboratory scale jaw crusher at Laboratory of Minerals in 
Helsinki University of Technology. A sample of 200 kg of leptite or felsic volcanite was crushed in each 
test. Constituents of leptite were 40 % silica, 30 % plagioclase AN5 (NaAlSißOg-CaAlS^Og) and 20 % 
potassium feldspar (KAISigOg-CaAIS^Og). Constituents of felsic volcanite were 25 % silica, 45 % 
plagioclase AN15 and 20 % potassium feldspar. Diameter of rock particles was 10-15 mm in the 
beginning of each test. Tested materials and their heat treatments are presented in Table 23.1.

Table 23.1. Tested materials and their treatments.
Material Solution annealing 

temperature PCI
Density
[g/cm3]

Note

Hadfield Supra C 1150 7,73
MMC10-18Cr18MnO,4N H S.A. 7,27 D< 10 urn
MMC25-19Cr18MnO,7N H S.A. 7,49 5.6 urn < D < 22,5 urn
MMC35-19Cr18MnO,7N H S.A. 7,41 22.5 um < D < 45 urn

20Cr21Mn1N H S.A. __________ Là]__________

23.2 Results

Results are presented in Figure 23.1.

Figure 23.1 Volume lose of tested steels and metal matrix composites In laboratory scale jaw crusher test. All materials except Hadfield 
Supra, which was tested against felsic volcanite, were tested against leptite (200 kg, diam. 10 - 15 mm).

As can be seen from the Figure 23.1, volume loss is smallest with Hadfield Supra. The second best 
material is HIPped 20Cr21 Mn1 N steel. Volume loss of metal matrix composites increases with 
decreasing particle size. Still, best results were obtained with Hadfield Supra and 20Cr21Mn1N H steels.

23.3 Discussion and Conclusions

As can be seen from the results, the volume loss of metal matrix composites is clearly higher than that of 
20Cr21 Mn1 N and Hadfield Supra steels. This is probably due to lower ductility of metal matrix 
composites. Better resistance to impact wear of Hadfield Supra as compared to 20Cr21 Mn1 N steel may 
be either due to its higher ductility and/or higher strain hardening capability. Hadfield manganese steels 
are known to form hard strain induced martensite on their surface when subjected to impact. High 
nitrogen level is known to contribute to brittle fracture. It is, thus, anticipated, that lowering of nitrogen 
content to a level of 0,8 wt-% or below should increase the wear resistance of 20Cr21 Mn1 N steel.



24. Strain Hardening by Impact and Determination of Meyer Indices

24.1 Materials and Methods
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The effect of impact energy on strain hardening of high nitrogen austenitic stainless steels was studied. 
For this purpose a special testing equipment was constructed and a short test program was conducted. 
Tested materials are presented in Table 24.1.

Table 24.1. Tested materials and their treatments.
Material Solution annealing 

temperature Г°С1
Note

19Cr19MnO,7N F 1050
18Cr19MnO,7N H 1050
18Cr18MnO,8N F 1120

MMC25-19Cr18MnO,7N H 1050
MMC35-19Cr18MnO,7N H 1050

Hadfield Mn13 C 1150
Hadfield AM17C 1150
Hadfield Suora C 1150

Testing was conducted by using a modified Peliini drop weight test. Sample of size 20 X 20 X 20 mm3 
was located on a steel bench. Sample was hit with a hammer having nose piece of diameter 10 mm. 
Nose piece was made of high speed steel because of needed high hardness. Weight of the hammer was 
44 kg. Impact energy was adjusted by adjusting height of the drop using an equation:

E = mgh
nr ЛГ

(24.1)

where E is the impact energy, m is the mass of the hammer, h is the drop height and r is the radius of the 
hammer. Acceleration of the hammer was measured with an optical sensor and oscilloscope. The value 
of acceleration g= 9,81 m/s2 was found to be acceptable. Applied impact energies were 2,75 MJ/m2,
8,24 MJ/m2 and 13,74 MJ/m2. Deformed samples were then cut with a diamond saw and microhardness 
profiles of the samples were measured. Hardness was thought to be a direct measure of strain 
hardening. Testing was continuously interrupted by breaking of the hammer nose due to a low ductility of 
high speed steel.

Meyer indices were determined with a Brinell hardness tester. Meyer index is reported to be a direct 
measure of strain hardening. A ball intender with a diameter of 10 mm was pressed against a steel 
sample with different loads. Applied loads were 1000,1500, 2000 and 3000 kg. Load was kept constant 
for 30 s and then released. Diameter of the indentation on sample surface was then measured and 
plotted on a log-log scale along with applied force. Meyer index (n) was then calculated from the 
equation:

log F = n ■ log d . (24.2)

24.2 Results

Results of the impact tests are presented in Figures 24.1 - 24.2. Peak hardness is located on the surface 
of the sample. After this peak hardness drops in order to rise again. The second maximum is achieved at 
a distance of about 4000-5000 pm from the surface. Highest hardnesses were obtained with Hadfield 
manganese steels. Measured Meyer indices are plotted in Figure 24.3.
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Figure 24.1. Hardness profiles obtained with impact deformation. Drop height was 1,5 m and impact energy 13,7 MJ/m2.
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Figure 24.2. Hardness profiles obtained with impact deformation. Drop height was 1,5 m and impact energy 13,7 MJ/m2.
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Figure 24.3. Measured Meyer indices of selected steels.

24.3 Discussion

Impact deformation seems to increase the surface hardness of the high nitrogen austenitic stainless 
steels, but not as much as that of Hadfield manganese steels. A possible reason for this is, that strain 
induced martensite is formed during impact deformation of Hadfield manganese steels. Unfortunately, 
testing was hampered by a lack of time. Therefore it was not possible to design the testing equipment 
properly. In order to improve the test, a rounded hammer nose should be used. In that way it would be 
possible to gain strain hardening index directly from the test. Size of the sample should be larger relative 
to hammer nose. There is also a problem with re-impact of the hammer. Equipment should be designed 
in such a way, that re-impact does not occur. Applying a mathematical pendulum-like construction 
(Charpy impact hammer) better results should be possible to obtain. Charpy impact hammer is almost a 
mathematical pendulum. Thus, adjustment of impact energy would be easier and re-impact could be 
eliminated. Also the size of the sample and hammer nose could be smaller.

In Figure 24.4 is presented the dependence of Meyer index on nitrogen content. Nitrogen seems to 
decrease the strain hardening coefficient. This may be due to handling of the samples prior to 
measurements. The samples were ground with an abrasive paper, which may already strain harden the 
surface of the steels. Evidence of this kind of behaviour is visible also in Figure 15.4. Those materials 
that are machined after solution annealing show lower values of Meyer indices than those solution 
annealed after machining. It may also be, that Meyer indices are not suitable method for analyzing strain 
hardening. Therefore, strain hardening coefficients should be determined in tensile testing. Comparison 
of Meyer index with hardness obtained with impact deformation is presented in Figure 24.5.
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Figure 24.5. Correlation of Meyer index with hardness obtained by impact deformation of high nitrogen and Hadfieid steels.

24.4 Conclusions

Impact deformation increases the surface hardness of 18018MnN steels and Hadfieid manganese 
steels. Second maximum is achieved at approximately 4000 - 5000 pm from the surface. Hardness of 
Hadfieid manganese steels is higher than that of 18018MnN steels. Introducing A^Og-particles in 
180l8MnN steel matrix does not improve the situation. In order to gain more reliable results, the testing 
equipment and test itself should be redesigned. Meyer index may not be a reliable method to estimate 
strain hardening. Strain hardening coefficients should be determined during tensile testing.
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Properties of P/M high nitrogen austenitic stainless steels were compared with those of conventional 
austenitic steels, austenitic stainless steels, duplex stainless steels and super alloys. Sudied steels were 
SiMnCrMoNiN sliding wear resistant austenitic stainless steels, highly corrosion resistant MnCr7MoNiN 
steels and high strength 18Cr18MnN steels. P/M steels were compacted using HIP and/or extrusion. In 
the following, the results of the tests are shortly summarized.

Steel powders were characterized with sieve analysis and chemical analysis. Oxygen content of powders 
and compacted specimens was analyzed. As the particle surface area decreased, the oxygen content of 
powder bed increased. Also solid samples having smaller average powder particle size had higher 
oxygen content than materials with larger particles. Densities of materials were measured using He- 
pycnometer and compared with theoretical values. Results showed that using HIP technology fully dense 
materials can be manufactured.

Solution annealing temperature of Si-alloyed steels should be higher than 1100 °C. Increasing of the 
solution annealing temperature will increase the amount of б-ferrite in Si-alloyed steels. Equations given 
in the literature can be applied to calculate the adequate solution annealing temperature for high nitrogen 
austenitic stainless steels. Partitioning of alloying elements among austenite and ferrite was studied using 
EPMA and it was found that partitioning coefficients obeyed generally the values given in the literature.

Surface oxide films were studied using ESCA and GDOS. Nitrogen showed a tendency to enrich on the 
surface. Silicon, chromium, manganese, molybdenum and nickel showed also a peak in the surface layer. 
Thus, it is assumed that all these elements have to be taken into account when studying the properties of 
the surfaces. Thickness of the passive film could not be reliably established.

Tensile strength, yield strength, elongation at fracture and reduction of area were studied. Nitrogen 
increased yield strength of P/M high nitrogen austenitic stainless steels and enhanced the effect of grain 
size. Nitrogen decreased elongation at fracture when alloyed in excess of 0,6 - 0,8 wt-%. Elongation at 
fracture decreased also due to the decrease of grain size. Ferrite decreased both yield strength and 
elongation at fracture. Oxygen had a strong effect on decreasing ductility. Equation of Nordberg (1993) 
can be applied when estimating the strength of P/M high nitrogen austenitic stainless steels.

Charpy V-notch impact toughness (CVN) was also tested. Increase of nitrogen content above 0,8 wt-% 
decreased CVN at +20 °C and -20 °C. Increase of solution annealing temperature of P/M steels 
increased CVN, if ferrite was not formed. Manganese decreased CVN of P/M steels. Oxygen had a 
strong effect decreasing the CVN impact toughness. CVN correlated with elongation at fracture.

Resistance to crevice corrosion and pitting corrosion in 6% FeCtø-solution was studied. Nitrogen 
increased resistance to crevice corrosion and pitting corrosion, especially with molybdenum alloying. 
Pitting Resistance Equivalents (PRE) can be applied on estimating the corrosion resistance of P/M high 
nitrogen austenitic stainless steels.

General corrosion resistance in sulphuric acid solutions was also studied. Effect of nitrogen remained 
unclear. It appeared, that effect of nitrogen was related to the spesific environment. In boiling sulphuric 
acid solution nitrogen decreased the corrosion rate, but at 80 °C and 110 °C the role of nitrogen was not 
evident. Si-iron showed superior corrosion resistance to MnCr7MoNiN steels in sulphuric acid solutions.

The critical pitting corrosion temperatures in simulated flue gas desulphurization (FGD) environments 
were measured. Highest CPT was obtained with the material having highest chromium content.

Potentiostatic corrosion tests were conducted in chlorine dioxide pulp bleaching environment. HIPped 
0,3Mn27Cr8Mo19Ni0,4N steel had slightly better corrosion resistance than Hastelloy C 276.

Resistance to erosion corrosion was also studied. Nitrogen may have had some effect on resistance to 
erosion corrosion. Further conclusions are complicated by limitations of the testing equipment and testing 
procedure.

Resistance to sliding wear was determined with a Pin on Disc machine. Disc materials were hard chrome, 
stellite and high nitrogen austenitic stainless steels. Rate of wear was determined by the properties of 
both pin and disc. Sticking of wear debris on surfaces was observed and, thus, abrasive wear played 
some role in all tests. Least amount of abrasive wear was present in tests made with hard chrome discs.
It appeared that nitrogen had a beneficial effect on wear resistance of high nitrogen austenitic stainless



steels against hard chrome. In the case of stellite and steel discs the wear rate of discs and the amount 
of wear debris was so high, that wear mode was merely abrasive. Thus, an effect of nitrogen content was 
not observed.

Resistance to abrasive wear was studied with modified and standardized dry sand rubber wheel abrasion 
test. Nitrogen in solid solution did not contribute to abrasive wear resistance. Resistance to abrasive wear 
was mainly determined by hard second phase particles present in ductile matrix. Hard second phase 
particles have to be harder and larger than abrasive particles.

Resistance to impact wear was analyzed using a laboratory scale jaw crusher. It was concluded, that the 
resistance to impact wear was mainly determined by the ductility and strain hardening capacity of the 
material. Hadfield steels showed good resistance to impact wear.

Strain hardening by impact was studied with a modified Peliini drop weight test. Strain hardening 
coefficients were studied by measuring Meyer indices with a Brinell hardness tester. Impact deformation 
increased the surface hardness of 18Cr18MnN steels and Hadfield manganese steels. Second maximum 
in hardness was measured at the distance of 4000 - 5000 pm from the surface. Hardnesses of Hadfield 
manganese steels were higher than those of 18Cr18MnN steels. According to Meyer indices an increase 
in nitrogen content appeared to decrease the strain hardening coefficient.

Introducing nitrogen in P/M austenitic stainless steels is a promising way to develop new high strength 
corrosion resistant materials. Yet, alloy development can not be based on practice with conventional 
stainless steels. Solidification, processing and storing of steel powders affect various properties of the 
end products. In this study it was found, that manganese and especially oxygen had strong tendency to 
enrich on powder particle surfaces thereby decreasing the cohesion of particles during the HIP cycle. 
Thus, alloying additions in P/M materials need to be considered from the chosen processing route point 
of view.
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